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In this study, the stain accumulation during friction stir welding of pure Mg was predicted and verified at different rotation speeds, together with the detailed microstructural evolution. The results indicate that the strain accumulation can be divided into three stages: 1) acceleration flow, 2) high velocity flow, and (III) decelerate and constant velocity flow. The rate of strain accumulation was relatively low at both stage I and stage III, while it became extremely high at stage III. The higher the speed of rotation, the severe plastic deformation more easily occurred within the material. The accumulated strain of pure Mg were determined to be approximately 12.8 and 14.5 at the rotation speed of 1,000 and 1,500 rpm, respectively. Relatively believable equations were established by calculation and derivation. In addition, the microstructural evolution shows that that the friction stir welding processed pure Mg first experienced significant grain refinement during plastic deformation but led to an obvious grain growth at the later stage due to the heat effect by high temperature field.
Keywords: friction stir welding, pure magnesium, strain, microstructural evolution, electron back-scattered diffraction, empirical equations
INTRODUCTION
As one of structural metallic materials with the lowest density in engineering applications, magnesium (Mg) and its alloys have the following advantages such as high specific strength and high specific stiffness, high damping and electromagnetic shielding performance, and the excellent properties of casting and machining (Mordike and Ebert, 2001). Mg alloys have broad application prospects in automotive, electronics, aerospace and many other fields. However, low melting point, high thermal conductivity rate, and poor antioxidant capacity seriously influence the formability and welding performance of Mg and its alloys, thus restricting its further development and application (Avedesian and Baker, 1999).
As to the traditional welding processes, the welding performance of pure Mg material is poor. Mg materials are easily oxidized during welding processes, and MgO film with high melting point (∼2,500°C) can be formed on the surface of the material. The MgO film covers the molten pool and groove, which seriously affects the welding formation process. MgO inclusions formed during the welding process also make effects on the plasticity of the weld metal. In addition, the high thermal conductivity rate always results in the widening of heat affected zone, overheating and the microstructural coarsening. Thus, the mechanical properties of the welded joint become unsatisfactory. In recent years, much attention has been paid on friction stir welding (FSW) technology. As a new type of solid connection technology, cracks and inclusions caused by the melting welding can be effectively avoided by means of FSW technology (Chen et al., 2016a). Meanwhile, as one of the severe plastic deformation (SPD) technologies, FSW process can also result in the fine microstructure with excellent mechanical properties (Nikulin et al., 2012; Zhou et al., 2020).
According to the study of Yang et al. (2013), fine-grained Mg-10Gr-3Y-0.5Zr alloy was prepared by FSW. The alloy was subjected to superplastic deformation in the temperature range of 400–425°C, and a maximum tensile ductility of 1,110% was achieved. Yang et al. (2010) studied the effect of different shoulder dimensions on the FSWed Mg-3Al-Zn plates at a traverse speed of 100 mm/min and a rotation rate of 800 rpm. The results showed that as the shoulder diameter increased, the tensile strength of the welds tended to increase and the total elongation to fracture was significantly improved. Dissimilar FSW of ZK60 and AZ31 magnesium alloys was studied by Liu et al. (2013). The results showed that the dissimilar plates were joined successfully and no obvious defects were observed. Nevertheless, most studies merely focus on the forming ability of the FSWed Mg and its alloys and/or the corresponding microstructures and mechanical properties (Commin et al., 2012; Yang et al., 2011; Ahmadkhaniha et al., 2016). Studies on the variation of strain and/or strain rate of pure Mg during FSW processes are still limited. As one of the most important parameters of SPD process, the accumulated strain in the material can always directly affect the efficiency of the deformation process and the mechanical properties of the material, which can provide important reference to optimizing the processing parameters and the resultant mechanical properties of the materials (Pougis et al., 2012; Chen et al., 2018). Compared with equal channel angular pressing (Valiev and Langdon, 2006) and high pressure torsion (Zhilyaev and Langdon, 2008), the accumulated strain during FSW of pure Mg has not been yet determined until now (Liu et al., 2014; Liu et al., 2015a).
Some researchers attempted to acquire the strain and the metal flow state by numerical simulation. For instance, a new smooth particle hydrodynamics model for FSW technology was proposed by Pan et al. (2013). The flow behavior and the microstructure-mechanical properties relationship were analyzed during FSW of AZ31 Mg alloy. However, the value of strain and strain rate were not obtained according to their work. Dialami et al. (2018) established a kinematic framework for simulating the local flow during FSW, based on the Zener-Hollomon parameter and Hall-Petch relationship. The relationship among the average grain size, strain rate and temperature was studied. Nevertheless, it was still difficult to measure the temperature field of the actual FSW, considering multiple factors such as the geometry size of the probe and the cooling mechanisms, etc. Thus, the calculated strain was not consistent with the practical microstructural evolution. A computational fluid dynamics based- 3D thermo-mechanical model built by Albakri et al. (2013) was used to study the effect of FSW parameters on temperature field, material flow and strain rate of AZ31 Mg alloy. The results showed that the average stain rate was greatly affected by the rotational speed of the probe and traverse speed had seldom effect on the stain rate. Unfortunately, strong evidence was lacked in this research to verify the obtained strain rate values. Although simple numerical simulation method was proposed, it is still quite difficult to consider the effect of multiple factors, which may lead to the difference between the simulatedand measured results.
Recently, studies have been done to develop experimental methods to evaluate the strain and strain rate during FSW. Kumar et al. (2018) used an experimental simulation method to approximate the strain rate during FSW. Micro-spherical glass tracers in a transparent viscoplastic material together with particle image velocimetry technique were used. Morisada et al. (2015) established a three-dimensional visualization experiment to determine the strain rate of pure Al during FSW. Nevertheless, the strain could not be obtained directly but reversely derived from the strain rate. Liu et al. (2019a; 2019b) developed an experimental method by inserting the marker to approximately determine the strain and strain rate during FSW process of pure copper. However, the detailed microstructural evolution was not involved in this study. In the present study, Liu’s method was used for reference and pure Mg was selected to study the stain accumulation during FSW. Computational formula of stain accumulation was established according to the deformation process of the marker. Furthermore, the computational formula was derived so that its practicability was greatly improved. The stain accumulation of Mg material could be obtained directly by using the parameters of FSW process. In the present study, the microstructural evolution of the material was explored simultaneously. And the relationship between microstructural evolution and strain accumulation was obtained. This work can provide an important reference for the exploring the FSW parameters and tailoring the microstructures.
MATERIALS AND METHODS
The 5 mm-thick pure Mg plates were selected, and the initialmicrostructure was shown in Figure 1. It can be seen that the microstructure of the base metal is consisted of coarse and equiaxed grains with an average grain size of about 40 μm. The fraction of low angle grain boundary (LAGB) is only 4.9%.
[image: Figure 1]FIGURE 1 | The initial microstructure of the base metal.
As shown in Figure 2A, a thin foil of pure Cu was pre-set into the abutting surface of the two workpieces as the marker. Compared with Mg materials, pure copper has better plasticity. Also, it is difficult to diffuse the two layers between pure Mg and pure Cu during FSW. Simultaneously, these two materials can be distinguished directly through their colors. The tool sudden “stop action” was applied using the emergency stop, i.e., the FSW machine lost power suddenly and the tool was pulled out quickly. As for the welding parameters, a tool containing a concave shoulder of 16 mm diameter and a smooth cylindrical probe of 5 mm diameter and 4.8 mm length was used. The tilt angle of the tool was about 3°. The welding speed in this study was 200 mm/min. And the rotational speeds were 1,000 and 1,500 rpm, respectively.
[image: Figure 2]FIGURE 2 | Schematic illustration FWS process.
After the FSW process, the specimen containing the “stop action” zone and keyhole was collected using wire cutting. The specimen was ground 1 mm from the top using abrasive papers. Optical microscope was used to reveal the evolution of the marker in the “stop action” zone. As shown in Figure 2B, samples were collected from different positions of “stop action” zone for characterization. The samples were mechanically polished after grounding with abrasive papers of 800#, 1,500#, 3,000#, and 5,000#, respectively. Electron back-scattered diffraction was conducted on the samples which were final polished with Argon ion polishing to reveal the detailed microstructural features.
RESULTS AND DISCUSSION
Figure 3 shows the macro-graph of the keyhole (“stop action” zone). A plane-coordinate system is established: the center point of the probe hole is marked as the center position and the direction parallel to the welding direction is as the axis. The deformation status of pure Mg material at different positions can be obtained according to the shape and size of the marker. Compared with the study of Liu et al. (2019b), there exists obvious difference in the flow behavior of metals, resulting in different deformation states of the markers on the upper and lower surfaces. The appearance of this phenomenon is related to the nature of the material itself, which is affected by the shape of the stirring probe and the processing parameters (Han et al., 2019). In this study, the thickness of the Mg plates is relatively small (5 mm), and the shoulder diameter of the selected probe is large. The influence of the shoulder can reach the whole thickness, so that the metal flow at different layers is relatively consistent. The rotational speed of FSW selected in this study are 1,000–1,500 rpm. The higher the speed, the higher the temperature caused by FSW, and the better the fluidity of Mg. Meanwhile, a cylindrical probe is used in this study, and the length of the probe is close to the thickness of the pure Mg plate. The effect of probe on the metal flow on the upper and lower surfaces of the plate is basically the same. Thus, the metallographic observation of “stop action” zones of different thickness layers does not reveal obvious difference.
[image: Figure 3]FIGURE 3 | Metallographic photo of the “stop action” of FSW (1,000 rpm, 200 mm/min).
According to the status of the marker, the deformation process of FSW can be divided into three stages: 1) acceleration flow stage; 2) high velocity flow stage, and 3) deceleration and constant velocity flow stage. At stage I, the marker starts to deviate from the original position of the plate under the drive of the probe. The width of the marker becomes narrow, indicating that the flow velocity of the material gradually increases and the strain begins to accumulate. With the rotation of the probe, the material enters into the second stage. Together with the pure magnesium material flow, the marker is quickly stretched. The metal flow path becomes a circumferential movement around the probe. The width of the marker gradually decreases until it breaks, and the width of the copper foil in the end reaches ∼30 μm. In addition, the change of the marker is relatively uniform, which indicates that the change of the metal flow velocity is relatively stable. With the proceeding of deformation, the material enters into the third stage. During this period, the metal flows as a circular motion around the probe at an approximately uniform speed after a short period of the deceleration process. Finally, the metal is separated from the influence of the probe due to the forward movement of the probe. And the flow speed decreases rapidly until stops. The final deceleration process is slightly affected by the probe, and the accumulated strain is negligible. Therefore, this study only discusses the constant velocity flow stage and its previous evolution process.
According to the deformation characteristics of the marker, a geometrical method can be used to evaluate the change of the material strain during FSW. During the acceleration flow stage, the width of the marker does not change significantly, and the marker gradually deviates from the original position with the rotation of the probe. The deformation state of the marker can be decomposed into the shear strain perpendicular to the welding direction ([image: image]) and the compressive strain in the width direction of the marker ([image: image]). As shown in Figure 4, the deformation of each small unit can be approximated as synthesis of pure shear deformation and compressive strain. Thus the strain of each unit can be calculated by the following equation:
[image: image]
[image: Figure 4]FIGURE 4 | Acceleration flow stage and approximate deformation model.
It can be seen from Figure 4 that the value of γ increases from 0. When x = −3, γv reaches the maximum value. The accumulated strain of pure Mg during acceleration flow stage can be expressed by the following equation:
[image: image]
It can be calculated that the accumulated stain of the material during acceleration flow stage is very small, which is only ∼0.65.
The deformed metal flows circumferentially with the rotation of the probe, entering the high velocity flow stage from the acceleration flow stage (Figure 5). It can be seen from the deformation state of the marker that the material flow path becomes longer and the flow speed increases in this stage. Strain accumulates rapidly, and SPD occurs in the material in this stage. During the high velocity flow stage, the rotational probe provides compressive stress on the marker from the side, and the upper and lower surfaces of the marker are subjected to the compressive stress provided by the shoulder and the bottom plate. The driving force for the material flow comes from both the shoulder and the probe simultaneously, thus the velocity of the inner side may actually a bit larger than that of the outer side of the marker. Because the marker strip is very thin, the velocity gradient must be very low. Therefore, the deformation of the material during high velocity flow stage can be approximately equivalent to a tensile strain. As shown in Figure 5, the entire high velocity flow stage is divided into several small units. The strain on the upper and lower surfaces of each small unit can be approximated as. [image: image] is the tensile strain along the flow direction, and [image: image] is the compressive strain laterally. According to the principle of constant volume before and after deformation, [image: image]. According to the Mises yield criterion, the equivalent strain of each small unit can be expressed as:
[image: image]
[image: Figure 5]FIGURE 5 | High velocity flow stage and approximate deformation model.
Therefore, the equivalent strain accumulated in the high velocity flow stage can be approximately expressed as:
[image: image]
where lx is the width of the marker.
After SPD in the high velocity flow stage, the metal material reaches an approximately uniform flow state after a short deceleration process. As shown in Figure 6, during the forward movement of the probe, the flow of metal left noticeable band-like traces on the opposite side of the welding direction. The band-like traces are relatively uniform, indicating that the metal flow velocity is relatively stable. At this time, the metal flows in a circumferential direction around the probe. The deformation state of the material is close to the bending deformation, and the direction of the stress is directed to the center of the probe. According to Liu et al. (2015b) study, the tangential strain of any small unit in the bending deformation zone can be expressed as:
[image: image]
[image: Figure 6]FIGURE 6 | Deceleration and constant velocity flow stage.
The equivalent strain [image: image] is: [image: image] (Liu et al., 2015b) (6)where [image: image] is the distance from the center of probe to the unit, [image: image] is the distance from the center of probe to the neutral surface of bending deformation. Here [image: image].
Therefore, the accumulated strain when the metal flows through an angle of [image: image] is as follows:
[image: image]
According to the equations above, the cumulative strains of the materials in different positions in Figure 2B can be obtained as: [image: image], [image: image], [image: image]. The metal at position D is separated from the influence of the rotational probe, so that no more strain is accumulated. Thus the strain of the sample at position D is approximately the same as that at position C. It can be seen from the calculation results that after the FSW process, the material has accumulated a large amount of strain. The change trend of the strain is shown with the red curve in Figure 7. The x-axis in the figure is consistent with that from Figures 2–6. The curve shows that the cumulative rate of strain increases slowly in the acceleration flow stage and the high velocity flow stage. The cumulative strain is close to 2 after high velocity flow stage. When the deformation process gradually enters the deceleration and constant velocity flow stage, the curve shows a rapid upward trend. A large amount of strain accumulates in this stage, and the material undergoes SPD. The deceleration and constant velocity flow stage is the dominant stage of strain accumulation during FSW.
[image: Figure 7]FIGURE 7 | Distributions of strain and grain sizes of the samples at different positions.
In order to study the effect of deformation at different stages on the microstructures of the material, Figure 8 shows the microstructures of the material at different positions during the FSW process at 1,000 rpm. After the FSW process, the microstructures of pure Mg were significantly refined and the grains were fine and uniform. The average grain sizes of Sample A (Figure 8A), Sample B (Figure 8B), and Sample C (Figure 8C) are 15.0, 12.9, and 8.1 μm, respectively. According to the results of electron back-scattered diffraction, the fraction of LAGBs in Sample A, Sample B, and Sample C are 24.2, 35.5, and 41.3%, respectively. In the FSW process, the temperature in the stir zone is high, and dynamic recrystallization is the main mechanism for the grain refinement and generally the fraction of LAGBs decreased as a result of recrystallization. However, due to the SPD induced by FSW process, a large number of LAGBs appeared in the material, and the fraction of LAGBs significantly increased with the proceeding of FSW. As the rate of increase in the fraction of LAGBs caused by deformation exceeded the rate of decrease in the fraction of LAGBs caused by recrystallization, the actual fraction of LAGBs continuously increased with the proceeding of FSW process. When the metal flows to position C, the SPD process caused by FSW is basically completed, and the obtained microstructure should be the final state of the material. However, it can be seen from Figure 8D that the final microstructure (sample D) is obviously coarse, and the average grain size reached 14.9 μm. Moreover, the fraction of LAGBs in sample D is quite low, only 15.9%. During the process from position C to D, the material does not undergo plastic deformation, but the recrystallization process still proceeds, so that the fraction of LAGBs decreases rapidly. After the recrystallization process is completed, under the influence of the high temperature, the microstructure of the material grows up obviously. The blue curve in Figure 7 shows the variation tendency of the grain size of the material during the FSW process. During the acceleration flow stage, the strain introduced by FSW is very small, and the grain refinement is not obvious. In the high velocity flow stage, the metal flow is accelerated, resulting in SPD. Under the combined effect of recrystallization and SPD, the microstructure is significantly refined. In this stage, the grain size decreases the fastest, and the microstructure refinement is the most obvious. During the deceleration and constant velocity flow stage, the strain of the material increases rapidly, and the grains are further refined. Finally, a fine structure with an average grain size of <10 μm is obtained.
[image: Figure 8]FIGURE 8 | Microstructures and grain size distributions of the samples at different positions of the “stop action” zone showed in Figure 2B. (A) position A; (B) position B; (C) position C; and (D) position D.
During the FSW process in this study, the cumulative strain from position C to position D did not change, but the microstructure grew up significantly and the fraction of LAGBs decreased significantly. The high temperature caused by friction is the main reason for this phenomenon. Studies by Lambrakos (2018) and Woo et al. (2017) show that the temperature of the stir zone of Mg alloy during FSW can exceed 450°C and even as high as 550°C. According to the study of Commin et al. (2009), the ultimate temperature of Mg alloy produced by FSW process can be expressed by the following empirical formula,
[image: image]
Tm is the melting temperature of the Mg material (610°C), W is the rotational speed of the probe, V is the welding speed, and the constants α = 0.0442 and K = 0.8052 (Commin et al., 2009). It can be calculated that the resulting temperature under the FSW parameters (1,000 rpm of rotational speed and 200 mm/min of welding speed) can reach to ∼475°C. At this temperature condition, recrystallization and grain growth will significantly take place in pure Mg material.
According to the results of accumulated strain calculated above (Eqs. 2, 4, and 7), the size evolution of the marker can be approximated with the rotational speed (W), welding speed (V) and the diameter (d) of the probe. Thus, the formula is derivated as follows:
[image: image]
where k is a coefficient with dimension of 1, whose value is affected by the nature of the material and the welding speed V. θ is the angle that the flowing metal turns with the probe. The strain can be approximately predict before FSW process by using Eq. 9.
In order to verify the rationality of the above results, the same pure Mg sheet was used for FSW process with different parameters (1,500 rpm, 200 mm/min), and the welded samples were characterized. As shown in Figure 9, the pure Mg material after FSW process at 1,500 rpm has a similar evolution process as that at 1,000 rpm. During the deceleration and constant velocity flow stage, obvious recrystallization and grain growth occurred. During the FSW process, the average grain sizes of the samples at positions B (Figure 9B), C (Figure 9C), and D (Figure 9D) were 11.9, 6.5, and 10.3 μm, respectively. Compared with the sample at the same position at 1,000 rpm, the microstructure of the material is obviously further refined. It can be obtained that the fianl temperature caused by friction at 1,500 rpm is about 485°C (Eq. 8). Although the rotational speed of the probe is increased, the temperature field does not change significantly. The experimental results of Chang et al. (2004) showed that, when the rotational speed exceeds 1,000 rpm, the temperature of Mg alloys caused by friction of FSW process does not change a lot with the further increase of the rotational speed. The results of Park and You (2015) show that the mechanical properties of Mg alloys change little when the deformation temperature is about 450–500°C.
[image: Figure 9]FIGURE 9 | Results of the experiments of the plates FSWed with 1,500 rpm. (A) Metallographic photo of the “stop action”; (B) Microstructure at position B; (C) Microstructure at position C; and (D) Microstructure at position D.
In the present study, the temperature fields under different rotational speed conditions are not much different. It can be considered that the temperature influence on the microstructure evolution is relatively consistent at 1,000 and 1,500 rpm. Therefore, the ability of the FSW process to refine the microstructure of the material mainly depends on the rotational speed of probe. The faster the rotational speed of the probe, the more strain accumulated inside the material, the more obvious the grain refinement will happen. Studies (Albakri et al., 2013; Hung et al., 2007) show that the lower the speed of the probe during FSW process, the finer microstructure of Mg alloy can be obtained, which is contrary to the results obtained in the present study. The main reason for the opposite results is the difference in temperature fields. In the present study, the temperature fields obtained at different rotational speeds are not significantly different, and the effects of the temperature fields on the material are about the same. The temperature differences produced by the FSW process in Albakri et al. (2013) and Hung et al. (2007) are 60 and 70°C, respectively. The large temperature difference will obviously affect the grain growth process. Simultaneously, the higher temperature easily causes larger range of high temperature field, so that the grain growth process extends for a long period. Therefore, the lower temperature field during FSW process resulted in the finer microstructures.
Adopting to the method described in this study, the cumulative strain of pure Mg at different positions at 1,500 rpm was measured by inserting the marker into the butting surface of the workpieces. A plane-coordinate system is established: the cumulative strain and the position of the deformed material are as axes. The results are shown in Figure 10. The red and blue curves are the curves plotted by Eq. 9 underboth 1,000 and 1,500 rpm, respectively. In the acceleration flow stage and high velocity flow stage, the cumulative speed of strain is slow, thus the curves are not significantly different. In the deceleration and constant velocity flow stage, the cumulative speed of strain is faster at 1,500 rpm than that at 1,000 rpm, and the value of accumulated strain is higher, thus the finer microstructure is obtained. In this study, the difference value between the cumulative strains at different rotational speeds is close to 2. Studies (Fan et al., 2012; Xu et al., 2017; Chen et al., 2016b) indicated that each increase of 1 in the accumulation of strain during SPD has a significant effect on the microstructure of the material. Especially when the grain size is large, the influence of the strain is more significant. The black dots are the strain values actually measured at 1,500 rpm (Figure 9A), and they agree well with the curve drawn by the formula (the blue curve), indicating that the obtained empirical formula (Eq. 9) is credible.
[image: Figure 10]FIGURE 10 | Changes of the strain at different parameters of FSW.
CONCLUSIONS
(1) The studied pure Mg plates were successfully welded at the welding speed of 200 mm/min, probe rotational speeds of 1,000 and 1,500 rpm. The final microstructure obtained after FSW is fine and homogeneous. The higher the rotational speed of the probe, the finer microstructure obtained.
(2) The accumulation of strains during the FSW process was calculated by inserting a marker (pure copper foil) into the butting surface of the two workpieces. The process of accumulating strain can be divided into three stages. The higher the rotational speed of the probe, the more severe the deformation occurs in the material. The values of the accumulated strain of the material are 12.86 and 14.5 at the rotational speed of 1,000 and 1,500 rpm, respectively.
(3) A credible empirical formula is established to characterize the cumulative process of the strain during FSW process. For this formula, only the welding parameters of the FSW process are needed to approximate the accumulated strain of the material at different deformation stages.
(4) The microstructural evolution during FSW of pure Mg shows that the final microstructure is is significantly refined due to the combined influence of SPD and recrystallization. However, significant grain growth occurred after strain accumulation, which is due to the high temperature field caused by friction.
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This work developed a well-bonded bcc/fcc bimetal interphase, which was produced by a two-step process involving diffusion bonding and conventional rolling. The high-quality interface maintained its integrity even at fracture. The earlier tensile instability in the core steel layer was constrained by the neighboring stable Cu layers on both sides, leading to extra strain hardening and consequently higher ductility. An increase in twin density or slip bands and shear deformation between the layers might be the primary causes for the observed hardening behaviors in the near-interface regions.
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INTRODUCTION
A major motivation for manufacturing bimetal materials is to satisfy unique combinations of enhanced properties while reducing the overall cost (Zheng et al., 2013; Beyerlein et al., 2014a; Beyerlein et al., 2014b; Kong et al., 2019; Li et al., 2020; Zhao et al., 2020). So far, there have been attempts to reduce material costs by cladding a high strength mild steel plate in an anticorrosive material such as aluminium, copper, titanium, stainless steels, etc. (Yang et al., 1996; Gurgutlu et al., 2005; Zhang et al., 2011). Although conventional cladding technology, i.e., diffusion bonding, possesses great advantages for joining these dissimilar materials (Zhao et al., 2020), the technique is inappropriate for practical application, especially for large-scale structural materials such as sheets, in part due to the limited dimensions and lower productivity (Guo, 2015).
Alternatively, accumulative roll-bonding (ARB) (Saito et al., 1999) has been applied to examine the possibility of bonding dissimilar materials, including Ti/Al (Yang et al., 2010), Cu/Ag and Cu/Zr (Ohsaki et al., 2007), Al/Cu (Toroghinejad et al., 2013), with the aim of studying the influence of processing parameters on the interface microstructure and overall mechanical properties. Additionally, the study of bimetal interfaces has recently been of interest. For example, Ma et al. (Wu et al., 2014) explored a laminate nanostructured (Cu-Zn)/coarse-grained (pure Cu) structure, and investigated the influence of grain size difference across the interface on the mechanical behavior. It was found that the interface caused by tensile instability plays a crucial role in the overall strengthening and co-deformability of GS materials. Beyerlein et al. (Beyerlein et al., 2014a; Beyerlein et al., 2014b) and Zheng et al. (Zheng et al., 2013) demonstrated the emergence of a plastically and thermally stable Cufcc/Nbbcc interface during ARB. However, the deformation behavior of the bcc/fcc interface in these bimetallic materials during subsequent plastic deformation has yet to be fully investigated, even though it does play a crucial role in the overall strengthening and co-deformability (Beyerlein et al., 2012; Wu et al., 2014; Ma et al., 2015).
The aim of the present work is, therefore, to study the deformation behavior of a bcc/fcc bimetal interface in a tri-layered Cu/mild steel/Cu laminate sheet, which is produced by combining diffusion bonding with commercial rolling. Particular emphasis is placed on the fundamental understanding of the co-deformability and hardening behaviors between the layers through interrupted tensile testing coupled with nano-indentation.
EXPERIMENTAL PROCEDURES
Commercial pure copper (∼10 mm thick) and mild steel (0.12C-0.3Si-0.4Mn, ∼50 mm thick) plates were used to produce the tri-layered Cu/steel/Cu laminate sheets. After a surface cleaning treatment, diffusion bonding was performed at 850°C and 20 MPa in a protective Ar atmosphere to form a strong interfacial bond, followed by hot rolling to an overall thickness of 3.5 mm at ∼880 °C. After annealing at ∼800°C for 1 h and furnace cooling to room temperature, the laminate sheets were further cold rolled to ∼1 mm in one pass, perpendicular to the hot rolling direction.
A series of laminate samples with gauge dimension of 25 × 6 × 1 mm3 were cut from the rolled sheets. Interrupted tensile tests were performed to four different levels of strain, i.e., 6, 13, 20, 24% (fracture) at a strain rate of 1.0 × 10−4 s−1. Additionally, the pure Cu layers on both sides were removed by mechanical polishing to compare the core mild steel with the laminate sample under the same deformation conditions.
Microstructures and elemental mapping in the near-interface regions were characterized by a FEI Quanta 3D FEG-SEM with TSL OIM EBSD and Electron Dispersive X-ray Spectroscopy (EDS) systems. Scanning electron microscopy (FEG-SEM; Zeiss-Supra 55 VP) was used to examine the fracture surface and interfacial features.
Nano-indentation measurements were carried out on all interrupted and fractured laminate samples using a Berkovich indenter at room temperature, based on the continuous stiffness measurement mode. A peak force of 0.5 mN was applied with a constant loading rate of 5 μN/s. The average hardness value of each point was determined using experimental raw data from at least 10 separate indents.
RESULTS AND DISCUSSION
Figure 1A is a cross-sectional EBSD map showing the typical microstructures, consisting of pure copper layers (∼130 μm) on each side and a mild steel layer inside (∼870 μm). Further analysis of a high-resolution EBSD image (Figure 1B) reveals that the initial bimetal interface exhibits a continuity of the bond and no dramatic crack or delamination is visible from the bcc Fe to fcc Cu. The orientation profiles in Figure 1C demonstrate that the bimetal interface has much higher angle misorientations than the conventional ferrite grain boundary. The emergence of such a low-energy boundary structure probably leads to the excellent mechanical stability of the bimetal interface (Beyerlein et al., 2014a; Beyerlein et al., 2014b). The exact Cu/Fe interface can be identified by EDS, Figure 1D. The elemental distribution profiles of Fe and Cu have relatively steep slopes, implying no significant bulk diffusion from each side during processing. As demonstrated in the Fe-Cu binary phase diagram (Atabaki et al., 2011), there is very limited solubility of Fe in Cu, and the diffusion coefficient of Cu in Fe is very low (i.e., 1.3–2.4 × 10−4 cm2/s) even at a relatively high temperature (i.e., 1073–1173K) (Salje and Feller-Kniepmeier, 1977). Therefore, all of above characteristics confirm a well-bonded and sharp bcc/fcc bimetal interface.
[image: Figure 1]FIGURE 1 | A representative cross-sectional structure of the tri-layered Cu/steel/Cu composite and interface features: (A) Unique grain color EBSD map indicating a copper-clad steel microstructure; (B) High-magnification image quality (IQ) map displaying a well-bonded Fe/Cu interface and three distinct zones; (C) Difference in misorientation angles between the ferrite grain boundary (GB) and the heterophase interface, corresponding to Line 1 and 2 in b, respectively; (D) An energy-dispersive X-ray Spectroscopy (EDX) profile showing elemental distribution of copper, iron and oxygen across the bond interface.
Figure 2A shows the flow curves of the laminate samples interrupted at 6, 13, 20 and 24% (rupture), in conjunction with the steel layer after removing the pure Cu layers by mechanical polishing. One noteworthy feature of the stress-strain curves is that the overall yielding behavior is more like steel than Cu. The tensile uniform elongation increases by 2.5% with a slight decrease in flow stresses by ∼40 MPa when compared to the steel layer. Another important fact is that such laminate structures offer the exceptionally high tensile stress over the pure copper i.e. the yield stress is ∼4 times as high, while minimizing material cost by using a cheap steel core.
[image: Figure 2]FIGURE 2 | (A) Representative true stress (σ) and strain hardening rate, θ vs. true strain curves obtained at the strain rate of 10−4 s−1, in conjunction with interrupted tensile tests to 6%, 13% and 20%, respectively; (B) Nano-hardness distribution profiles near the bimetal interface with applied strain, and error bars are determined from a range of experimental data (>10) on different rows with the same distance away from the interface; (C) Comparison of the experimental and fitted flow curves by Hollomon’s equation. Here, n* is the average strain-hardening exponent, K is the strength coefficient and r2 is the correlation coefficient.
During uniform deformation, the relationship between true stress and true strain of each component, i.e., bcc steel or fcc Cu, can usually be described by the Hollomon equation σi = kiεni. It is found that there is relatively good agreement between the fitted and experimental curves (Figure 2C), probably due to relatively thinner and softer Cu layers when compared to the steel layer. However, the n* value predicted by Hollomon law is 0.256, which is higher than the normal instantaneous n value (< 0.2) of a conventional mild steel at room temperature. The higher n value tends to restrict the onset of strain localization and the growth of sharp grain gradients.
Taking into account the negligible influence of thin Cu layers on the overall flow behavior of the laminate structure, the hardening behaviors are analyzed and compared with the steel layer using the curves of strain hardening rate (θ = dσ/dε) vs. true strain (ε), Figure 2A. In contrast, at the completion of a pronounced plateau in flow stress, the laminate sample exhibits an abrupt increase in stress with applied strain, corresponding to a stronger hardening capability with the maximum θ value of ∼5,000 MPa. Interestingly, the laminate sample behaves in a more typical manner showing a slower decrease in θ than the steel layer over a large stain range (> 0.1). The dramatic difference in hardening behaviors suggests that extra strain hardening is produced near the bcc/fcc interfaces between the soft surface layers and hard middle layer.
A more detailed analysis of this hardening behavior has been performed utilizing a series of interrupted tensile tests coupled with nano-indentation. As is commonly observed the hardness (H) values increase with the applied strain, Figure 2B. However, further analysis of the data reveals that the increment in hardness (△H) is closely related to various plastic deformation stages, as summarized in Table 1.
TABLE 1 | The increment in hardness of each individual layer as a function of the applied strain during tensile testing.
[image: Table 1]Even though the overall flow behavior will be dominated by the much thicker steel layer, it is still interesting to examine the hardness of the Cu layer. Using an increase in hardness to indicate an increase in strength, after straining to 0.058 (stage I), the Cu layer is strengthened by ∼21%, while the increase is ∼36% for the steel layer. Even though both layers undergo relatively large strengthening at the initial stage, the hard steel layer is still the major contributor to the macroscopic strengthening compared to the soft Cu layer. Subsequently, the Cu layer exhibits stronger strengthening, with the relative increase in strength being equivalent to the steel layer at a true strain of 0.18. The unique strengthening is consistent with the above analysis of strain hardening behavior in Figure 2A. In this case, the earlier tensile instability in the middle steel layer is constrained by the neighboring stable Cu layers on both sides. Actually, the mutual constraint between the layers adds extra strain hardening, and consequently enables the steel layer to uniformly deform further (Wu et al., 2009). This is also the reason why the laminate sample has a slower decrease in strain hardening rate than the middle steel layer with the applied strain (> 0.1). Therefore, the unstable steel layer needs to form an integral bulk with the stable Cu layers to be effective in producing extra strain hardening to postpone the onset of necking (Evans and Hirth, 1992; Gutierrez Urrutia and Raabe, 2012).
Typical microstructural evolution with tensile strain in the near-interface region has also been illustrated in Figure 3, where two levels of engineering strain, 13 and 24% are selected. After straining of 13%, the Cu layer exhibits striations in the form of parallel packets that evolve preferentially in fcc grains with orientations close to <110> and <111>, Figure 3A (annealing twinning). In contrast, the steel layer has slip bands that form in the <111> and <001> textured bcc grains, Figure 3B. The activation of additional twinning or slip systems during straining can be explained by the fact that irregular crystal rotations happen, especially in the regions adjacent to the bcc/fcc interfaces, due to shear deformation (Figure 4C) by the mutual constraint between the soft and hard layers (Wu et al., 2009). With an increase in deformation strain to 24% (failure), there clearly exists the annealing twins (Figures 3C, 4), which act as an effective obstacle to dislocation movement and therefore decrease the ease of plastic deformation will strengthen the material. Therefore, it can be concluded that existence of annealing twins or an increase in slip bands during straining and shear phenomenon by the mutual constraint between the layers may be the primary causes for the observed strengthening in the near-interface regions.
[image: Figure 3]FIGURE 3 | Inverse pole figure maps showing the evolution of the cross-sectional microstructure with tensile deformation conditions: (A) fcc grains with twin boundaries in the Cu layer, and (B) bcc grains with slip bands after a tensile strain of 13%; (C) fcc-bcc bimetal interface in the sample fractured at a tensile strain of 24%. (D) shows a misorientation profile along the yellow line (C) cross the interface.
[image: Figure 4]FIGURE 4 | Overview of SEM fractographs of the Cu/steel bimetal interface after tensile failure. (A) Representative morphology at the lateral fracture interface; (B) Overall fractograph after fracture and (C) Shear phenomenon between Cu and steel layers.
The integrity of the bcc/fcc bimetal interface after tensile testing is examined by SEM, revealing a continuity of the bond, i.e., no inner cracks or debonding over the entire deformation zone, Figure 4A. The fracture surface in Figure 4B demonstrates a typical dimple-like character in the near-interface regions, suggesting that the laminate samples fractures in a ductile manner. Another noteworthy feature of the fracture surface is shear deformation occurring between the interfaces, Figure 4C. The origin of the shear phenomenon is a result of the response to the mismatched tensile instabilities across the interfaces, and therefore, the mutual constraint between the soft and hard layers actually gives rise to extra strengthening. As a result, the earlier necking in the unstable steel layer may be quickly supressed by the neighboring stable Cu layers on both sides (Balke and De Hosson, 2001; Quadir et al., 2009; Wu et al., 2014; Ma et al., 2015; Liu et al., 2017; Liu et al., 2018).
CONCLUSION
In summary, a two-step process involving diffusion bonding and conventional rolling has been successfully applied to produce a well-bonded bcc/fcc bimetal interface. The laminate structure behaves in a more typical manner showing a slower decrease in θ than the steel layer over a large true strain range of 0.1–0.2, implying extra strain hardening, and thus higher ductility. The newly developed laminate structure offers a much higher tensile stress over the pure copper i.e., the yield stress is ∼4 times as high, while minimizing material cost by using a cheap steel core. An increase in twin density or slip bands and shear deformation by the mutual constraint between the layers may be the primary causes for the strengthening behaviors in the near-interface regions. Furthermore, the high-quality bcc/fcc interface maintains its integrity even at fracture. This preliminary work indicates the well-bonded fcc/bcc bimetal interface plays a critical role in suppression of tensile instabilities of laminate composites.
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The hydrogen diffusion behavior and hydrogen embrittlement susceptibility of dual phase (DP) steels with different martensite content were investigated using the slow strain-rate tensile test and hydrogen permeation measurement. Results showed that a logarithmic relationship was established between the hydrogen embrittlement index (IHE) and the effective hydrogen diffusion coefficient (Deff). When the martensite content is low, ferrite/martensite interface behaves as the main trap that captures the hydrogen atoms. Also, when the Deff decreases, IHE increases with increasing martensite content. However, when the martensite content reaches approximately 68.3%, the martensite grains start to form a continuous network, Deff reaches a plateau and IHE continues to increase. This is mainly related to the reduction of carbon content in martensite and the length of ferrite/martensite interface, which promotes the diffusion of hydrogen atoms in martensite and the aggregation of hydrogen atoms at the ferrite/martensite interface. Finally, a model describing the mechanism of microstructure-driven hydrogen diffusion with different martensite distribution was established.
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INTRODUCTION
As the automobile industry has developed rapidly, lightweight automobile components have become important means for conserving energy and reducing emissions (Li et al., 2003). Dual phase (DP) steel composed of ferrite and martensite has become a favored material for the manufacturing of automobile structural parts, reinforcement parts and anti-collision parts due to the inherent high strength, sound formability and weldability (Sirinakorn et al., 2014). DP steels of different strength grades can be obtained by controlling the martensite content (Khan et al., 2008). However, the presence of hydrogen permeation in materials during processing, pickling, welding and service is prone to the risk of hydrogen embrittlement (Robertson et al., 2015). Furthermore, the magnitude of the hydrogen influence increased with increasing strength, severely limiting the development of high strength DP steels (Loidl et al., 2011).
Using the in-situ tensile test and SEM observation, Koyama (Koyama et al., 2014) found that hydrogen atoms gathering on the martensite promoted the cleavage fracture of martensite phase. Under static hydrogen charging, the interface of ferrite/martensite and martensite lath would become wider with increasing hydrogen charging current density, resulting in microcracks (Sun et al., 1989). Therefore, hydrogen embrittlement susceptibility of DP steel is related to the martensite. Previous studies have shown that hydrogen embrittlement is generally caused by local hydrogen enrichment trapped at dislocations, grain boundaries etc. and a high density of hydrogen traps would reduce the diffusion coefficient of hydrogen (Hadžipašić et al., 2011a; Loidl et al., 2011; Robertson et al., 2015). Steels containing martensite phases have higher capacities for capturing hydrogen atoms than those containing other types of phases, such as ferrite, pearlite, etc., and therefore steels with relatively low hydrogen diffusion coefficients will be more susceptible to hydrogen embrittlement (Hadžipašić et al., 2011a; Hadžipašić et al., 2011b; Hui et al., 2019). Meanwhile, with the increase of the martensite content, the concentration of hydrogen traps increased, and the effective hydrogen diffusion coefficient decreased (Liu et al., 2016a; Liu et al., 2018). As a result, compared with the DP980 steel, DP1200 steel is more sensitive to hydrogen embrittlement and the tensile elongation decreased from 9 to 5% after hydrogen charging (Loidl et al., 2011).
However, the increasing of martensite content is often coupled with a change in distribution morphology. Davies (Davies, 1981; Davies, 1983) found that hydrogen embrittlement susceptibility of DP steel did not increase linearly with increasing the martensite content from 0 to 45%. When the martensite content is lower than 30%, hydrogen embrittlement susceptibility increases with martensite content increasing. However, when the martensite content increases to 30%, the martensite phase starts to distribute continuously along the grain boundary and hydrogen embrittlement susceptibility reaches a stable value. But up till date, how martensite content and morphology distribution affects hydrogen diffusion is still not investigated.
Therefore, in this study, we investigated the hydrogen embrittlement behavior of DP steels using slow-strain rate tensile tests. The electrochemical permeation technique was used to investigate hydrogen diffusion behavior, particularly focusing on the influence of martensite distribution on hydrogen diffusion. A mathematical relationship was established between the effective hydrogen diffusion coefficient and the hydrogen embrittlement index to evaluate the hydrogen embrittlement susceptibility from the perspective of hydrogen diffusion.
EXPERIMENTAL SECTION
Material Characterization
Cold rolled steel sheets with an as-received thickness of 1.4 mm were used in this study. The chemical composition of the steel is presented in Table 1. Samples of 200 mm × 50 mm cut along the rolling direction were annealed in a tube vacuum furnace for 30 min and quenched in water. Based on thermo-calc software (Ac1 = 780°C, Ac3 = 870°C), the annealing temperatures of 780, 810, 840, and 870°C were selected to obtain the desired quantity of martensite. A microstructural study of the samples was conducted using a high-resolution SEM (FEI Nova 400 Nano). Combined with Image Pro Plus software, martensite content, average grain size and length of the ferrite/martensite interface were counted by ten SEM photographs in 5,000× magnification. The detailed microstructure of the martensite was analyzed by JEM - 2101FXⅡTEM.
TABLE 1 | Chemical composition of the experimental steel (wt %).
[image: Table 1]Testing of Hydrogen Embrittlement Susceptibility
Hydrogen embrittlement susceptibility measurements were carried out on pre-polished tensile samples (26 mm × 6 mm × 1.4 mm) using a slow strain rate tensile test machine (WDML-3) under in situ electrochemical H-charging. The device and specimen shape were shown in Figure 1. The same method was also described in literature (Yuan et al., 2018). The strain rate was selected as 1 × 10−6 s−1 to facilitate keeping the diffusion of hydrogen atoms in step with the dislocation movement, thereby resulting in hydrogen embrittlement (Kumamoto et al., 2019). Both the hydrogen-charged and uncharged specimens were subjected to tensile test, with the former group referred as “H-charged” group, and the latter group referred as “air” group. For H-charged group, hydrogen charging tests were carried out in an aqueous solution of 0.5 mol/L H2SO4 and 1 g/L Na4P2O7 with a current density of 10 mA/cm2. The solution was purged with N2 for 2 h prior to testing to remove any oxygen and continuously purged with N2 throughout the experiment.
[image: Figure 1]FIGURE 1 | Experimental set-up for tensile test under in situ electrochemical hydrogen charging, the dimensions of specimen are in mm.
Hydrogen Permeation Test
The hydrogen diffusion behavior of the DP steels was investigated using the hydrogen permeation test conducted in double electrolyte-cells (Chen et al., 2019). The dimensions of the samples used were 20 mm × 30 mm × 1.4 mm. Both sides of the specimens were polished to eliminate flux-limiting surface impedances and ensure the reliability of the measurement of the hydrogen oxidation current. A circular area of 1 cm2 was exposed to the electrolytic cells. The receiving cell was filled with 300 ml of 0.1 mol/L NaOH before applying a constant positive voltage of 250mV to the steel membrane. When the anode current fell below 10–8 A, 300 ml of 0.5 mol/L H2SO4 and 1 g/L Na4P2O7 were added to the hydrogen charging cell and a charging current of 10 mA/cm2 was maintained. When the permeation rate achieved a steady-state level, the successive decay curve was measured after stopping the current and discharging the acid solution, until the anode current dropped below 10–8 A. The solution used was deoxidized in advance and the N2 continued to pass through the solution during the experiment. All experiments were performed at room temperature. To ensure reliability of the experimental data, each test was repeated at least three times.
Hydrogen Microprint Test
Immediately after hydrogen charging, the charging sides of original samples without tensile were lightly polished and etched with 2% nital. Hydrogen microprinting was achieved by immersing the samples in a solution of a 10 g AgBr emulsion in 20 ml of 1.4 mol/L NaNO2 at 45°C for 30 min in the darkroom. Hydrogen atoms were replaced by Ag on the specimen surface from the solution via a redox reaction (Ohmisawa et al., 2003). The specimens were rinsed in a 5% NaNO2 aqueous solution. The microstructure was analyzed to determine the distribution of silver particles on SEM.
RESULTS
Microstructure Characterization
Figure 2 showed that the microstructure of annealed samples consisted of both ferrite (F) and martensite (M). The martensite was small and discontinuous when annealed at 780°C. However, with the increase of annealing temperature, the content and the size of martensite increased. Martensite grains were gradually in a continuous manner over the ferrite grain boundaries. Distribution of martensite changed from semi-continuous style to a continuous network. The length of the ferrite/martensite (F/M) interface initially increased and subsequently decreased, as showing in Table 2. It is mainly because the length of the F/M interface depended largely on the size of dispersed martensite when the martensite distribution is discontinuous, while it depended on the ferrite size when martensite was distributed in a continuous network. Figure 3 revealed a high density of dislocations in the ferrite region around the F/M interface. In addition, a high density of lath boundaries and dislocations were observed within the martensite.
[image: Figure 2]FIGURE 2 | SEM images of DP steels after annealing at (A) 780°C; (B) 810°C; (C) 840°C; and (D) 870°C.
TABLE 2 | Content of martensite, average size of ferrite (F), average size of martensite (M) and length of ferrite/martensite (F/M) in DP steels.
[image: Table 2][image: Figure 3]FIGURE 3 | TEM images of DP steel with 68.3% martensite content: (A) Dislocations in the ferrite region around the F/M boundary; and (B) dislocations and lath boundaries in the martensite.
Hydrogen Embrittlement Susceptibility
When the specimen was stretched slowly in an acidic solution, the plastic index decreased, causing embrittlement of the material, known as hydrogen-induced plastic loss. The hydrogen embrittlement index (IHE) is defined as (Loidl et al., 2011):
[image: image]
where δ0 is the elongation of specimens in air and δH is the elongation of specimens with hydrogen charging. IHE can vary from 0% with no ductility loss, to 100% with total loss in ductility.
The tensile strength and total elongation of the samples decreased significantly due to hydrogen charging (Figure 4A). An increase in annealing temperature resulted in an increase in martensite content and consequently the hydrogen embrittlement index (Figure 4B). Figure 4C shows the variation of strength in ferrite and martensite. With the increase of martensite content, the strength of ferrite increases while the martensite’s decreases. The strength of ferrite can be calculated by the formula (Jahanara et al., 2019), [image: image], where [image: image] is lattice friction (49 MPa), [image: image] is constant (500 MPa [image: image]), and d is the grain size of ferrite (see Table 2). The martensite’s strength can be achieved by the formula (Xia and Zhou, 2000), [image: image], Cm is the carbon content in the martensite, which can be obtained by thermo-calc software. The values are 0.589, 0.475, 0.301, and 0.220% respectively corresponding to the martensite content with 18.5, 46.7, 68.3, and 96.3%.
[image: Figure 4]FIGURE 4 | (A) Stress-strain curves; (B) hydrogen embrittlement susceptibility; and (C) strength of ferrite and martensite of DP samples with different martensite content.
Figure 5 shows the fracture surface morphologies of the tensile steels. The fracture surface morphologies of the non-charged samples present ductile fracture features (Figures 5A,B). After hydrogen charging, the proportion of brittle fracture characteristics increases gradually with increasing martensite content. Uniform ductile dimples (DD) appear on the sample with low martensite content 18.5% (Figure 5C), the dimples (DD) become shallower, and some quasi-cleavage (QC) fracture features appear with increasing martensite content (Figure 5D). When the martensite content reaches over 68.3%, the fracture completely exhibits brittle characteristics of a quasi-cleavage (QC) fracture (Figure 5E) and intergranular fracture (Figure 5F). Combined with microstructural observation in Figure 2, it was found that when the martensite content is low and the martensite are distributed, the steel is mainly characterized by ductile fracture. As the martensite content increased, the martensite became a continuous network and the fracture surface presents brittle features.
[image: Figure 5]FIGURE 5 | Fracture surface morphologies of DP steels with different martensite content: (A) 18.5% with non-charged; (B) 96.3% with non-charged; (C) 18.5% with H-charged; (D) 46.7% with H-charged; (E) 68.3% with H-charged and (F) 96.3% with H-charged.
Lateral fracture surface morphology examination showed several secondary hydrogen-induced cracks, which formed on the surface of tensile samples with low martensite content, are perpendicular to the direction of tensile stress and adjacent to the main fracture (Figure 6). When the martensite content reached 68.3%, brittle fractures occurred directly in the hydrogen charging solution without any cracks on the side of the fracture. Detailed SEM observation revealed that the most secondary hydrogen-induced cracks was initiated at the F/M interface and propagated toward the martensite, whereas the ferrite acted as crack propagation barriers (Figure 7A). As the martensite content increased, the grain size of martensite increased, and the hydrogen-induced cracks started to propagate continuously throughout martensite grains (Figure 7B). Hydrogen microprinting confirmed that most of the silver particles clustered at the ferrite/martensite interfaces (Figure 8), indicating the aggregation of hydrogen atoms at the interface.
[image: Figure 6]FIGURE 6 | Lateral fracture surface morphology of DP steel with martensite content in 18.5%.
[image: Figure 7]FIGURE 7 | Hydrogen-induced cracks of DP steels with different martensite content: (A) 18.5%; and (B) 46.7%.
[image: Figure 8]FIGURE 8 | (A) Hydrogen microprints showing hydrogen concentration at the F/M interface in a sample with 18.5% marteniste content; and (B) the corresponding enlarged image.
Hydrogen Permeation Test
Hydrogen diffusion in DP steel is strongly influenced by the presence of martensite. As the martensite content increased, both the permeation time and desorption time increased, while the steady state current decreased (Figure 9).
[image: Figure 9]FIGURE 9 | Hydrogen permeation curves of DP samples: (A) Hydrogen permeation during charging step; and (B) hydrogen permeation during desorption step.
Permeation experiments allow the determination of hydrogen permeation parameters via the following methods (Liu et al., 2016b). The hydrogen flux through the sample was measured by the steady state hydrogen current density, [image: image], which is converted into hydrogen permeation flux, [image: image] by Eq. 2.
[image: image]
where A is the sample area and F = 96,485 C/mol is the Faraday constant. In this study, A = 1 cm2. The effective hydrogen diffusivity, Deff, can be calculated by Eq. 3.
[image: image]
where L is the thickness of the sample and [image: image] is the corresponding time for 0.63[image: image], as shown by the arrows in Figure 9A. In this work, L is 1.4 cm. The hydrogen concentration at the charging side, C0, can be calculated by Eq. 4.
[image: image]
The hydrogen trapping density can be estimated by Eq. 5.
[image: image]
DL is the lattice diffusion coefficient of hydrogen, which can be estimated by fitting the permeation Eq. 6 to the experimental permeation during the 1–0.8 desorption step.
[image: image]
where [image: image] is the initial steady-state permeation rate at time t = 0, and [image: image] is the steady-state permeation. The accuracy of the fitting curve that can be met with n is 0, 1, 2, 3, 4.
Table 3 shows the hydrogen permeability parameters in DP steels. As the martensite content increased, the hydrogen trapping density NT increased, and the effective hydrogen diffusion coefficient Deff and the hydrogen permeation flux J∞ decreased.
TABLE 3 | Hydrogen permeation parameters of DP steels.
[image: Table 3]Figure 10 shows the relationship between martensite content and the calculated hydrogen diffusion coefficient. In order to ensure the accuracy of linear fitting, an DP steel with smaller martensite content (<18.5%) is needed. As it was hard to obtain a sample with martensite content below 18.5% using the current steel with 2.0 wt % carbon content, DP steel with 1.0 wt % carbon content and the similar content of other elements were subjected to heat treatment. After annealing in the two-phase zone, 6.49% martensite content was obtained. The hydrogen diffusion coefficient in this sample was 4.90 × 10–7 cm2/s. Due to the very low martensite content, the hydrogen atoms primarily diffused along the ferrite (Owczarek and Zakroczymski, 2000). As most of the carbon atoms were presented in the martensite, the effect resulted by the decrease of carbon content from 2 to 1 wt % on the diffusion coefficient of steel could be ignored, which makes the linear fitting reliable. As the martensite content increased, the hydrogen diffusion coefficient decreased rapidly before leveling off at approximately 68.3% or higher martensite content. By extrapolating the curve to 0% martensite, the effective hydrogen diffusion coefficient (Dα) in the ferrite phase was about 5.68 × 10–7 cm2/s.
[image: Figure 10]FIGURE 10 | The correlation of the hydrogen diffusion coefficient as a function of martensite content in DP steel.
According to the previous hydrogen diffusion model (Owczarek and Zakroczymski, 2000), the change in the desorption rate of hydrogen atoms in martensite [image: image] with time t can satisfythe Eq. 7:
[image: image]
In the formula, [image: image] is the initial concentration of hydrogen atoms in the martensite at the beginning of desorption; Dm is the effective hydrogen diffusion coefficient in the martensite; and R is the average equivalent diameter of the martensite. When the desorption time t→∞, only the first term in Eq. 7 can make the equation hold, as shown in Eq. 8:
[image: image]
Using the logarithm of Eq. 8, a linear correlation with time, t is revealed:
[image: image]
Therefore, after a certain time, the logarithm of the desorption rate should be a linear function of time with a slope dependent only on Dm and R.
To establish the hydrogen desorption current curve in the martensite, [image: image], we first calculated the hydrogen desorption current in the pure ferrite, [image: image] by substituting the ferrite’s diffusion coefficient in Eq. 6. The hydrogen desorption curves in the martensite can be calculated by subtracting the desorption curve of the ferrite from the measured desorption curve of DP steel, i.e., [image: image], as shown in Figure 11A. Using the method, the hydrogen desorption curves in the martensite can be obtained, as showing in Figure 11B. Combining Eq. 9, the effective hydrogen diffusion coefficient Dm of hydrogen atoms can be obtained.
[image: Figure 11]FIGURE 11 | (A) Desorption curves of ferritic and martensitic phases in DP steel with 46.7% martensite content; and (B) calculated hydrogen desorption rate in the martensitic phase vs time.
The results are largely consistent with the hydrogen diffusion coefficient in pure martensite steel (Frappart et al., 2012). The effective hydrogen diffusion coefficient in martensite (Dm) increased with the martensite content (Figure 12A), possibly due to a decrease in the carbon concentration of the martensite. Carbon content in martensite was obtained by thermo-calc software against intercritical annealing temperature. As the intercritical annealing temperature increased, the proportion of carbon in the martensite decreased (Figure 12B).
[image: Figure 12]FIGURE 12 | (A) The hydrogen diffusion coefficient in martensite and (B) calculated carbon concentration vs the martensite content.
DISCUSSION
Effect of Martensite Content and Distribution on Hydrogen Diffusion of DP Steels
Previous studies have shown that the decrease in hydrogen diffusion coefficient of DP steel is correlated to martensite, which contains a high density of dislocations and other defects to capture hydrogen atoms (Sun et al., 1989; Hadžipašić et al., 2011a; Hadžipašić et al., 2011b; Koyama et al., 2014; Liu et al., 2016a; Liu et al., 2018; Hui et al., 2019). It is logical to deduce that the hydrogen diffusion coefficients decrease as martensite content increases. However, Figure 10 showed that once the martensite content reached approximately 68.3%, the hydrogen diffusion coefficient started to level off. Therefore, the hydrogen diffusion is strongly influenced by not only the martensite content but also the distribution of the martensite phases. Depending on the characteristics of microstructure and hydrogen diffusion in DP steels, a model describing the mechanism of microstructure-driven hydrogen diffusion with different martensite distribution was established.
When the martensite content was relatively low, the martensite phases were in the form of small isolated islands (Figures 2A,B). Hydrogen atoms preferentially passed through the ferrite for its higher hydrogen diffusion coefficient than martensite. And they were unlikely to be accumulated, which could be reflected by a higher hydrogen diffusion flux and effective hydrogen diffusion coefficient in DP steel (Table 3). As the martensite content increased, the length of F/M interface increased (Table 2), which acted as hydrogen traps. Hydrogen trapping effect at the interface could be observed directly through the hydrogen microprint (Figure 8). More martensite content resulted in higher hydrogen trapping effect, which presented an obvious decrease in both hydrogen diffusion flux and the effective hydrogen diffusion coefficient (Table 3).
However, when the martensite content increased to approximately 68.3%, the distribution of martensite phases started to form a continuous network (Figures 2C,D). Hydrogen atoms have to diffuse across the martensite, and the fast diffusion channel of the hydrogen atoms along the ferrite disappears. (Figure 13B). Hydrogen atoms were captured by both the F/M interface and martensite during diffusion. On one side, with the increasing of martensite content, the effective hydrogen diffusion coefficient in the steel continued to decrease due to a high density of dislocation and lath boundary in the martensite phase that acted as hydrogen traps, which is similar to the previous studies (Hui et al., 2019; Liu et al., 2016a; Kumamoto et al., 2019). On the opposite side, the carbon content in martensite decreased as the martensite content increased, which leading to the decreasing hydrogen trapping effect of carbon. Then the effective hydrogen diffusion coefficient increased as shown in Figure 12. The trapping effect between carbon and hydrogen atoms could refer to the literature (Geng et al., 2018). Therefore, the counterbalancing effect of the two opposite aspects leaded the hydrogen diffusion coefficients started leveling off.
[image: Figure 13]FIGURE 13 | Schematic representation of the microstructure-driven hydrogen diffusion in DP steel: (A) distribution of martensite is discontinuous; (B) ditribution of martensite is continuous.
Effect of Martensite Content and Distribution on Hydrogen Embrittlement of DP Steels
When subjected to thermomechanical treatment, there is stress concentrating around the F/M interface due to the strain incompatibility between the soft ferrite and hard martensite, resulting in high density of dislocations around the interface (Figure 3A). During the process of hydrogen charging, hydrogen atoms could migrate with the movable dislocation and aggregated at the interface, then generated an attached stress and subsequently promoted the interface cracking (Zhang et al., 2003), thus the hydrogen-induced crack initiated at the F/M interface and passed though the martensite (Figure 7).
When the martensite content was relatively low and the martensite phases were in the form of small isolated islands, the low concentration of hydrogen traps resulted in a low aggregation of hydrogen atoms. Thus, the additional stress generated by the hydrogen atom is low. Additionally, the soft ferrite could absorb parts of the plastic deformation energy during tension and effectively prevented the expansion of the crack (Figure 7A). Therefore, the hydrogen embrittlement index was low, and the tensile fracture surface presented the clear characteristics of the ductile fracture when martensite content was 18.5% (Figure 6A). With the increase of martensite content, the concentration of hydrogen traps increased and trapped more hydrogen atoms, which led to an increased additional hydrogen-induced stress at the interface of F/M. Additionally, with the decrease of ferrite size, the ferrite’s strength increased and the susceptibility of ferrite to hydrogen embrittlement was also increased, which weakens the inhibition effect of ferrite on crack propagation. Therefore, the hydrogen embrittlement index of test steel increased from 20.28 to 38.89% and the dimples of tensile fractures became shallower, showing higher hydrogen embrittlement susceptibility.
However, when the martensite content increased to approximately 68.3%, the distribution of martensite phases started to form a continuous network (Figures 2C,D). The concentration of hydrogen traps and the captured hydrogen atoms in steel were continued to increase. But the length F/M interface decreased with the decrease of ferrite size, and thus the additional hydrogen-induced stress at F/M interface would reach a critical fracture stress more easily. Additionally, the reduction of carbon content in martensite promoted the diffusion of hydrogen atoms in martensite. Therefore, the effective hydrogen coefficient reaches a plateau, but the hydrogen embrittlement sensitivity increased continuously with increasing martensite content and the tensile fracture showed obvious cleavage or brittle intergranular fracture morphology (Figures 5C,D). Therefore, the critical transition point of the influence of the martensite content on hydrogen embrittlement was the formation of a continuous network of martensitic phases. Previous studies (Davies, 1983) also showed that when the martensite content increased to 30% and formed a continuous network, the hydrogen embrittlement susceptibility of DP steel reached a stable value. This may be related to the distribution of the long trip martensite along the interface. And the length of F/M interface didn’t significantly change when the martensite content exceeds 30%. However, in this study, the morphology of martensite is block and the length of F/M interface decreased significantly with the increasing martensite content when the distribution of martensite is continuous in DP steel, which results in a continuously increasing of hydrogen embrittlement susceptibility.
Additionally, with the increase of martensite content, the strength of ferrite increases while the martensite’s decreases, which could improve the deformation compatibility between the two phases (Figure 4C). A better deformation compatibility results in a more uniformly distribution of strain during the tensile deformation and could reduce the occurrence of pores and microcracks at the interface of the ferrite/martensite. However, with the increase of martensite content, the total hydrogen concentration trapped by the steel increases (Table 3). More hydrogen atoms could aggregate in the defect sites (such as ferrite/martensite interfaces or inclusions) of steel, and thus promoting nucleation. Moreover, the martensite matrix is more susceptible to the hydrogen embrittlement and has lower crack resistance, hydrogen-induced cracks are easier to propagate in DP steel with higher martensite content (Figure 7B). In summary, the increasing martensite content played dual roles in the hydrogen embrittlement of DP steels, with the harmful role far outweighed the beneficial role, finally leading to the increased hydrogen embrittlement susceptibility.
Correlation Between Hydrogen Diffusion and Hydrogen Embrittlement in DP Steels
The relationship between the Deff and the IHE is established in Figure 14A and the logarithmic value of the coordinate variables is taken in Figure 14B. The mathematical relationship between them could be expressed in Eq. 10. It showed that IHE increased with a decrease in Deff.
[image: image]
Previous studies have shown that the influence of hydrogen diffusion on hydrogen embrittlement is mainly related to the aggregation of hydrogen atoms in hydrogen traps (Davies, 1981; Liu et al., 2016a). When Deff → 0, hydrogen atoms were captured by hydrogen traps such as martensite and F/M interface in DP steel, IHE reached the maximum. With the increase of Deff, the concentration of hydrogen atoms captured by the hydrogen traps decreased and less hydrogen enriched at the martensite phase and F/M interface, thus the hydrogen embrittlement susceptibility IHE decreased. When Deff reached infinity, the concentration of hydrogen captured in the hydrogen traps is almost zero, which results that the IHE approached zero. Previous study has shown that when IHE is over 35%, the material was sensitive to hydrogen embrittlement (Jahanara et al., 2019). We substituted 35% into Eq. 10, Deff was calculated as 2.71 × 10–7 cm2/s. The Deff value could be used to evaluate hydrogen embrittlement susceptibility of DP steels and the material was sensitive to hydrogen embrittlement when the Deff was less than 2.71 × 10–7 cm2/s, which would need fewer test materials and shorter test time compared with the usual slow strain rate tensile test.
[image: Figure 14]FIGURE 14 | Effect of the hydrogen diffusion coefficient on the embrittlement index of DP steels: (A) experimental dates; and (B) logarithmic values.
Through the above research, the hydrogen embrittlement problem in high strength steel is mainly caused by the trapping and aggregation of hydrogen atoms at the hydrogen traps such as ferrite/martensite interfaces or within the martensite phases. Therefore, during the development of new hydrogen resistant materials, reducing the number of hydrogen traps or the concentration of trapped hydrogen atoms can reduce the hydrogen embrittlement susceptibility of high strength steels containing martensite phase. The required strength of steel could be achieved by refining the grains if the quantity of martensite content were decreased to reduce the quantity of available hydrogen traps, such as martensite and ferrite/martensite phase boundaries. Besides, the distribution of the martensite phases can be refined through suitable heat treatments to avoid the formation of a continuous martensite network.
CONCLUSION

(1) In DP steels, the hydrogen trapping density increases with increasing martensite content, resulting in an increase in hydrogen aggregation concentration and hydrogen embrittlement susceptibility. When the martensite content reaches 68.3% and distributes to a continuous network, the decreasing length of the ferrite/martensite interface makes it easier for gathering hydrogen atoms to reach the critical concentration for the cracking of the ferrite/martensite boundary, resulting in the continuously increasing of hydrogen embrittlement.
(2) The hydrogen diffusion is strongly influenced by the distribution of the martensite phases in DP steel. When the martensite phases are isolated, the diffusion of hydrogen primarily occurs through ferrite grains and the ferrite/martensite interfaces are the main traps that decrease the effective hydrogen diffusion coefficient with increasing martensite content. When the martensite phase starts to form a continuous network, the hydrogen atoms have to diffuse through the martensite phases. The counterbalancing effect of the increasing hydrogen diffusion coefficient in the martensite phase with decreasing carbon content slows the decrease of Deff.
(3) A logarithmic relationship between the hydrogen embrittlement index IHE and the hydrogen diffusion coefficient Deff is established as [image: image]. The susceptibility of the hydrogen embrittlement in high strength DP steel will decrease with an increasing hydrogen diffusion coefficient. Finely dispersed martensite is conducive to reducing the hydrogen embrittlement susceptibility of DP steels with fewer hydrogen traps and a lower concentration of captured hydrogen atoms compared with martensite distribution in a continuous network.
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The hot stamping of a B-pillar reinforced panel with 7075 aluminum alloy was carried out in an industrial production line. The effect of blank holding force (BHF) on the formability of the B-pillar reinforced panel and the effect of solution heat treatment (SHT) time on the mechanical properties were studied. Additionally, the forming precisions of a formed part before and after standard aging were detected further. Finally, both standard aging and short-time aging processes were carried out to investigate the feasibility of short-time aging for real parts. The stamping results demonstrated that lower BHF or no blank holding should be used during hot stamping to avoid cracking and wrinkling. The detection of forming precisions indicated that the great majority of measured points on the part were within ±1 mm of nominal. The mechanical property testing showed that the strength of the formed parts after a short-time aging was up to more than 90% of the as-received T6 state and more than 93% of the time can be reduced if the 90% of strength can be accepted.
Keywords: hot stamping, 7075 aluminum alloy, blank holding force, forming precision, short-time aging
INTRODUCTION
Increasing attention has been paid to the lightweight qualities of automobiles due to imperious demands for environmental protection and energy-saving. Benefitting from high specific strength, good impact energy absorption, high corrosion resistance and good recyclability, aluminum alloys have been proved to be excellent light material for automobiles (Mohamed et al., 2012; Jürgen, 2014; Ghiotti et al., 2019). When stamped at room temperature, aluminum alloy parts have large springback (Maeno et al., 2017) and sometimes there are cracks in the parts (Liu et al., 2018). Besides, these parts may have thermal deformation during high-temperature heat treatment, e.g. solution heat treatment. Thus, hot stamping for heat-treatable aluminum alloy sheet has been developed (Garrett et al., 2005). During hot stamping of aluminum alloy, the blank is heated up to the SHT temperature and held for a period of time. Then the hot blank is transferred to the cold tools and subsequently formed and quenched in the closed tools, followed by holding in the tools for about 10 s. At last, the aging process is carried out to improve the strength of the formed part.
In short, hot stamping of an aluminum alloy mainly includes three processes: SHT, forming and aging. SHT and aging are heat treatment processes, which means that time and temperature are the main factors affecting the two processes. There is an expected scenario that workpieces with good performance can be obtained on the production line by using appropriate temperature and less time, while maintaining the continuity of the production. For 7075 aluminum alloy, it usually takes more than 10 min to complete SHT by conventional means (Liu et al., 2020; Zhang et al., 2020), and the aging treatment needed to obtain maximum aging strength is generally about 120 °C for 24 h (Zhang et al., 2020). Not only are the SHT and aging times long, but also the aging time is more than 100 times longer than the SHT time. It means that the production efficiency is low, and the synchronization of production cannot be guaranteed. As a result, it is necessary to develop the innovative methods and processes to reduce the SHT time and aging time. Xu X et al. (Xu et al., 2015) reduce the aging time by 50% by adding Ag into 7075 aluminum alloy. In automotive manufacturing lines, vehicle parts will finally go through a paint bake process (180 °C × 30 min), which can be considered as part of the artificial aging process (Li et al., 2015). Combining with the paint bake process, Li N (Li et al., 2015) and Zheng J (Zheng et al., 2019) carried out pre-aging process for 6082, and more than 90% of the strength at T6 state could be obtained. Omer K et al. (Omer et al., 2018) conducted the aging process for 7075 samples at 120 °C × 3 h + 177 °C × 0.5 h and the strength was close to the strength under T6 condition. Sun W et al. (Sun et al., 2019) presented a method of using a controlled, room-temperature cyclic deformation to sufficiently and continuously inject vacancies into the material and to mediate the dynamic precipitation of a very fine (1- to 2-nm) distribution of solute clusters. This method takes tens of minutes and is currently only suitable for small samples, not for real parts. The results mentioned above were carried out under laboratory conditions, thus, the authors would like to study the feasibility of short-time aging of 7075 aluminum alloy combining with paint bake process on production line, maximizing the post strength of the part and reducing the aging time.
Furthermore, forming is an important procedure in the hot stamping process of aluminum alloy. Parts with no defects and high forming precision are expected to be obtained. Blank holding is often used to avoid or reduce the forming defects like wrinkling. In comparison to cold stamping, the flow stress of the material is relatively low due to the high temperature during hot stamping, while the friction is more serious. Consequently, the parts are prone to crack in the forming process. Considering the friction and low flow stress at high temperature, blank holding may cause fracture during deep drawing. Therefore, it is of significance to study the effect of BHF on the formability of real aluminum alloy parts in hot stamping.
In this paper, hot stamping of a B-pillar reinforced panel with 7075 aluminum alloy was carried out in an industrial production line. The effect of BHF on the formability of the B-pillar reinforced panel and the effect of SHT time on the mechanical properties were studied. Further, the forming precisions of a formed part before and after standard aging were detected. Finally, the standard aging and short-time duplex aging processes were carried out to investigate the feasibility of short-time aging for real parts to reduce the aging time further. It is expected to provide guidance for the forming of aluminum alloy parts with complex geometric shape by hot stamping process in industry.
MATERIALS AND EXPERIMENTS
A typical commercially available 7075 aluminum alloy was used in this work. The as-received 7075 aluminum alloy was under the T6 condition. Its yield strength (YS) and ultimate tensile strength (UTS) are respectively 532 and 585 MPa. The material used does not necessarily represent the microstructure that a production material would have prior to SHT. The dimension of the blank is approximately 1,450 × 650 × 1.5 mm (thickness). Besides, graphite was used as lubricant in the experiment.
The host stamping experiments were carried out in a production line as shown in Figure 1A. A servo press with a tonnage of 1,200 tons and a multilayer chamber furnace were used in the stamping experiments. Figure 1B shows the aging furnace and there is a fan in it to produce more efficient heat convection and make the temperature distribution more uniform. As indicated in literature (Harrison and Luckey, 2014), the SHT for 7075 typically occurs between 460–500 °C. As a result, the SHT temperature was set as 490 °C in the stamping experiments. All of the formed parts were held in the tools for 10 s with a pressure of 400 tons after closing the tools. Designed experiment conditions are shown in Table 1. The BHF was controlled by the nitrogen gas spring and the position of the blank holder is shown in Figure 2. The full BHF was 6 tons. The standard aging (SA, 120 °C × 24 h) process and duplex aging process (DA, 110 °C × 1 h + 180 °C × 0.5 h) were carried out within 24 h after quenching. It took about 15 min for the furnace to reach the heating temperature in the SA process. As for the DA process, it took about 12 min for the furnace to reach 110 °C from room temperature and 13 min to reach 180 °C from 110 °C. To detect the forming precisions of the part before and after standard aging, the measurements of three-dimensional geometric data were carried out by a blue light scanner.
[image: Figure 1]FIGURE 1 | (A) The hot stamping production line and (B) the aging furnace.
TABLE 1 | The designed experiment conditions.
[image: Table 1][image: Figure 2]FIGURE 2 | The position of the blank holder.
In order to test the mechanical properties of the formed parts, tension test samples were cut from the formed parts (No. 3–6). The locations and the dimensions of the tension test samples are shown in Figures 3, 4, respectively. It should be noted that because the shape and dimensions of some tension test samples were not suitable for tensile testing, strengths at some locations were not tested. Besides, elongation values at some locations were missing because the fracture locations of these tension samples were out of the gauge range. The drawing speed in tensile tests was 2 mm/min.
[image: Figure 3]FIGURE 3 | The locations of the tension test samples in the formed parts.
[image: Figure 4]FIGURE 4 | Principle shape and dimensions of the tensile test specimen (unit: mm).
RESULTS AND DISCUSSION
Effect of Blank Holder Force on the Part’s Formability
The formed parts (No. 1–3) are shown in Figure 5. As can be seen, the formed part with full BHF cracked at both sidewalls of the big end (zones in the red circle in Figure 5A) while the formed part with half BHF only cracked at one sidewall of the big end (zone in the red circle in Figure 5B). Besides, the size of the crack in part with half BHF was smaller than that of the part with full BHF. No cracks were observed in the formed part without BHF. The results indicated that BHF in hot stamping of 7075 aluminum alloys may cause the crack and some researchers also noticed this phenomenon (Zhou et al., 2014).
[image: Figure 5]FIGURE 5 | Formed parts: (A) Part No. 1, with full BHF; (B) Part No. 2, with half BHF; (C) Part No. 3, no BHF.
The cracking mechanism of the formed parts is similar to the cracking mechanism in previous experiments (Liu et al., 2018) and the large friction force caused by BHF in this work replaced the dry friction force in the previous study (Liu et al., 2018). It is well known that the flow stress of 7075 aluminum alloy decreases with the increasing temperature (Ghiotti et al., 2019). As a result, the deformation resistance and the ability to resist tensile stress of 7075 decreased with the increasing temperature. In hot stamping, the hot blank first contacted with the rounded corners of the tools, resulting in the temperature of these regions dropping early and deformation resistance increasing. However, the temperature of the sidewall was relatively higher because of the tool clearance, leading to lower flow stress and weaker ability to resist tensile stress. In the subsequent hot drawing stage, with full BHF, the material in the flange of the big end was held by large friction force caused by BHF and the material was difficult to draw to the sidewall. As a result, the soft material in the sidewall was eventually stretched to cracking. With lower BHF, the material in the flange was easy to flow to the sidewall with the assistance of lubricants, and thus the size of the crack reduced or even there were no cracks in the formed parts. Nevertheless, during hot stamping, a blank holder should have been designed to avoid wrinkling. Accordingly, a balance must be achieved to avoid wrinkling and cracking. In respect to the stamping experiments, lower BHF could be conducive to realize the balance between these two conflict factors.
In addition, it is promising to avoid wrinkling and cracking under the conditions of blank holding by reducing the forming temperature. In order to ensure the cooling rate of aluminum alloy sheet during quenching, some cooling methods could be used to make the blank temperature drop quickly to the forming temperature before the part is formed in the tools, which can be called hot stamping with pre-cooling (Zhu et al., 2019). Under this circumstance, the flow stress of the sheet is higher due to the lower temperature, and thus, larger BHF can be used to avoid wrinkling. Furthermore, it might also be useful to avoid wrinkling and cracking if the region of the part that is easily wrinkled can be formed before other regions. These two methods need to be studied in future work.
Forming Precisions of the Part Before and After Standard Aging
The measured three-dimensional geometric data of the B-pillar reinforced panel were compared with the original CAD model as shown in Figure 3. The forming precisions of the part before and after standard aging are shown in Figure 6. The great majority of measured points on the part are within ±1 mm of nominal. There is a maximum error of about 3 mm in the local regions of both ends of the part. It is clear that there are some yellow regions near the big end, indicating that the forming precisions in these regions are insufficient. In fact, this is due to the absence of BHF, which leads to wrinkling. Due to the effect of thermal deformation and residual stress releasing, the forming precisions decrease after aging. However, the reduction of forming precisions is not significant. Although these geometric data respectively represent a small sample size for the formed part, the magnitude of the deviations is acceptable.
[image: Figure 6]FIGURE 6 | The forming precisions of the part (A) before and (B) after standard aging.
Effect of SHT Time on the Mechanical Properties and Short-Time Aging
The strength and elongation of samples under different process parameters are shown in Figure 7, and the corresponding statistical results are shown in Table 2. The strength and elongation of samples with a standard aging process under different SHT times are illustrated in Figures 7A,B. As can be seen, formed parts with higher SHT times had larger values of YS and UTS. The elongations of samples subjected to SHT for 20 and 15 min were in a range of 10.5–13.3% and 8.6–12.9%, respectively. The values of YS, UTS and elongation were different at different locations in the formed parts because of the testing errors and different cooling rates during quenching due to the contact conditions differences between the blanks and tools. The minimum strength of the part subjected to SHT for 20 min was about 96% of that of the as-received T6 condition and the maximum strength was slightly greater than the as-received T6 condition. The variations of strength mainly resulted from the fact that the SHT temperature, cooling rate and aging process may be different from the process parameters used in this work.
[image: Figure 7]FIGURE 7 | Strength and elongation of samples under different process parameters.
TABLE 2 | The statistical results of strength and elongation of samples under different process parameters.
[image: Table 2]Figures 7C,D show the strength and elongation of samples treated by the duplex aging process with different SHT times. Similarly, formed parts subjected to SHT for 15 min had larger values of YS and UTS than that of parts subjected to SHT for 10 min. The elongations of samples subjected to SHT for 15 and 10 min under the duplex aging process were in a range of 10.1–13.1% and 10–12.5%, respectively. The minimum YS of formed parts subjected to SHT for 15 min was only 87.2% of that of the as-received T6 condition and the minimum UTS was 91.6% of that of the as-received T6 condition. In comparison, both of the minimum YS and UTS of formed parts subjected to SHT for 10 min were lower than 90% of the YS and UTS of the as-received T6 condition.
It has been indicated that the solution is a process which was mainly controlled by diffusion and the diffusion of the alloying elements inside the solvent matrix consumes most of the whole time in SHT (Mohamed et al., 2008). As a result, more alloying elements or precipitates will dissolve into the matrix when the SHT time is longer under the same SHT temperature. Subsequently, more fine precipitates form after quenching and aging. Therefore, the strength is improved when the SHT time is longer.
Aging is a process that includes nucleation and growth of the precipitates, and the growth of the precipitates is solely controlled by diffusion in the matrix (Du et al., 2016). Besides, there exists one or more transition precipitating phases during the aging process of aluminum alloys. As a consequence, dissolution of precipitated phases also takes place during aging. Diffusion coefficient increases with the increasing temperature, resulting in the reduction of diffusion time at elevated temperatures. Therefore, a relatively higher aging temperature can reduce the aging time. However, on the other hand, the required precipitation phases or nucleation cores dissolve if the aging temperature is too high, even the coarse precipitates form and the strength decreases. As a result, the aging temperature should be chosen appropriately. In order to reduce the whole aging time, the multistage aging process may be a good choice. The specific principle is that a relatively high density of GP region forms at a lower temperature to provide a nucleation core for the formation of subsequent transition phases. The transition phase with a suitable shape and strengthening effect can be obtained by using a higher temperature and a shorter time in the subsequent aging process. This method not only makes use of the short-time aging at high temperature, but also avoids the massive dissolution of the nucleation cores.
The short-time aging experiment shows that the obtained strength of the full-scale part can be more than 90% of that of the as-received T6 condition under the duplex aging process of 110 °C × 1 h + 180 °C × 0.5 h. Compared to the standard aging process, the new short-time aging process can reduce more than 93% of the time if 90% of the T6 strength can be accepted. Besides, increasing the SHT temperature can also increase the part’s strength after aging (Li et al., 2015). Therefore, the strength of formed part has a promising outlook to be improved further by increasing the SHT temperature.
CONCLUSION

(1) Large BHF in hot stamping of 7075 aluminum alloys caused the crack. The material in the flange was hard to flow to the sidewall due to large friction force caused by BHF, and the material in the sidewall was easily stretched under a relatively higher temperature because of non-uniform cooling, thus the parts cracked. Parts with no cracks can be obtained without BHF, but there are wrinkling on the parts. Methods to avoid wrinkling and cracking should be studied in future works.
(2) The great majority of measured points on the part were within ±1 mm of nominal, and there is a maximum error of about 3 mm in the local regions of both ends of the part. The forming precisions decrease after aging due to thermal deformation and release of the residual stress. However, the reduction of the forming precisions is small.
(3) The strength of the part can be improved by increasing the SHT time properly, since more alloying elements or precipitates will dissolve into the matrix when the SHT time is longer.
(4) Under the duplex aging process of 110 °C × 1 h + 180 °C × 0.5 h, the obtained strength of the full-scale part can be more than 90% of that of the as-received T6 condition. Compared to the standard aging process, the new short-time aging process can reduce more than 93% of the time if 90% of the T6 strength can be accepted.
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A vacuum-induced multistage atomization process was adopted to fabricate the high-performance 304 stainless steel powder for 3D printing, based on the flexible control of the droplet spheroidization and solidification process. The 36.7 μm-median diameter (D50) 304 stainless steel powder with high sphericity was successfully obtained, together with particle size proportion of 45–55 μm larger than 35% and the lower oxygen and nitrogen content increment below 0.04%.
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INTRODUCTION
The 3D printing technique is an advanced forming process based on layer-by-layer “bottom-up” material stacking in the three-dimensional space. Compared with casting, forging, and other traditional processes, 3D printing suits for the near-net-shape forming of complex parts because it can significantly shorten the production period and save raw materials. Hence, 3D printing is regarded as a breakthrough technique in the new round of technological revolution and has been widely concerned worldwide (Jones, 2012; Preston et al., 2013).
Yang et al. prepared high-performance 316L stainless steel (σb = 755 MPa, δ = 18%) for vane wheels of high-precision planet gears using selective laser melting (SLM) (Yang et al., 2019). Khademzadeh, Tolosa, and Choi et al. found that metal powder particle size significantly affected the surface completeness and mechanical properties of 3D printing parts (Tolosa et al., 2010; Choi et al., 2012; Khademzadeh et al., 2015). Meier et al. reported that powder sphericity had an effect on the loose density, packed density, and fluidity of 3D printing parts (Meier et al., 2019). Park stated that the element purity (O, N) of 15-5ph stainless steel powder influenced the performance of 3D printing parts (Zhang et al., 2018). In terms processes (Lewandowski and Seifi, 2016; Bartolomeu et al., 2017; Ma et al., 2017; Suryawanshi et al., 2017; Fortunato et al., 2018; Kong et al., 2018), researchers believe that metal powder quality is one of the key factors influencing the forming process and the final performance of 3D printing [direct metal laser sintering (DMLS), SLM, laser-engineered net shaping (LENS), and electron beam melting (EBM)). Thus, preparation techniques of high-performance metal powder for 3D printing are of crucial importance.
In this study, contactless vacuum induction and multistage atomization flexible control were combined to improve the powder purity, particle size, and sphericity, which cannot be well tailored by the existing powder preparation processes, such as high-temperature plasma process and rotating electrode process. Finally, high-performance 304 stainless steel powder for 3D printing was successfully prepared.
EXPERIMENTAL
The 304 stainless steel (AISI304) was selected as raw material, and a contactless induction heating and multistage atomization pressure flexible control process was used for powder preparation. During the preparation by EIGA, the quantity of 304 stainless steel powder from a single lot is 10 Kg. The process route involves as follows: 1) heating power W: 28 kW, 2) bar material feeding speed v: 0.04–0.06 mm/s, angular spin rate ω: 6 r/min; and 3) atomization stage pressure: 4.5–6–8 MPa, at an interval time of 7 s.
An 80-mesh screen was used for the 304 stainless steel powder. The morphology of powder was observed using a Gemini SEM 300 field-emission scanning electron microscope (SEM). Particle size and distribution were determined using a BETTERSIZE 2000 laser particle analyzer. The physical properties of powder were assessed through a BT1001 universal property analyzer. Elemental composition was analyzed by a chemical analytical method (ICP).
RESULTS AND DISCUSSION
The scientific essence for preparation of metal powder for 3D printing is a continuous process of droplet spheroidization and solidified coupling of metal materials. Figure 1 shows the SEM images of 304 stainless steel powder prepared from a vacuum induction single-stage atomization process (8 MPa). It can be found that the large atomization pressure endowed the metal drops with large flying linear velocity, so the droplets were prone to ruleless collision and intensified breakage during atomization. Moreover, the surface of metal drops experienced very fast overcooling and solidification, leading to the ruleless and fast droplet solidification. Hence, the powder particles in this process were evenly distributed, and the median diameter D50 was determined as approximately 41.7 μm (Figure 2), but ellipsoidal or irregular powder was easily observed, so the entire powder sphericity was relatively low (Figure 1A).
[image: Figure 1]FIGURE 1 | Morphology of powder prepared from 304 stainless steel single-stage atomization process (atomization pressure: 8 MPa).
[image: Figure 2]FIGURE 2 | Particle size curves of 304 stainless steel powder.
To address the above problem, we fully considered the spheroidization control of metal droplets to ensure the appropriate overcooling of metal droplets during solidification, and designed a multistage atomization flexible process (atomization pressure: 4.5–6–8 MPa, time interval: 7 s), based on the nozzle structure and the physical properties of 304 stainless steel (density and droplet fluidity). Figure 3 shows the SEM images of the powder, and the corresponding particle size was displayed in Figure 2.
[image: Figure 3]FIGURE 3 | Morphology of 304 stainless steel powder prepared from multistage atomization (atomization pressure: 4.5–6–8 MPa, interval 7 s).
At the initial stage of the multistage atomization process, as the pressure was approximately 4.5–6 MPa, the initial movement velocity of metal droplets and the gas flow of ring-like nozzle were flexibly controlled, and the motion path of metal droplets in the airflow field was distributed in order, which decreased the probability of ruleless collision of metal droplets. As the atomization pressure rose to 8 MPa, the droplets were rapidly solidified, and printed the nucleation and growth, causing the formation of smaller-size powder particles (Figure 3).
In addition, the distribution profile of peak particle diameter was left-shifted, indicating the present multistage atomization can increase the proportion of fine powder, and the final median diameter D50 was decreased to 36.7 μm (Figure 2). The overall sphericity of the powder was fine, and part of the powder slightly grew up (Figure 3A). Furthermore, these power particles were characterized by high surface quality, without fracture, convex, adhesion, or other defects (Figure 3B).
Table 1 lists the compositional analysis and physical properties of the present 304 stainless steel powder. The contactless vacuum induction multistage atomization process can effectively decrease the increment of O and N concentrations and can significantly improve the elemental purity during powder preparation. Moreover, the overall physical properties of the powder changed slightly and can meet the requirement for exclusive use in 3D printing.
TABLE 1 | Chemical composition and physical properties of 304 stainless steel powder prepared from different atomization processes.
[image: Table 1]Thus, high-performance 304 stainless steel powder exclusive for 3D printing was successfully prepared, and the particle size proportion of 45–55 μm can reach approximately 40%. Through the multistage atomization process, the O and N elemental composition and overall physical properties—sphericity and particle size of 3D printing power—were flexibly controlled. Importantly, this process can also be used for preparation of other brands of stainless steels, such as 316L, or other metal material powder with similar density.
CONCLUSION
The high-performance 304 stainless steel metal powder exclusive for 3D printing was prepared by a vacuum induction multistage atomization process, which can improve the powder composition, overall physical properties, sphericity, and particle size by means of flexible control of multistage atomization pressure.
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The superplastic tension and deformation mechanism of Ti-6Al-4V alloy at 923 K and a tensile speed of 10−3, 5 × 10−3, or 5 × 10−2 s−1 was studied on an AG 250KNE electronic tension tester. Through theoretical modeling, the unit dislocation count of this alloy during superplastic deformation was introduced into the Ruano–Wadsworth–Sherby (R-W-S) deformation mechanism map, and a new deformation mechanism map involving dislocation count was plotted. Thereby, the mechanism underling the low-temperature superplastic deformation of this alloy was predicted. It was found the superplastic tension of Ti-6Al-4V at the tested temperature was controlled by dislocation movement, and with an increase in strain rate, the deformation transited from the dislocation-controlled mechanism with a stress index of 4 to the dislocation glide mechanism with a stress index of 5 or 7. At the strain rate of 10−3 s−1, this alloy reached the largest tension rate of 790% and strain rate sensitivity index of 0.52 and had excellent low-temperature superplastic properties.
Keywords: Ti-6Al-4V alloy, low-temperature superplasticity, strain rate sensitivity index m, deformation mechanism map, dislocation
INTRODUCTION
Ti-6Al-4V alloy, as a typical α+β two-phase titanium alloy, possesses favorable comprehensive properties and thus is widely applied into forming manufacture of complex components in air navigation weapons, equipment, and ships (Vanderhasten et al., 2007; Li et al., 2014; Meng et al., 2016). In recent years, as the overall design performance indices of weapons and equipment are increasingly enhanced, the multilayer structured complex-shape parts are often manufactured via superplastic forming/bonding by diffusion and through one-time near-net-shape forming, based on the designing concept of reinforced rib sandwich structures. To improve the forming precision of complex structured parts, prolong the service life of dies, and lower energy consumption, researchers are interested in how to lower the superplastic forming temperature and control the structural stability of this alloy during superplastic forming while ensuring the feasibility of the superplastic forming process, which becomes hot spots in this field. Thus, the behaviors and mechanism of low-temperature superplastic deformation of Ti-6Al-4V have been studied worldwide.
As for the low-temperature superplasticity of Ti-6Al-4V (Shahmir et al., 2018; Zhang et al., 2018; Zhang et al., 2018; Zhou et al., 2018), Langdon et al. produced nanocrystal grains using high-pressure torsion and obtained a maximum tension rate of 815% at 1073 K. Ding et al. ultrafined cold-rolled Ti-6Al-4V sheets and acquired the maximum tension rate of 820% at 923 K. Cai et al. grain-refined this alloy through stirred friction and maximized the tension rate to 1,130% at 873 K. The above results indicate that the main method of improving low-temperature superplasticity of Ti-6Al-4 V alloy is grain refinement, in which the coordination of grain boundary slip during superplastic deformation is fully utilized. With deformation mechanism maps involving dislocation count, Zhou Ge et al. predicted the superplastic deformation mechanism of Ti-6Al-4 V at 973–1123 K and found the superplastic deformation mechanism transited from grain boundary sliding to dislocation glide (a stress index of 7) and grain boundary slip (a stress index of 4) with a decrease in temperature and observed that the superplastic deformation was modulated by dislocation. Thus, when the superplastic deformation temperature of Ti-6Al-4 V continually dropped while ensuring its elongation above 600%, both the grain boundary slip mechanism and the effects of dislocation on superplasticity should be considered. However, little has been studied about the superplastic deformation behaviors of Ti-6Al-4 V below 973 K, and no study has been conducted about the superplastic deformation of this alloy under the dislocation-controlled mechanism.
In this study, the superplastic tensile behaviors and deformation mechanism of Ti-6Al-4 V alloy at 923 K and different strain rates were studied. The Ruano–Wadsworth–Sherby (R-W-S) deformation mechanism maps involving dislocation count were used to predict the deformation mechanisms under different testing conditions. Together with microstructure characterization by transmission electron microscopy (TEM) and superplastic behaviors as feature parameters, the deformation mechanisms underlying the low-temperature superplastic deformation of this alloy under dislocation control were uncovered. The findings will theoretically support the low-temperature superplastic process optimization of Ti-6Al-4V.
MATERIAL AND METHODS
The studied material Ti-6Al-4V sheet alloy was chemically composed of (wt%) the following: Al, 6.01; V, 3.89; Fe, 0.21; C, 0.04; Ti, bal. Sheets were 2 mm thick and in grain size of 7.6 μm and consisted of 73% α phase and 27% β phase (Figure 1). The Ti-6Al-4V alloy sheets were prepared according to the alloy composition requirements above. Specifically, 4 mm-thick sheets were obtained after vacuum consumable melting and multipass hot rolling and cold rolling. The superplastic tensile specimens were prepared by linear cutting. Tensile specimen dimension is shown in Figure 2.
[image: Figure 1]FIGURE 1 | Original structure of Ti-6Al-4V (A) OM (500) and (B) XRD.
[image: Figure 2]FIGURE 2 | Schematic diagram of tensile specimen dimension (unit: mm).
Using an AG 250KNE electronic tension tester, the specimens were heated to 923 K, kept there for 10 min, and then superplastically elongated at a constant crosshead speed and strain rate of 10−3, 5 × 10−3, or 5 × 10−2 s−1. After water quenching to room temperature, the high-temperature deformed structures were reserved. The whole experiments were conducted under argon gas protection. The microstructures were observed under an OLYMPUS GX51 metallographic microscope, with 6 ml HNO3+100 ml H2O+3 ml HF as the etching agent. The α and β phases of specimens under different thermal treatment states were qualitatively analyzed by an XRD-7000 X-ray diffractometer (XRD; Shimadzu, Japan). The structural dislocation and grain boundary morphology after deformation were observed and characterized by a TECNAI G20 TEM instrument.
RESULTS AND DISCUSSION
The stress-strain curves of Ti-6Al-4V at 923 K and strain rate of 10−3, 5 × 10−3, 5 × 10−2 s−1 are shown in Figure 3. Under the above conditions, the peak stress and steady-state stress of this alloy both decreased with the declining strain rate (Fig. 3). At the strain rate of 5 × 10−2 s−1, the stress maximized and then rapidly decreased, and the interval of the steady-state rheological stress was narrow. At this moment, the total elongation was only 460%. When the strain speed decreased, the stress maximized and then slowly declined, and the curve was typical of steady-state rheological stress. The corresponding tension rates were 735 and 790%, respectively. These results indicate that the superplastic strain rate of this alloy is sensitive to some extent, and when the strain speed drops below 5 × 10−3 s−1, the sensitivity is insignificant.
[image: Figure 3]FIGURE 3 | Superplastic tensile stress-strain curves of Ti-6Al-4V (T = 923 K).
The high-temperature deformation of metals can be described by the following constitutive equation (Kim et al., 2001):
[image: image]
where Ai, n, and p are material constants, σi is the stress, [image: image] is the steady-state strain rate, E is Young's modulus, di is the grain size, b is the Burgers vector, and D is the diffusion coefficient (DL is the lattice diffusion coefficient; Dgb is the crystal boundary diffusion coefficient).
The internal dislocation root count of unit crystal grains can be computed as follows (Cao et al., 2008):
[image: image]
where ni is the internal dislocation root count, [image: image] is Poisson’s ratio, and [image: image] is the shear stress (MPa) in which [image: image]. Equation 1 is the constitutive equation about the high-temperature deformation of metal materials; Eq. 2 is the dislocation control model of metal materials during superplastic deformation. Equation 2 was mathematically transformed, and the dislocation count ni was introduced into Eq. 1, forming the deformation mechanism maps containing the dislocation count. Based on the experimental data in Figure 3, Eqs. 1, 2 were solved; thereby, the RWS deformation mechanism maps of crystal grain sizes with dislocation count are plotted in Figure 4, with module compensation stress as X-axis and Burgers vector compensation as Y-axis. The physical parameters used in the calculation are listed in Table 1.
[image: Figure 4]FIGURE 4 | Deformation mechanism maps of Ti-6Al-4V containing dislocation count (T = 923 K).
TABLE 1 | Physical parameters of Ti-6Al-4V alloys (Reca and Libanati, 1968; Stowell et al., 1984).
[image: Table 1]The normalized grain size with Burgers vector compensation ((d/b)×10−7) and the normalized flow stress with modulus compensation ((σ/E)×104) of Ti-6Al-4V during superplastic tensile tests were calculated (Table 2).
TABLE 2 | Calculated results of Ti-6Al-4V alloy after superplastic tensile tests.
[image: Table 2]According to Figure 4 and Table 2, the superplastic deformation mechanism of Ti-6Al-4V at 923 K fell within the dislocation polygons of (8.53 × 107) (3,761) (68) (9) (83), (8.53×107) (7.78 × 1013) (872) (11) (83), and (9) (0) (0) (11) (83) (the area surrounded by three sets of values). With an increase in strain rate, the superplastic deformation mechanism transited from the dislocation-controlled grain boundary slip with a stress index of 4 to the dislocation glide with a stress index of 5 and 7, and the grain sizes during deformation affected the stress index n. Thus, it can be predicted from the deformation mechanism maps involving dislocation count that the superplastic deformation mechanisms of this alloy under the testing conditions were all affected by dislocation movement.
Figure 5 shows the TEM images of Ti-6Al-4V under different superplastic tensile conditions. At the strain rate of 10−3 s−1, grain boundary deformation occurred during the superplastic tension of this alloy, and abundant irregular dislocations were formed around grain boundaries (Figure 5A), but the intracrystalline dislocations were arranged regularly (Figure 5B). With an increase in strain rate, the dislocation count gradually increased, the dislocation motion was intensified, and the dislocation slip was significant (Figures 5C,D), but no regular distribution, as shown in Figure 5A, was found. The above TEM images are consistent with the R-W-S deformation mechanism maps in Figure 4.
[image: Figure 5]FIGURE 5 | TEM images of Ti-6Al-4V under the same superplastic tensile conditions. (A,B) 10−3s−1; (C) 5 × 10−3 s−1; (D) 5 × 10−2 s−1.
The superplastic deformation mechanism of Ti-6Al-4V at 923 K transited from dislocation-controlled grain boundary slip to dislocation glide along with an increase in strain rate. This is because the superplastic deformation of metal materials is essentially a synergy between dynamic softening mechanism and hardening mechanism, and the dynamic softening mechanism is the key factor that ensures the stable superplasticity of materials. As for Ti-6Al-4V, the softening mechanism of its superplastic tension is mainly dynamic recrystallization and recovery (Hiroaki et al., 2017). Owing to the low temperature, dislocation glide started firstly, and along with the superplastic tension, dislocation tangling occurred after the dislocation motion reached a certain extent. According to the first law of thermodynamics, the arrangement of the intertwined dislocations gradually became regular, and energy slowly dropped to the steady state, which induced recrystallization (Matsumoto et al., 2013). The proceeding of the above processes depends on appropriate dynamic conditions. Thus, the dynamic condition of this alloy at slow tension speed (10−3 s−1) was sufficient, the irregular dislocation motion gradually turned into regular arrangement (Figures 5A,B), and the softening mechanism was the dislocation-controlled grain boundary slip (Figure 4). The strain rate sensitivity index m of this alloy calculated as m=(ln (1+δ))/(2 + ln (1+δ)) was 0.52 (Table 3). Together with the macroscopic mechanical property testing in Figure 3, it was known that the tension rate δ maximized to 790% and the steady-state flow stress was low. At a large strain rate (5 × 10−3 and 5 × 10−2 s−1), the dislocation motion was still significant (Figures 5C,D), and due to the shortened superplastic deformation time, no regular tube-like arrangement was found, and the softening mechanism was controlled by dislocation glide and the stress index rose. At the strain rate of 5 × 10−2−1, the interval of steady-state rheological stress on the stress-strain curves was significantly shortened, the peak stress and steady-state stress both significantly increased, the strain rate sensitivity index m was 0.46 (Table 3), and the tension rate dropped by 490%. The above results also validate that the deformation mechanisms predicted by the R-W-S deformation mechanism maps are very accurate.
TABLE 3 | Results of m and tension rate δ of Ti-6Al-4V at 923 K and different tension speeds.
[image: Table 3]CONCLUSION
During the superplastic tensile deformation of Ti-6Al-4V at low temperature (923 K) and 10−3, 5 × 10−3, or 5 × 10−2 s−1, the tension δ and strain rate sensitivity index m both rose with the decrease in tension speed and δ maximized to 790% at 10−3 s−1. Through mathematics modeling, the unit dislocation count was introduced into the R-W-S deformation mechanism map, and a new deformation mechanism map involving the dislocation count was plotted. Thereby, the mechanism of deformation of this alloy 923 K was predicted. Owing to the low temperature, the dislocation movement significantly impacted the softening effect of this alloy during superplastic deformation. Together with microstructure characterization, it was validated that as the strain rate increases from 10−3 to 5 × 10−2 s−1, the deformation mechanism transited from dislocation-controlled grain boundary slip to dislocation glide, and the stress index increased.
DATA AVAILABILITY STATEMENT
The original contributions presented in the study are included in the article/Supplementary Material; further inquiries can be directed to the corresponding author.
AUTHOR CONTRIBUTIONS
CL, XW, and LC conceived of and designed the experiments; XW and CL carried out the experiments; FL, SZ, HL, and HZ analyzed the data; CL and GZ wrote the article.
FUNDING
This research was funded by the Liaoning provincial department of finance (No. LQGD2017024), National Natural Science Foundation (No. 51805335), and Liaoning Natural Science Guidance Plan (20180550998).
REFERENCES
 Cao, F. R., Ding, H., Li, Y. L., Zhao, W. J., Guo, Y. L., and Gui, J. Z. (2008). Theoretical predicati on of dislocation-included high-temperature deformation mechanism maps for duplex magnesium lithium alloys. J. Mater. Metall. 7, 206–210. doi:10.14186/j.cnki.1671-6620.2008.03.008
 Hiroaki, M., Takuro, N., Vincent, V., and Vanessa, V. (2017). Superplastic property of the Ti–6Al–4V alloy with ultrafine‐grained heterogeneous microstructure. Adv. Eng. Mater . 20, 1. doi:10.1002/adem.201700317
 Kim, W. J., Chung, S., Chung, C., and Kum, D. (2001). Superplasticity in thin magnesium alloy sheets and deformation mechanism maps for magnesium alloys at elevated temperatures. Acta Mater . 49, 3337–3345. doi:10.1016/S1359-6454(01)00008-8
 Li, X., Guo, G., Xiao, J., Song, N., and Li, D. (2014). Constitutive modeling and the effects of strain-rate and temperature on the formability of Ti–6Al–4V alloy sheet. Mater. Des. 55, 325–334. doi:10.1016/j.matdes.2013.09.069
 Matsumoto, H., Bin, L., and Lee, S. (2013). Frequent occurrence of discontinuous dynamic recrystallization in Ti-6Al-4V alloy with α′ martensite starting microstructure. Metall. Mater. Trans . 44, 3245–3260. doi:10.1007/s11661-013-1655-5
 Meng, B., Fu, M. W., and Shi, S. Q. (2016). Deformation behavior and microstructure evolution in thermal-aided mesoforming of titanium dental abutment. Mater. Des. 89, 1283–1293. doi:10.1016/j.matdes.2015.10.105
 Reca, N. E., and Libanati, C. M. (1968). Autodifusion de titanio beta y hafnio beta Self-diffusion in β-titanium and β-hafniumAutodiffusion du titane beta et de l'hafnium betaSelbstdiffusion in β-titan und β-hafnium. Acta. Met. 16, 1297–1305. doi:10.1016/0001-6160(68)90010-2
 Shahmir, H., Naghdi, F., Pereira, P., Huang, Y., and Langdon, T. G. (2018). Factors influencing superplasticity in the Ti-6Al-4V alloy processed by high-pressure torsion. Mater. Sci. Eng. A. 718, 198–206. doi:10.1016/j.msea.2018.01.091
 Stowell, M. J., Livesey, D. W., and Ridley, N. (1984). Cavity coalescence in superplastic deformation. Acta Metall . 32, 35–42. doi:10.1016/0001-6160(84)90199-8
 Vanderhasten, M., Rabet, L., and Verlinden, B. (2007). Deformation mechanisms of Ti-6Al-4V during tensile behavior at low strain rate. J. Mater. Eng. Perform. 16, 208–212. doi:10.1007/s11665-007-9033-3
 Zhang, W., Ding, H., Pereira, P., Huang, Y., and Langdon, T. G. (2018). Grain refinement and superplastic flow in a fully lamellar Ti-6Al-4V alloy processed by high-pressure torsion. Mater. Sci. Eng. A. 732, 398–405. doi:10.1016/j.msea.2018.07.010
 Zhang, W., Ding, Hua., Cai, Minghui., Yang, Wenjing., and Li, Jizhong. (2018). Ultra-grain refinement and enhanced low-temperature superplasticity in a friction stir-processed Ti-6Al-4V alloy. Mater. Sci. Eng. A. 727, 90–96. doi:10.1016/j.msea.2018.03.009
 Zhou, Ge., Chen, Lijia., Liu, Lirong., Liu, Haijian., Peng, Heli., and Zhong, Yiping. (2018). Low-temperature superplasticity and deformation mechanism of Ti-6Al-4V alloy. Materials 11, 1212. doi:10.3390/ma11071212
Conflict of Interest: The authors declare that the research was conducted in the absence of any commercial or financial relationships that could be construed as a potential conflict of interest.
Copyright © 2021 Liu, Wang, Zhou, Li, Zhang, Zhang, Chen and Liu. This is an open-access article distributed under the terms of the Creative Commons Attribution License (CC BY). The use, distribution or reproduction in other forums is permitted, provided the original author(s) and the copyright owner(s) are credited and that the original publication in this journal is cited, in accordance with accepted academic practice. No use, distribution or reproduction is permitted which does not comply with these terms.
		ORIGINAL RESEARCH
published: 12 February 2021
doi: 10.3389/fmats.2021.633789


[image: image2]
Influence of Coarse Mg3Bi2 Particles on Deformation Behaviors of Mg-Bi Alloys
Tingting Guo1†*, Xuerong Lu1†, Ramesh Kumar Varma2, Cheng Zhao3, Jun Wang2, Jianwei You1 and Jian Chen1
1School of Materials Science and Chemical Engineering, Xi’an Technological University, Xi’an, China
2Institute for Frontier Materials, Deakin University, Geelong, VIC, Australia
3School of Materials Science and Engineering, Xi’an University of Technology, Xi’an, China
Edited by:
Minghui Cai, Northeastern University, China
Reviewed by:
Hucheng Pan, Northeastern University, China
Zhen Zhang, Hefei University of Technology, China
* Correspondence: Tingting Guo, ttgu@outlook.com
†These authors have contributed equally to this work
Specialty section: This article was submitted to Structural Materials, a section of the journal Frontiers in Materials
Received: 26 November 2020
Accepted: 04 January 2021
Published: 12 February 2021
Citation: Guo T, Lu X, Varma RK, Zhao C, Wang J, You J and Chen J (2021) Influence of Coarse Mg3Bi2 Particles on Deformation Behaviors of Mg-Bi Alloys. Front. Mater. 8:633789. doi: 10.3389/fmats.2021.633789

Mg-Bi binary alloys with concentrations of 1, 3, 6, and 9 wt% Bi and ternary Mg-9Bi-2.5Zn alloy were prepared by casting and hot extrusion. The results show that alloying with Bi refined as-cast grains of Mg alloys and the refinement efficiency of Bi is in between Al and Zr. It was also found that a critical value for the area fraction of constituent Mg3Bi2 particles seems to appear, which influences the dynamic recrystallization mechanism during extrusion. This influence results in either uniform or heterogenetic distribution of grain size and different extrusion texture intensities. Furthermore, the addition of Zn affected both the grain size and the area fraction/size of Mg3Bi2. Mechanical results and microstructure/fractography observation suggest that Mg3Bi2 particles do not impact the tensile nor compression yielding stress but act as fracture sources.
Keywords: magnesium, bismuth, zinc, coarse particles, deformation behavior
INTRODUCTION
Alloying is a common manner to modify the microstructure and the mechanical response of magnesium (Mg). Zinc (Zn), aluminum (Al), and rare earth (RE) are the main alloying elements for commercial applications of Mg alloys at present (Ahmad et al., 2019; Jayasathyakawin et al., 2020; Polmear et al., 2017c). With alloying and subsequent metallurgical/thermal treatments, intermetallic compounds, submicron-sized particles, or nanosized precipitations are usually formed in these magnesium alloys. These particles usually exert diverse influences on plastic deformation behaviors of the end products. A better understanding of the role played by them in the mechanical properties of Mg alloys is thereby essential for designing sophisticated new alloys.
Fine and densely dispersed particles are ideal for alloys to obtain a well-balanced strength and ductility. Efforts have been made to work on age-hardenable magnesium to achieve this goal for decades and an Mg-Bi system in recent years has attracted increasing attention due to its great mechanical properties (Go et al., 2020; Meng et al., 2020). Nanosized Mg3Bi2 precipitates are usually formed during the age heat treatment of Mg-Bi alloys and they show rod- or plate-like shapes lying parallel to [image: image] or [image: image] directions of Mg matrix (Sasaki et al., 2009; Sun and Sun, 2018). Zn coworks with bismuth (Bi) in Mg to further refine the Mg3Bi2 precipitates by around two- to fivefold while promoting the nucleation of Mg3Bi2 (Sasaki et al., 2009; He et al., 2020). Nanosized Mg3Bi2 particles could be obtained during the postthermal processing and the area fraction is in a positive linear relationship with Bi addition (Yu et al., 2020). The binary or multicomponent Mg-Bi-based alloys containing very fine precipitations were reported to show an improved hardening response (Sasaki et al., 2009; He et al., 2020). On the other hand, the constituent Mg3Bi2 phase formed during solidification cannot dissolve comprehensively in homogenization, due to its high incipient melting temperature (Go et al., 2020). This constituent Mg3Bi2 phase is expected to impose a different effect on mechanical performance compared to the same phase with much smaller sizes obtained by postthermal processing. However, this effect is not well understood.
Meng et al. (Meng et al., 2017) observed that stringers of coarse Mg3Bi2 intermetallic compounds, with an area fraction of ∼5.9%, were aligned along the extrusion direction (ED) in an Mg-8Bi-1Al-1Zn alloy. This extruded alloy showed a yield stress of ∼291 MPa with an elongation of ∼14.6%. These good mechanical properties were ascribed to the refined grain size and the hardening effect by Mg3Bi2. In another investigation on Mg-6Bi and Mg-9Bi alloys (Go et al., 2020), the tensile yield stress was measured as ∼129 MPa and 141 MPa, respectively, and both materials showed brittle fracture (∼5% elongation). The stress increment was interpreted as a change of the coarse Mg3Bi2 particles’ area fraction from 12.7% to 14.4%. In a very recent work by Yu et al. (Yu et al., 2020), the influence of 2, 5, and 8 wt% bismuth addition on the microstructure and plastic deformation of binary magnesium alloys was examined. Their results showed that the yielding systematically rises with Bi content, and the Mg-5Bi had the best ductility of ∼19.8%. Both nanosized precipitates and coarse phase of Mg3Bi2 were observed and explained to contribute to the hardening. The crack types of either brittle or ductile fracture mentioned above were caused by the large Mg3Bi2 compounds judging from the fractography. However, the microstructure features, i.e., the size of these Mg3Bi2 particles, whether they are nanosized or coarse or a mixture of both, on the mechanical performance, were not well separated. It is expected that the size of these particles should play an important role. Therefore, the present study focuses on examining the effect of coarse Mg3Bi2 particles.
Specifically, in this work, binary Mg-Bi alloys with 1, 3, 6, and 9 wt% addition were employed for investigation. We aim at studying the role of coarse Mg3Bi2 particles obtained from the casting on plastic deformation, and the influence of Zn will also be discussed.
EXPERIMENTAL METHOD
Five alloys listed in Table 1 were studied in this work, and pure Mg was used for the benchmark. The castings were heated to 730°C and then poured into a 300°C preheated brass mold to produce an as-cast cylinder of 85 mm in diameter and 200 mm in length. The compositions of all alloys were analyzed during the casting by Inductively Coupled Plasma (ICP) Spectroscopy to obtain the targeting compositions. The as-cast ingots were homogenized at 500°C for 24 h and then machined to a diameter of ϕ80 mm. The ingots were extruded at 380°C with an extrusion ratio of 25 : 1 at a ram speed of 2 m/min and finished with water quenching. Dog-bone shaped tensile samples with a gauge dimension of ϕ3 mm × 10 mm and cylindrical compression specimens with the size of ϕ10 mm × 15 mm were prepared. The ambient temperature tensile and compression tests were performed at a strain rate of 10−3/s. The tensile strain is measured by a contact extensometer (Epsilon, produced by Epsilon Technology Corp, USA) until fracture.
TABLE 1 | Composition of the alloys studied in this work expressed in weight percentage.
[image: Table 1]The samples for Optical Microscopy (OM), Scanning Electron Microscopy (SEM), Energy-Dispersive X-ray (EDX) spectroscopy, and Electron Backscattered Diffraction (EBSD) observations were taken close to the cylindrical axis and polished on the cross-sectional surface of the casting or extrusion parts. The polishing procedure includes wet grinding using 2000 grit SiC paper and 6 and 3 µm diamond pastes. The 20 nm sized colloidal silica was used for the last step on a Struers DP-Pan cloth. Samples were ultrasonically cleaned for 2 min in ethanol between each step and dried with flowing air. The samples for OM observations were etched in acetic-nitric acid (15 ml acetic acid, 5 ml nitric acid, 60 ml ethanol, and 20 ml distilled water) for 5–10 s depending on the content of Bi. SEM and EDX analyses were performed using a VEGA3-SBH Tescan operated at 20 kV. ImageJ software (Schneider et al., 2012) was used for particle analysis. The textures obtained by EBSD mapping were carried out by a field emission Zeiss Sigma 500 and the scanning step size is 1–3 µm decided by the grain size of samples. An HKL channel five software (Oxford Instruments) was employed for EBSD analysis. Phase determination was performed on 2000 grid SiC polished surface using Bruker D2 Phaser X-Ray Diffractometer (XRD) by Cu Kα radiation. The lattice parameters were calculated by single peak refinement from the corrected peak positions [Suryanarayana and Norton, 1998]. A nonlinear least-square refinement over the observed hkl reflections and the corresponding d spacing gives lattice parameters.
RESULTS
Microstructure of As-Cast Alloys
Figure 1 shows the as-cast microstructures of alloys investigated in the present work. There is interdendritic segregation that occurs in the alloys with higher bismuth concentration (Figures 1D,E). Smaller dendritic arms were observed in ternary alloys due to the influence of Zn, shown in Figure 1F, and some large particles were also seen in the grain interior. Taking a close inspection of Mg-9Bi (Figure 2A) and Mg-9Bi-2.5Zn (Figure 2B), most of the intermetallic compounds lie along the grain boundaries, and there are rod-like submicron-sized particles located around. EDX results show that the intermetallic compounds and the submicron-sized particles are composed of Mg3Bi2 phase, which has been further confirmed by XRD analysis (not shown here). The rod-shaped particles’ size is estimated to be ∼1.5 times smaller in ternary alloys than that in Mg-9Bi. It was shown in Figure 2 that the Bi is rarely concentrated in the grain interior, indicative of the serious segregation feature of the Bi element. There is a segregation-free and precipitation-free zone adjacent to the coarse intermetallic compounds/grain boundaries, which is not uncommon in aged alloys (Watanabe et al., 2008; Zindal et al., 2018).
[image: Figure 1]FIGURE 1 | As-cast microstructure of (A) pure Mg, (B) Mg-1Bi, (C) Mg-3Bi, (D) Mg-6Bi, (E) Mg-9Bi, and (F) Mg-9Bi-2.5Zn.
[image: Figure 2]FIGURE 2 | EDX analysis of (A) (C) (D) Mg-9Bi alloy and (B) (E) (F) (G) Mg-9Bi-2.5Zn.
Figure 3A depicts the evolution of grain size with compositions. Bi acts as a grain refiner and reduces the average grain size from 880 µm of pure Mg to 115 µm when 9 wt% Bi is added. The grain size is further reduced to 47 µm by alloying with Zn. Figure 3B shows the statistics of area fraction of intermetallic phase along the grain boundaries. ImageJ was employed on OM images to analyze based on the contrast with Mg matrix. This method overestimates the amount of Mg3Bi2, because the area of Bi segregation is not easy to be excluded, and it are only used for rough comparison. It is observed that the amount of Mg3Bi2 phase (and Bi segregation) increases with Bi content and reaches a peak of 57% area fraction for the Mg-9Bi alloy. Further alloying with Zn, by contrast, decreases the Mg3Bi2 area fraction, which is even 1.7% less than that for the Mg-6Bi.
[image: Figure 3]FIGURE 3 | (A) The evolution of grain size with Bi content and (B) the area fraction of Mg3Bi2 intermetallic compounds of alloys estimated by ImageJ. The error bars represent the standard deviation. The dashed line is used for guiding the eyes.
Microstructure and Texture of Extruded Alloys
Figure 4 shows the SEM images of the cross-sectional plane of the extruded alloys. The XRD profiles in Figure 5 index the Mg3Bi2 particles in all alloys. Mg3Bi2 particles are observed on both grain boundaries and interiors. The average diameter of particles is shown to be the largest in Mg-9Bi of ∼0.65 µm, although the data is widely scattered, as observed in Figure 6A. In contrast, the other alloys display a similar average size of ∼0.4 µm. The area fraction of particles in Figure 6B follows the same trend as observed in Figure 3B. The values shown in Figure 6B drop sharply below 10%, which is possible due to the dissolution of the segregated Bi. Alloy of 9% Bi contains the largest area fraction of the second phase of ∼7.3%, while only ∼5.7% Mg3Bi2 particles are present in the ternary alloy.
[image: Figure 4]FIGURE 4 | SEM images showing microstructure of extruded (A) Mg-1Bi, (B) Mg-3Bi, (C) Mg-6Bi, (D) Mg-9Bi, and (E) Mg-9Bi-2.5Zn.
[image: Figure 5]FIGURE 5 | XRD profiles of pure Mg, Mg-Bi, and Mg-Bi-Zn alloys.
[image: Figure 6]FIGURE 6 | (A) Diameter and (B) area fraction of Mg3Bi2 particles in pure Mg and alloys studied in the present work. ImageJ is used for analysis based on SEM images. The error bars represent the standard deviation. The dashed line is used for guiding the eyes.
Figure 5 shows XRD profiles of Mg-Bi and Mg-Bi-Zn alloys. The primary Mg phase and secondary Mg3Bi2 phase are readily indexed. It can be seen that the intensity of Mg3Bi2 phase increases with Bi concentration. However, due to the orientation effect in the irradiated area, the peak intensities do not follow the reference intensity ratio (RIR) values. Further, the effect of Bi on Mg matrix will be analyzed via lattice parameter variation in the discussion section.
The microstructures of the as-extruded materials and their corresponding inverse pole figure (IPF) are shown in Figures 7 and 8, respectively. The grains are dramatically refined (see caption of Figure 7 for more details) compared to the as-cast counterpart. The heterogeneity of grain size in Mg-6Bi and Mg-9Bi indicates the partially dynamic recrystallized (DRXed) microstructure, which accounts for 38.8% and 89.4% in area fraction, respectively. The formation of DRXed grains in those two alloys might be due to a precipitation stimulated nucleation (PSN) mechanisms by the presence of isolated large Mg3Bi2 particles. It is generally accepted that PSN is observed to occur at particles with a diameter larger than 1 µm (Robson et al., 2009; Doherty et al., 1997; Humphreys et al., 2017), which accounts for ∼4%, ∼3.5%, ∼7%, and ∼19% of total particles in binary alloys with an increase of Bi content, and in Mg-9Bi-2.5Zn alloys, it is ∼6%. The efficiency of PSN seems to be influenced by fraction of critical-sized (1 µm) particles, and a value of ∼7% might be the threshold based on the dynamic recrystallization fraction changes. It is worth noting that the PSN-induced DRXed grains in the Mg-6Bi and Mg-9Bi alloys display the strongest [image: image] fiber texture (∼5.5 MUD, analyzed by partition DRXed grains according to kernel average misorientation). Inspection of the grain disorientation function in Figure 9 reveals that all the materials have experienced recrystallization (>90% grain boundaries are high angle ones). The less intense texture (Figures 8A–C,F) and homogeneously distributed grain size in other alloys imply possible different DRXed mechanisms rather than PSN. For particle size smaller than the critical value, the recrystallization could be retarded resulting in an increase of grain size (Humphreys et al., 2017), which probably occurred in the current alloys Mg-1Bi, Mg-3Bi, and Mg-9Bi-2.5Zn. A careful examination of Mg3Bi2 particle-stimulated dynamic recrystallization will be presented in a separate paper.
[image: Figure 7]FIGURE 7 | Inverse pole figure colored EBSD maps of (A) pure Mg, (B) Mg-1Bi, (C) Mg-3Bi, (D) Mg-6Bi, (E) Mg-9Bi, and (F) Mg-9Bi-2.5Zn. The average grain size is 103, 38, 21, 15, 9, and 12 μm, respectively. The extrusion direction (ED) is normal to the page. The scanning area is in the center of the cross section of extrusion bars.
[image: Figure 8]FIGURE 8 | Inverse pole figures of (A) pure Mg, (B) Mg-1Bi, (C) Mg-3Bi, (D) Mg-6Bi, (E) Mg-9Bi, and (F) Mg-9Bi-2.5Zn.
[image: Figure 9]FIGURE 9 | Grain disorientation profile of as-extruded pure Mg and alloys studied in the present work.
Mechanical Properties
Engineering stress-strain curves obtained from tensile and compression tests for pure Mg and magnesium alloys are presented in Figures 10A and 10B. The effect of alloying with Bi and Zn on the 0.2% offset yield strength is summarized in Figure 10C. Tensile yield stress increases with the Bi concentration up to 6%. A drop of yielding of ∼26 and ∼29 MPa can be observed when going from the addition of 6%–9% of Bi to 9% Bi-2.5% Zn, respectively. Mg-9Bi-2.5Zn shows the best ductility with total elongation of ∼10%, which is 3 times better than that for Mg-9Bi alloy. All the other alloys are brittle with the elongation of less than 5%. In the case of compression testing, the drop of yielding stress occurs in Mg-9Bi-2.5Zn by 14 MPa compared to Mg-9Bi. It is clear that the Bi addition is favorable for dampening yield asymmetry and the final addition of 2.5% Zn to Mg-9Bi alloy makes the asymmetry ratio (compression yield stress/tensile yield stress) close to 1, as shown in Figure 10D.
[image: Figure 10]FIGURE 10 | Engineering stress-strain curve of (A) tensile, (B) compression tests, (C) summary of 0.2% offset proof stress, and (D) compression/tension yield asymmetry ratio in alloys studied in present work. The dashed line is used for guiding the eyes.
The fracture surface after tensile testing is shown in Figure 11. The typical brittle fracture featured with the cleavage plane is observed in pure Mg and Mg-1Bi. Both dimple-like failure and low ductility cleavage plane are observed in Mg-3Bi, Mg-6Bi, and Mg-9Bi. The Mg-9Bi-2.5Zn alloy demonstrates an almost uniform fracture consisting of dimples and river-like strips. Mg3Bi2 particles can be clearly seen inside the dimples in most alloys, except pure Mg and Mg-1Bi, indicating that these particles are probably the source of fracture. The average size of exposed particles is estimated to be ∼0.27, 0.54, 0.62, and 0.34 µm for Mg-3Bi, Mg-6Bi, Mg-9Bi, and Mg-9Bi-2.5Zn, respectively, falling in the range of measurement shown in Figure 6A.
[image: Figure 11]FIGURE 11 | Tensile fractograph of (A) pure Mg, (B) Mg-1Bi, (C) Mg-3Bi, (D) Mg-6Bi, (E) Mg-9Bi, and (F) Mg-9Bi-2.5Zn.
DISCUSSION
Grain Refinement of As-Cast Mg-Bi Alloys
Obtaining a fine-grained structure of as-cast alloys could reduce the need for postthermal processing or further refining the DRXed grains. As observed in Figure 1, alloying with Bi is a potential option for grain refiner of magnesium alloys. The grain size is thought to be controlled by nucleant particles and growth restriction, Q. The solute with a strong segregation ability has a high Q value. The independence model incorporated two factors to predict the grain size, and the simplified version is (StJohn et al., 2013)
[image: image]
where D is the diffusion rate, z is the proportion of constitutional supercooling (CS) required to be regenerated after the nucleation, [image: image] is the nucleant particle potency, [image: image] is the steady-state growth rate, and [image: image] is the density of the particle. The growth restriction factor Q can be expressed as (Easton et al., 2016) 
[image: image]
where [image: image] is alloy composition, [image: image] is the slope of the liquidus line, and [image: image] is the partition coefficient. The first term in Eq. 1 is the distance of Nucleation Free Zone (NFZ), [image: image], which is controlled by CS. Reducing the NFZ is the key to refine the grain size and the importance has been discussed in ref. (Easton et al., 2016; Prasad et al., 2013; StJohn et al., 2015). Figure 12 plots the grain size against 1/Q. The linear fitting equation though the data is d = 1194.5(1/Q) + 10. Joshi and Babu (Joshi and Hari Babu, 2017) studied the impact of 0.02 wt%–0.4 wt% Bi addition on the grain size of binary magnesium alloys and the relation of dgs and 1/Q they obtained was d = 13.2(1/Q) + 403. Their result seems to show a greater grain refining effect by Bi. This is probably because the oxidation during casting which formed the Mg-Bi-O particles provides the nucleation sites in their work, while in our case, a lower number of nucleating particles (10/mm3) and large NFZ result in coarse grains. The data of Mg-Al and Mg-Zr cast in a mild steel mold reported by Lee et al. (Lee et al., 2000) are also plotted for comparison in Figure 12. If we neglect the effect of cooling rate (Bi is thought to be insensitive to the cooling rate by Joshi and Babu (Joshi and Babu, 2017)), the efficiency of Bi as a grain refiner for Mg is greater than Al but less than Zr. Zn is also thought to be a grain refiner to magnesium alloys (Polmear et al., 2017b) and leads to a further reduction of grain size when alloying with Zn.
[image: Figure 12]FIGURE 12 | Grain size vs. 1/Q for Mg-Bi (1-9 wt%) binary alloys. The casting was performed in a brass mold and the sample size is ϕ85 mm × L200 mm. The data of Mg-Al (1-9 wt%) and Mg-Zr (0.04-0.32 wt%) are reproduced from ref. Lee et al. (2000), and the sample dimension is ϕ25 mm × L70 mm.
The Variation of Yielding Stress
As observed in Figure 10, the tensile yielding stress increases with Bi addition in leaner alloys but drops at Mg-9Bi, and it has a further decrease in Mg-9Bi-2.5Zn alloy. The yield of compression rises as Bi concentration increases, and this is followed by a slight drop by 14 MPa alloyed with Zn. It seems that our work is controversial with previous reports (Yu et al., 2020; Go et al., 2020), in which the yielding monotonic increases with Bi content. The likely reasons will be analyzed in the following part.
As for textured extruded magnesium, tensile testing along the extrusion direction is controlled by prismatic slip, and for compression along the extrusion direction, the yielding is dominated by [image: image] extension twinning (Polmear et al., 2017c). The critical resolved shear stress (CRSS) for prismatic slip and extension twinning could thus be roughly estimated by multiplying the yielding stress (σ) and the average Schmid factor (M) as (Stanford and Barnett, 2013) 
[image: image]
Table 2 lists the CRSS of prismatic slip and twin for pure Mg and alloys, and the grain size is also presented for each extruded alloy. The CRSS values measured here are reasonable for both prismatic slip and extension twin for a range of grain sizes, which were reported by previous works (Ghaderi and Barnett, 2011; Stanford and Barnett, 2013). The grain size influences the activation of deformation modes; i.e., the smaller the grain size, the larger CRSS (Hall-Petch relation). This Hall-Petch type hardening is generally true for alloy up to 6 wt% Bi addition in our cases. It seems that alloying with 9% Bi softens the prismatic slip which is against this hardening law, and further alloying with 2.5% Zn softens both prismatic slip and extension twin.
TABLE 2 | Estimated critical resolved shear stresses for prismatic slip and extension twinning calculated from Eq. 3.
[image: Table 2]Due to the consumption of Bi by a large amount of coarse Mg3Bi2 particles, we chose six different parts for each sample and carefully examined the Bi concentration that dissolved into the matrix as shown in Figure 13A. Zn is found to be ∼2.5% in the matrix, which agrees with the ICP measurement. Note that the samples for ICP spectrometry are liquid so the Bi measured covers in both matrix and particles. Here, we focus on analyzing Mg-6Bi, Mg-9Bi, and Mg-9Bi-2.5Zn alloys because their grain sizes can be grouped into the same level. The concentration of Bi in Mg-6Bi matrix was measured the highest as ∼4.8 wt% and was 3.5 wt% in Mg-9Bi and 1.84 wt% in Mg-9Bi-2.5Zn, respectively. The variations seem to follow the tendency of CRSS for the prismatic slip. It appears that the prismatic dislocations are more sensitive to Bi in solution than it is to the Mg3Bi2 particles. Besides, Stanford and Barnett (Stanford and Barnett, 2013) found the solute softening in binary Mg-Zn alloys because the stress for cross slip into the prismatic plane is lowered with higher solute content. It is believed that this is also a possible explanation for a further drop in the CRSS for prismatic slip in Mg-9Bi-2.5Zn. The coarse and brittle Mg3Bi2 particles could not effectively block the slip gliding but deteriorate the mechanical properties, e.g., ductility (Figure 10A). Similar findings were also seen in coarse particle-contained alloys (Gutierrez-Urrutia et al., 2005; Polmear et al., 2017a; Huang et al., 2018).
[image: Figure 13]FIGURE 13 | (A) Bi concentration in matrix measured by EDX vs. Bi concentration obtained by ICP. The dashed line shows the idea case that Bi is dissolved thoroughly in the matrix. (B) Lattice parameter “a[image: image]” variation of Mg as a function of solute concentration in the matrix.
Figure 13B shows changes in the lattice parameter [image: image] “[image: image]” of the Mg phase, which can be calculated based on (Suryanarayana and Norton, 1998) 
[image: image]
where hkl is the Miller indices, a and c are the lattice parameters, and d is the plane spacing. A systematic variation can be seen in the lattice parameter “[image: image]” with a dissolved solute concentration in the matrix in Figure 13A. The highest expansion was observed for the highest solution of Bi in the matrix. In contrast, a sharp contraction is observed upon the addition of Zn. These results are directly supportive of EDX measurement and can be understood via size effects. Bi is a slightly bigger atom than Mg. A gradual increase is observed in the lattice of Mg with an increase in Bi concentration. However, in the presence of Zn, a marked decrease in the lattice parameter is observed owing to the smaller atomic size of Zn. Similar behavior was reported in (Kennedy and Raynor, 1959). Therefore, we prefer to conclude that the hardening of the prismatic slip is dominated by solid solution strengthening mechanism and Hall-Petch type hardening. Mg3Bi2 particles have little impact on the observed yielding but cause a dramatic loss of ductility by acting as a brittle fracture source.
We turn now to the strengthening effect on twinning. Mg3Bi2 particles may provide sites for twin nucleation and possibly increase the twin number density, which is generally true in fine-precipitated magnesium alloys (Stanford and Barnett, 2009; Robson et al., 2010; Robson and Barnett, 2019; Jain et al., 2015). Based on the Orowan hardening law ([image: image], where [image: image] is the interparticle spacing on twin plane, [image: image] is the diameter of particles, and [image: image] is the dislocation core radius (Embury et al., 2016), the finer and close-spaced particles always show a good hardening against twinning. The overaged magnesium shows reduced hardening stress on twins compared with the peak-aged condition (Jain et al., 2015). As observed in Figures 4 and 6A, both the diameter and interparticle spacing are hundreds of times larger than the most effective fine precipitates generated during aging. It is less likely that the twin could be strengthened by the coarse Mg3Bi2 particles, at least on yielding. The hardening is more possibly caused by the reduced grain size in more heavily alloyed Mg, as shown in Table 2. It is not sure, to what extent, that the residual solute Bi left in the matrix plays a role in the hardening of twinning, which requires further examination.
CONCLUSION
In this study, a systematic investigation of the effect of Mg3Bi2 particles on deformation behavior in a series of Mg-Bi binary alloys and Mg-9Bi-2.5Zn was reported. The following are the conclusions drawn from this work:
The addition of Bi element to magnesium led to a reduction of grain size in casting. A linear expression of [image: image] was obtained. The grain refinement efficiency is greater than the addition of Al but less than Zr reported by Lee et al. (Lee et al., 2000).
The Mg3Bi2 particles could either stimulate or retard the dynamic recrystallization depending on the particle size and area fraction. The PSN DRXed grains show stronger [image: image] fiber texture intensity.
Coarse Mg3Bi2 particles cannot strengthen the prismatic slip nor the extension twin but cause ductility to lose. The tensile yielding dominated by prismatic slip is more sensitive to the Bi solute concentration. The compression yielding stress controlled by extension twin activation is influenced by Hall-Petch type strengthening. Mg3Bi2 particles serve as fracture source in the tensile testing.
The addition of Zn can refine the Mg-Bi casting microstructure and reduce the size and area fraction of Mg3Bi2 particles.
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In order to enhance the wear resistance without changing the mechanical properties of the substrate, the aluminum-bronze alloy was siliconized by pack cementation in this paper. Its surface hardness was improved by a certain thickness of siliconized layer. The different processes and their influences on the siliconized layer and the substrate were investigated by changing the ratio of siliconizing powder. The microstructure and phase composition of the siliconized layer was detected and analyzed. Compared with the non-siliconized sample, the hardness of the siliconized layer of 30% Si content is increased by 93.54%, and the average friction coefficient is reduced to 40.38%. The maximum thickness of siliconized layer in the experiment is 200 μm when the silicon powder content is 30%. It can be concluded that surface siliconizing is effective to reduce the friction coefficient of aluminum-bronze and improve wear resistance.
Keywords: aluminum-bronze alloy, pack cementation, siliconized layer, lubrication friction coefficient, wear resistance
INTRODUCTION
Compared with simple aluminum-bronze, complex aluminum-bronze has better wear resistance. It is mostly used to make frictional parts in the mechanical transmission system, such as screw and nut (Wharton et al., 2005; Equey et al., 2011; Wu et al., 2015). When used as a friction pair with harder parts, complex aluminum-bronze is easy to wear out by producing a lot of wear debris (Zhou et al., 2015) which affects the service life of the parts.
The wear resistance of copper alloys can be improved through adding alloying elements (Buchely et al., 2005), suitable heat treatment processes and the surface coating technology (Yang et al., 2005). There is evidence to suggest that the friction and wear properties of copper alloys are mainly determined by the plastic deformation and cracks of the surface layer (Mohseni et al., 2015; Rigney and Glaeser, 1978; Hirth and Rigney, 1976). Compared with heat treatment technology, the surface coating technology can improve the surface hardness and wear resistance without changing the performance of the aluminum bronze alloy. Among surface coating technologies, electroplating technology has a large environmental pollution, and laser cladding technology is costly. Chemical heat treatment uses chemical reaction and physical adsorption to deposit the infiltrated elements on the surface of the substrate, and gradually diffuse to the substrate with the extension of heating and holding time, and finally form a certain thickness of infiltration layer. The infiltration layer obtained by the chemical heat treatment has continuous structure, which belongs to metallurgical bonding, high bonding strength, and not easy to exfoliate (Qiao and Zhou, 2012; Aragoudakisa et al., 2003; Koo and Yu, 2000). Therefore, the method of chemical heat treatment of pack cementation is used in this study to reduce the cost while effectively improving the surface properties. To achieve the chemical heat treatment for the metal surface, the atoms that need to be infiltrated are first deposited on the metal surface, and infiltrated into metal surface from penetrant through chemical reaction. When the surface atoms reach a certain concentration, they begin to infiltrate and diffuse into the metal substrate. The speed of chemical reaction and the diffusion rate of atoms in the metal substrate are mainly affected by the concentration of atoms and the heat treatment process. Parlikar et al. (Parlikar et al., 2013) obtained the Al3Ti layer by pack cementation aluminizing with nearly α-Ti29A alloy and explored its effect on alloy tensile properties. In a major advance in 1983, Frank et al. (Frank and Falconer, 1983) revealed that Si and Cu form ordered compounds Cu3Si and Solid solution alloy Cu0.95Si0.05 when Si atoms penetrate and diffuse into the copper alloy matrix. Wang et al. (Wang et al., 2009) achieved pack siliconizing on the surface of pure copper with nickel plating, and the siliconized layer improved the surface hardness and wear resistance of pure copper. The average micro hardness value of the surface reached HV760, and the friction coefficient was about 0.3.
In this paper, the Si content with different ratio were prepared for pack cementation. Si atoms are adsorbed on the surface of the aluminum bronze substrate and diffuse to form a silicon infiltration layer, which aims to improve the wear resistance of aluminum bronze’s layer, reduce the amount of wear, and extend the life of the aluminum bronze friction pair. This article deals with the quality evaluation of some layers prepared in different Si content in terms of layer thickness, number of holes, hardness. Besides, the microstructure of siliconized aluminum bronze is analyzed. The wear resistance of the siliconized layer was investigated with hardness and friction coefficient.
EXPERIMENT
Pack Siliconizing
The aluminum bronze (QAl10-5-5) samples were taken from a nut in a mechanical servo press. Its chemical composition is shown in Table 1. The size of aluminum bronze sample is shown in Figure 1A. The samples were taken as the lower friction pair for the friction and wear test after pack siliconizing. Before siliconizing, the samples are mechanically polished and then removes surface stains in absolute ethanol using ultrasonic.
TABLE 1 | The chemical composition of QAl10-5-5 aluminum bronze (wt.%).
[image: Table 1][image: Figure 1]FIGURE 1 | (A) The size of aluminum bronze sample and (B) The process of pack siliconizing.
In this experiment, the penetrant is composed of three parts: the main penetrant, accelerator and filler. The main penetrant is Si powder with a purity of 99.99%. Its particle size is 40–200 mesh. NaF and NH4Cl were used as accelerator to react with Si powder producing SiCl2 and SiF2 and the resulting compound replaces Cu with active Si atoms to penetrate into copper alloy substrate and form intermetallic compounds [16]. The role of SiC as a filler is to prevent powder sintering from affecting the reaction of active Si atoms.
The process of siliconizing test is shown in Figure 1B. Fill the prepared and mixed penetrant powder into a container with preloading samples and compact it. Ensure that the thickness of the powder on the top of the sample is more than 30 mm. Then seal the container with refractory mud, and keep the container without any gas leaking. Finally, put the container into a rapid heating box-type electric furnace for heat treatment. The heating rate was 3°C/s and the holding time was 12 h. Cool down the container within the furnace. The parameters of the test are shown in Table 2. The content of Si and SiC are mainly changed in the experiment. When the content of Si powder increases, the content of filler SiC decreases accordingly. The content of osmotic agent NH4Cl and NaF each contains 3%.
TABLE 2 | Process parameters of test.
[image: Table 2]Test for Wear Resistance and Hardness
In the friction test, the lower friction pair was siliconized aluminum bronze plates and non-siliconized aluminum bronze plates. The upper friction pair was used 38GrMoAl high-grade nitride steel pin, which has high wear resistance, high fatigue strength and high strength, with a diameter of 6.3 mm and a length of 22 mm. The actual contact pressure between the actual force transmitting screw and nut in the mechanical servo press was 15 MPa∼20 MPa, so the load applied to the pin should be in the range of 467.6N∼623.4N. Friction and wear test parameters were shown in Table 3. Before the test, the lower friction pair was soaked in lubricating oil for 1 min to cover the surface of the sample with an oil film, and no lubricating oil was added during the test. Different lower friction pairs were tested three times and the average value was taken.
TABLE 3 | The parameters of friction and wear test.
[image: Table 3]The Vickers hardness was measured using an applied load of 500 g for 15 s. At least three tests were carried out at different positions of the specimen, and the average value of hardness was obtained.
RESULTS AND DISCUSSION
Microstructure of Siliconized Aluminum Bronze under Various Si Content
Four penetrants with different ratios of Si content of 10%, 30%, 50% and 70% were applied to carry out the siliconizing. The microstructures of siliconized layer by different Si content were presented in Figure 2. The siliconized layer is discontinuous and contains many voids and holes when the Si content is 10% (Figure 2A). The maximum depth of the holes is 70 μm and the total thickness of the siliconized layer is about 100 μm. In Figure 2B, the diffusion layer and the solid solution layer can be distinguished. The layer is continuous and relatively smooth, but there are still holes in the siliconized layer. The maximum depth of the holes is 50 μm and the thickness of the diffusion layer and the solid solution layer is about 200 μm. As shown in Figures 2C,D, the phase in the diffusion layer have uneven distribution. When the Si content is 50% and 70%, the siliconized layer is about 140 μm, 130 μm, respectively. Significantly reduction of holes is observed in Figures 2C,D compared with Figure 2A.
[image: Figure 2]FIGURE 2 | Microstructure of the siliconized layer under the condition of different Si powder ratio. (A) 10%; (B) 30%; (C) 50%; (D) 70%.
The SEM images of the siliconized layer under different penetrants are shown in Figure 3. The upper layer is the siliconized layer and the lower layer is the copper alloy substrate. When the Si content is 30%, 50%, 70%, the block structure appears in the siliconized layer. No clear block structure is found in the siliconized layer of 10% Si content of 10% (Figure 3A). There are two kinds of large blocks with different colors in Figure 3B. In the siliconized layers of 50% and 70% Si content (Figures 3C,D), the blocks are smaller than Figure 3B and distributed more scattered. It can be seen from Figure 3E that the Si content is the highest in the diffusion layer of the infiltration layer.
[image: Figure 3]FIGURE 3 | Surfaces of the siliconized layer under the condition of different Si powder ratio. (A) 10%; (B) 30%; (C) 50%; (D) 70%; (E) EDS mapping of 30% Si content.
The Wear Resistance of the Siliconized Aluminum Bronze Layer
The Hardness of Siliconized Aluminum Bronze Layer
A Vickers hardness was used to measure the macroscopic hardness of the siliconized aluminum bronze and the non-siliconized aluminum bronze sample. The surface hardness is shown in Figure 4A by comparing the siliconized sample of 30% Si content and the non-siliconized aluminum bronze sample. The average Vickers hardness of the non-siliconized sample is 271HV1 and the siliconized sample is 525HV1. Compared with the non-siliconized sample, the hardness of the siliconized layer with the Si content of 30% is increased by 93.54%.
[image: Figure 4]FIGURE 4 | (A) A Vickers hardness of the siliconized aluminum bronze and the non-siliconized aluminum bronze sample (30% Si content). (B) The dry friction test of the non-siliconized sample. (C) The Lubrication friction of the siliconized aluminum bronze and the non-siliconized aluminum. (D) The lubrication friction coefficient of the siliconized sample in 90 min.
The Average Friction Coefficient of Siliconized Aluminum Bronze Layer
Lubricant failure may occur in the lubrication friction test. After the lubricating oil fails in the lubrication friction test, the friction gradually changes from the lubrication to the dry friction, and the friction coefficient changes drastically. The dry friction test is carried out on the non-siliconized sample firstly, and the dry friction coefficient is obtained, as shown in Figure 4B. The dry friction coefficient fluctuates in the range of 0.214∼0.427, the fluctuation range is 0.213, and the average friction coefficient is 0.310.
The lubrication friction coefficient of the samples in the siliconized layer of 30% Si content and non-siliconized aluminum bronze is depicted in Figure 4C. It can be seen that the lubrication friction coefficient of the non-siliconized sample began to rise sharply after 8.79 min. At 12 min, the lubrication friction coefficient is 0.343, which exceeds the average value of the dry friction coefficient. The lubrication friction coefficient of siliconized aluminum bronze did not show lubrication failure within the first 11 min. Although the lubrication friction coefficient curve is not flat enough, the friction coefficient fluctuates more smoothly than the non-siliconized sample.
To understand the influence of the siliconized layer on the lubrication friction coefficient, the lubrication friction coefficient of the siliconized sample is observed for a longer time. The result, as shown in Figures 4D, is that the friction coefficient fluctuates greatly in the first 10 min, and the fluctuation range is between 0.112∼0.149. After 10 min, the friction lubrication coefficient decreased to the stable region, and the average lubrication friction coefficient in the stable area is 0.063. The curve was shown a stable downward trend from 10 min to 90 min, and the fluctuation range is 0.020. The results have shown that the oil film on the surface of siliconized aluminized bronze remained undamaged within 90 min, and the two surfaces have not reached stage of the boundary lubrication. The samples after the 90 min friction test were shown in Figures 5A,B. It can be found that the wear marks on the surface of the non-siliconized sample were deep, and those on the surface of the siliconized sample were shallow. In Figure 5C, the wear rate of the non-siliconized sample is 0.085% under dry lubrication. Under lubricating conditions, the wear rate of the non-siliconized sample is 0.035% and the siliconized sample of 30% Si content is 0.012%. In Figure 5D, the wide of wear track is about 20 μm. There are a large number of small debris and a small part of large debris on the friction surface and the inside of the groove. The smallest particle diameter is less than 1 μm, and the large particle diameter is about 10 μm. And the wear debris is generally granular and cannot form a large adhesion layer like the wear debris of the non-siliconized sample.
[image: Figure 5]FIGURE 5 | The scratch on the surface of friction specimen: (A) non-siliconized sample; (B) siliconized sample aluminum bronze sample; (C) wear rate; (D) the SEM of the wear track.
CONCLUSION

When content of Si powder is small, the proportion of filler increases which cause the activity of Si atoms to penetrate into the aluminum bronze surface to decrease. Therefore, the infiltration layer is too thin in low Si powder content. On the other hand, Si powder is sintered due to too little filler which also reduce the generation of active Si atoms when the content of Si powder is high. The appropriate ratio of Si powder and filler is beneficial to obtain a thicker infiltrated layer. Therefore, when the siliconizing powder is composed by 30% Si + 3% NaF +3% NH4Cl + 64% SiC, the heating temperature is 850°C, and the holding time is 18 h, a certain thickness of high-quality siliconized layer will be obtained and the substrate will not be affected.
The average Vickers hardness of the non-siliconized sample is 271HV1 and the siliconized sample is 524.5HV1. It can be concluded that the siliconized layer increases 93.54% of the hardness of the aluminum bronze alloy surface.
The average friction coefficient of the siliconized sample is reduced to 40.38% of that of the non-siliconized sample. In the 90 min friction test, the lubricating oil film did not break and fail and the coefficient of friction was extremely stable. The result proves that the siliconized layer can reduce the friction coefficient and improve wear resistance.
The surface of aluminum bronze forms a large adhesion layer after plastic deformation during friction and shows the characteristics of viscous wear. When the surface of aluminum bronze is siliconized, the plastic deformation area of the micro-protrusions becomes smaller, and the macroscopic performance is that the hardness of the siliconized surface increases. Therefore, wear debris is reduced during the friction process and wear resistance is improved.
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A novel multilayer maraging/CoCrNi composite with good mechanical properties was successfully fabricated by a vacuum hot-rolling and aging treatment. The yield strength, tensile strength, uniform elongation, and fracture elongation reached 1,151, 1,380 MPa, 15.7, and 24% respectively, realizing the aim of synergistic strengthening–toughening by effectively improving the yield strength of the CoCrNi alloy and strain-hardening capacity of the maraging steel. The vacuum state, high rolling reduction ratio, and alloy element diffusion are beneficial in strengthening the clad interface. The good work-hardening capacity of the CoCrNi alloy compensates for the poor strain-softening behavior of the maraging steel, effectively delaying the premature localized necking of the multilayer composites. The strengthening–toughening mechanism of the multilayer maraging/CoCrNi composites is mainly attributed to the strong interface, nanoscale precipitation, and strain-induced twinning.
Keywords: multilayer composites, CoCrNi alloy, work hardening capacity, vacuum hot rolling, synergistic deformation capacity
INTRODUCTION
High-strength metals always display low ductility, toughness, and strain-hardening capacity, while ductile metals exhibit low yield strength and tensile strength, which seriously limits their practical applications (Lesuer et al., 1996; Yin et al., 2013; Jing et al., 2014; Zhang et al., 2014; Seok et al., 2016; Liu et al., 2019). Recently, multilayer metals containing different constituent metallic layers were reported to show outstanding comprehensive mechanical properties (Inoue et al., 2008; Ojima et al., 2012; Kang et al., 2016; Ding et al. 2018; Yu et al., 2018; Chang et al., 2019; Ding et al., 2021). For example, a novel multilayer twinning-induced plasticity (TWIP)/maraging steel with a tensile strength of 1,527 MPa and a fracture elongation of 21.5% was successfully fabricated by Yu et al. (2018). However, the TWIP layer could not compensate for the poor strain-softening behavior of the maraging steel layer, which leads readily to negative strain hardening of the multilayer steel. In the present study, a novel CoCrNi alloy with superior strain-hardening capacity was chosen to replace the TWIP steel layer, giving the CoCrNi alloy an excellent combination of tensile strength and ductility (Slone et al., 2018). Moreover, different from high manganese steel with a martensitic transformation, the CoCrNi alloy maintains the original face-centered cubic structure by forming twins (Grassel et al., 2000; Gutierrezurrutia and Raabe, 2011; Wu et al., 2014; Miao et al., 2017; Slone et al., 2018; Slone et al., 2019). We demonstrate a novel approach to overcoming the strengthening–toughening limit and delaying localized necking, which can provide a means of researching multilayer metal matrix composites.
MATERIALS AND METHODS
Two very different kinds of metals were used as the raw materials in this study. One is maraging steel (C300), which has superior yield strength and poor strain-softening behavior, while the other is a CoCrNi alloy, which has excellent fracture elongation and a low yield strength. The chemical compositions of the C300 maraging steel and the CoCrNi alloy are listed in Table 1. The C300 maraging steel and CoCrNi high-entropy alloy(HEA) were cut into thin plates with a thickness of 0.5 mm and a diameter of 48 mm by wire cutting. Then, the plates were alternately stacked to give a total of 60 layers, and the stacked plates were sealed into a carbon steel box under vacuum of 10−2 Pa. Subsequently, the box was heated at 1,200°C for 30 min, and then hot rolled to a final thickness of 4 mm (Figure 1C). After rolling, some specimens were cut from the hot-rolling multilayer maraging/CoCrNi composite and finally heated at 485°C for 4 h.
TABLE 1 | The chemical composition of C300 maraging steel and CoCrNi medium-entropy alloy (wt%).
[image: Table 1][image: Figure 1]FIGURE 1 | (A,B) Inverse pole figure the IPF mapping of original the original CoCrNi alloy and C300. (C) a schematic diagram of the hot-rolling process, (D,E) the optical microstructures of the hot-rolled and aged multilayer maraging/CoCrNi composite.
The microstructure and distribution of the alloying elements were examined by optical microscopy (OM), electron back-scattering diffraction (EBSD), scanning electron microscopy, electron probe microanalysis (EPMA), and transmission electron microscopy. The dog-bone tensile samples with a gauge length of 18 mm and a width of 3 mm were tested using an AGS 50 KN universal testing machine. The strain distribution and evolution were tested and recorded using a digital image correlation (DIC) method equipped with a contactless full-field strain-measuring system.
RESULTS AND DISCUSSION
The EBSD microstructures of the individual CoCrNi alloy and C300 maraging steel are shown in Figures 1A,B. Obviously, the CoCrNi alloy has rather coarse as-cast columnar grains with an average size of 500 μm, and the C300 maraging steel has a coarse lath-like martensite microstructure. The OM microstructures of the hot-rolled and aged samples are shown in Figures 1D,E. The straight clad interfaces and uniform layer with a thickness of approximately 65 μm can be clearly seen, which indicates that the two constituent alloys have superior deformation coordination capacity during the hot-rolling process.
Figure 2 shows the EBSD microstructure and EPMA mapping of the multilayer maraging/CoCrNi composites. After hot rolling, the grains of the individual layers were obviously refined compared with the original grains, and the average grain size of the CoCrNi layer and lath spacing of the C300 layers are about 5 and 3 μm, respectively. In addition, the grain orientations in the CoCrNi layers are relatively random, while the maraging layer shows an obvious <110>//RD texture. Figures 2A–C shows that many ultrafine grains appear along the clad interface, which is due to a high rolling reduction ratio and sufficient alloying element diffusion. This can also lead to the formation of a transition layer with a thickness of 3 μm. Additionally, Figure 2D shows that nanoscale rod-like precipitates with a length of 20 nm and width of 5 nm appear in the C300 layer after the aging treatment. Specifically, the precipitates are identified as the η-Ni3Ti phase, as shown by the electron diffraction pattern in Figure 2E. This phase can effectively strengthen the C300 layers. Also, many microscale Al2O3 phases appear at the transition layer owing to the high Al content and surface oxidation in the C300 layer. Deformation twins are also generated in the CoCrNi layer, which is similar to the TWIP effect during the hot-rolling process (He et al., 2020). According to EPMA mapping scanning analysis, as shown in Figure 2I–L, many fine Al2O3 and TiN particles are located at the transition interface. Herein, the formation of Al2O3 and TiN is attributed to the selection of oxidation and nitridation at the surface of the C300 maraging steel layer. That is to say, a high vacuum of 10−2 Pa still cannot prevent the oxidation and nitridation of Al and Ti because of their strong chemical activity.
[image: Figure 2]FIGURE 2 | (A) Electron back-scattering diffraction maps of the rolled multilayer maraging/CoCrNi composites. RD indicates the rolling direction and ND the normal direction. (B) Scanning electron microscopy (SEM) of hot-rolled sample. (C) SEM of an aged sample. (D) (F) (G) (H) Transmission electron microscopy of Ni3Ti, Al2O3, TiN and twinning of aged multilayer maraging/CoCrNi composite; (E) Indexing of diffraction pattern illustration of D; (I–L) EPMA mapping distribution of an aged sample.
Figure 3 shows the tensile behavior and DIC whole-field strain distribution of the individual materials and multilayer C300/CoCrNi composites. Herein, the individual CoCrNi alloy has a high work-hardening capacity, a superior tensile fracture elongation of 50%, and a rather low yield strength of 269 MPa, as shown in Figures 3A,B. However, the individual C300 maraging steel reveals a superior yield strength of 1951 MPa, poor strain-softening behavior, and a poor work-hardening rate. Based on the above multilayer design idea, a relatively high tensile strength of 855 MPa and a uniform elongation of 21.7% can be obtained for the hot-rolled C300/CoCrNi multilayer composites. Moreover, after the aging treatment, the composites obtained a superior tensile strength of 1,380 MPa and a superior fracture elongation of 24% (uniform elongation of 15.7%). Here, the strengthening mechanisms of the multilayer metal matrix composites are mainly attributed to grain refining, strain-induced twinning, and nanometer precipitate strengthening. Noticeably, the excellent interface bonding is beneficial for deformation coordination and toughening of the C300/CoCrNi multilayer composites.
[image: Figure 3]FIGURE 3 | (A) Stress–strain curve, (B) True stress–strain and work hardening rate curve, (C–F) Digital image correlation of the strain distribution, (C) CoCrNi alloy, (D) C300 aged, (E) rolled multilayer maraging/CoCrNi composite, and (F) aged multilayer maraging/CoCrNi composite.
In order to analyze the contribution of each of the strengthening mechanisms in depth, the relevant theoretical calculations were introduced. The influence of the strengthening mechanism can be expressed as:
[image: image]
where [image: image] is the value that the original material contributes to the yield strength, [image: image] is the value of grain refining, [image: image] is the value of strain-induced twinning, and [image: image] is the value of the nanometer precipitate.
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where [image: image] and [image: image] are the volume fractions of CoCrNi and C300 in the composites, respectively; [image: image]; and [image: image] and [image: image] are the yield strengths of the original materials.
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where[image: image] (Liu et al., 2020) and [image: image] (Rack, 1978) are the Hall–Petch constants of CoCrNi and C300, respectively, and dCoCrNi and dC300 are the average grain diameters of the CoCrNi alloy layer and C300 layer, respectively, where dCoCrNi = 5 μm and dC300 = 3 μm.
[image: image]
where Ktwin is a constant, Ktwin = 357 MPa μm1/2 (the Hall–Petch constant for twinning, which is similar to that for slip in TWIP steel (Gutierrez-Urrutia and Raabe, 2011)).
[image: image]
where G is the shear modulus, G = 71 GPa; b is the Burger vector, b = 0.25 nm; λ is the particle spacing distance between precipitates, λ = 20 nm; d is the diameter of the precipitates, d = 5 nm; and ν is Poisson’s ratio, ν = 0.3 (Zhu et al., 2014; Yang et al., 2015). The corresponding values for each item are shown in Table 2. The calculated values are approximated to the experimental results.
TABLE 2 | The contributions of grain refining, strain-induced twinning, and nanometer precipitate strengthening, and the calculated and experimental values of the yield stress.
[image: Table 2]Figure 3C shows the strain evolution process of the individual CoCrNi alloy. It can be seen that multiple localized strain concentrations occur during the tensile deformation process, forming obvious multiple shear bands and localized necking phenomena. However, poor diffuse necking is inhibited because of the mutual competition of multiple strain localization zones, revealing superior strain-hardening capacity and fracture elongation. Figure 3D shows that an obvious localized strain concentration zone is formed at a strain of 0.085 and proceeds until fracture failure. That is to say, in C300 maraging steel it is easy to generate strain localization, leading to the formation of premature localized necking. The full-field strain distributions of the hot-rolled and aged multilayer C300/CoCrNi composites are shown in Figures 3E,F. The hot-rolled and aged multilayer metal composites both undergo a prolonged uniform plastic deformation stage until the strain concentration points reach 0.2 and 0.168, respectively. Finally, an obvious strain localization zone is located in the middle of the multilayer metal composites, resulting in fracture failure with a slight localized necking. That is to say, the C300/CoCrNi multilayer composites can integrate the advantages of the individual layers, effectively delaying the localized necking of C300 maraging steel and improving the yield strength of the CoCrNi alloy by reasonable interface bonding. Therefore, the C300/CoCrNi multilayer composite shows high yield strength and strain-hardening capacity.
Figure 4 shows the tensile fracture characteristics of the hot-rolled and aged multilayer metal matrix composites. The serious interface delamination cracks are located in the hot-rolled multilayer composites, as shown in Figure 4A, revealing a low interface bonding strength between the C300 and CoCrNi layers. The weak interface may be attributed to the high friction force and excessive interface inclusions during the hot-rolling process (Long et al., 2013; Li et al., 2008; Zhu et al., 2016). In addition, many discontinuous interface cracks and pores are located at the clad interface, as shown in Figure 4B; this can be attributed to the fractured interface inclusions. The above phenomenon reveals that the interface crack propagation of the multilayer composites experiences nucleation, growth, and convergence of microcracks (Liu et al., 2014). Also, the C300 and CoCrNi layers present coarse dimples with the same size of about 10 μm, which reveals a typical ductile fracture mode. Meanwhile, the interface transition zone possesses rather refined dimples with an average size of 2 μm, as shown in Figure 4D; these may be attributed to the ultrafine grains caused by severe plastic deformation. However, the aged C300/CoCrNi multilayer composites present slight and short interface delamination cracks, as shown in Figure 4E, which may be attributed to sufficient alloying element diffusion behavior at the clad interface during the long-time aging treatment (Seok et al., 2016). Moreover, the obvious tunnel cracks are located at the overall C300 maraging steel layer, as shown in Figure 4F. A relatively strong interface can effectively inhibit the strain concentration of the C300 layer, which is beneficial for enhancing the uniform plastic deformation capacity. Then the tunnel cracks cannot propagate into the overall sample owing to the existence of the CoCrNi alloy layer and strong interface, which can also delay the premature fracture failure of the C300 layer. Therefore, the slight interface delamination and formation of tunnel cracks are beneficial for toughening the multilayer composites. Figures 4G,H reveals the normal fracture characteristics of the C300/CoCrNi multilayer composites. Many bifurcated cleavage cracks are located at the C300 layer, indicating that the C300 layer can be toughened by forming multiple cracks. Compared with the hot-rolled sample, the aged C300 layer has many fine dimples, as shown in Figure 4H. That is to say, the nanoscale precipitates can play an important role in strengthening and toughening the multilayer composites.
[image: Figure 4]FIGURE 4 | (A–D) Fracture morphology of a hot-rolled multilayer maraging/CoCrNi composite, (E–F) fracture morphology of ageing treat multilayer maraging/CoCrNi composite.
CONCLUSION
In the present work, we design and fabricate a novel C300/CoCrNi multilayer composite by a vacuum hot-rolling and aging treatment. Herein, the ultimate tensile strength of the multilayer metal composites can reach 1,380 MPa with a high fracture elongation of 24%, as well as superior uniform elongation of 15.7%. This indicates an excellent strengthening–toughening behavior. The aging treatment eliminates the rolling friction stress and promotes diffusion of the alloying element at the clad interface, realizing strong interface bonding. The clad interface and tunnel crack play an important role in toughening the C300/CoCrNi multilayer composites. That is to say, a strong clad interface and CoCrNi layer with a high strain-hardening capacity can effectively delay premature localized necking and fracture failure of the C300 layer, achieving a superior strength–ductility balance.
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This work investigates the correlation between TiN inclusions and microstructural properties of HARDOX 450 steel using optical microscopy (OM), scanning electron microscopy (SEM), transmission electron microscopy (TEM), and electron backscattered diffractometer (EBSD) methods. Some amount of microsized TiN inclusions were formed in the temperature range of the solid–liquid zone; however, they exhibited fracture features of deep dimples rather than a cleavage plane, which is closely related to the ability of the microstructure to arrest cracks. Upon tensile loading, a single microcrack first appeared inside the microsized TiN inclusions, and then, multiple microcracks formed, parts of which widened in the direction of tensile stress. A schematic mechanism map was plotted to reveal the propagation behavior and fracture mechanism of the microcracks in the TiN inclusions.
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INTRODUCTION
Low-alloy high-strength wear-resistant steels have numerous advantages such as low alloying content, simple manufacturing process, high toughness, and wear resistance (Jiang et al., 2011; Ojala et al., 2014; Ryabov et al., 2017). Currently, microalloying, and heat treatment have been widely adopted to improve the strength, toughness, and wear resistance of low-alloy high-strength steels, mainly through adding elements Ti, B, Nb, and V (Nikitin et al., 2016; Shi et al., 2016). Among these microalloying elements, Ti is typically used to form nanosized precipitates with excellent high-temperature stability, eventually inhibiting the growth of austenitic grains. However, inappropriately adding Ti can cause the formation of microsized TiN inclusions, easily triggering cleavage fractures (Yan et al., 2006), which reduces the low-temperature impact toughness and the fatigue life of microalloy steel (Liu et al., 2018; Sun et al., 2020).
Efforts have been made to control the formation and growth of TiN inclusions, because these microsized particles deteriorate the toughness of steels (Fairchild et al., 2000; Fu et al., 2017; Jin and Du, 2018; Han et al., 2020). In the case of replacing Ti with Nb, Hulka et al. (Hulka et al., 2005) used Nb to replace Ti in the B-microalloyed steel to improve the toughness via more efficient grain refinement, which ensured a high resistance to brittle fracture and an excellent wear resistance. Although the use of Nb instead of Ti can effectively reduce the number of microsized TiN inclusions, the role of nanosized TiN precipitates in improving the toughness and wear resistance is irreplaceable.
As one of the popular wear-resistant steels, HARDOX 450 is widely used because of its unique mechanical properties and excellent wear resistance. A certain amount of Ti is typically added, inevitably leading to microsized TiN inclusions in the manufacturing process. Considering the catastrophic failure of structural components due to large-sized TiN inclusions, a detailed understanding of the formation and fracture mechanism of TiN inclusions in steels is essential. Therefore, in this study, a series of tensile tests were performed on HARDOX 450 steel with microsized TiN inclusions. The fracture mechanism of microsized TiN inclusions under a tensile stress state and its effect on the properties were analyzed in detail.
EXPERIMENTAL PROCEDURES
The HARDOX 450 steel plate is composed of 0.19C-0.96Mn-0.23Si-1.92(Ni + Cr + Al)-0.037(Nb + Mo + V)-0.015Ti, wt%. The as-received steel plate was subjected to quenching and tempering, and it exhibited a fully martensitic microstructure. The size and quantity of TiN at quarter thickness and at the center were measured using an optical microscope. The samples for the microstructural observation were polished using standard rough and finish polishing procedures and then etched in picric acid to measure the average size of the initial austenitic grain boundaries.
For the mechanical tests, cylindrical specimens were prepared at one quarter, three quarters, and at the center of the steel plate, along the longitudinal, transverse, and vertical directions, as illustrated in Figure 1. A gauge with a length of 25 mm and a diameter of 5 mm was used in accordance with the GB/T 228–2010 standard. Tensile testing was carried out at a speed of 2 mm per minute on a universal tensile testing machine (SANS CMT5105) at 25°C. Microstructures and fracture surfaces were examined using a scanning electron microscope (SEM, FEI Quanta 250 FEG) and energy dispersive spectrometer (EDS, INCA-ENERGY). The microstructure was characterized by transmission electron microscopy (TEM, JEM-2100). Film foils for the TEM specimens were prepared using a double-jet electro-polishing apparatus (Struers Tenupol-5) with a solution of 10% perchloric acid and 90% ethanol at −20°C under a voltage of 20 V. An electron backscattered diffractometer (EBSD) analysis was performed in a field emission gun (FEG) SEM, Zeiss Ultra 55VP equipped with an EBSD, Oxford-HKL, operated at 20 kV. A step size of 0.5 μm was chosen in this study. Data acquisition and post-processing were performed using the HKL Channel five software.
[image: Figure 1]FIGURE 1 | Engineering stress–strain curves of HRADOX 450 steel in different directions.
RESULTS
Tensile Properties
Figure 1 shows the tensile properties of the as-received HARDOX 450 steel plate. All the specimens exhibited similar flow behaviors and stress–strain levels under each condition. The tensile data demonstrated that these samples exhibit a high yield strength of 1100 MPa and an ultimate tensile strength of 1300 MPa, with the total elongation to fracture no less than 12%. Table 1 lists the standard deviation of the tensile properties, indicating relatively uniform tensile properties in all directions, which means that the HRADOX 450 steel exhibited evenly uniform microstructural features.
TABLE 1 | Standard deviations in the tensile properties of all specimens of HARDOX 450 steel in different directions.
[image: Table 1]Microstructure
Distribution of TiN Inclusions
Microsized TiN inclusions could be found in the matrix, as shown in Figure 2. The number of TiN inclusions at the center was relatively higher than that at one quarter thickness, and the closer to the center, the larger the TiN inclusions. Considering the difference in temperature at the center and surface of thick slabs during the cooling of continuous casting, when the temperature at the surface reaches the solidification point, the center of thick slabs remains in the liquid zone. Thus, the nucleation and growth of TiN particles at the center continue to proceed, promoting the formation of more TiN particles with a relatively larger size at the center after hot rolling. Unfortunately, these microsized TiN inclusions are largely negligible for pinning the grain boundaries. This result is inconsistent with that reported by Yan et al. (2007), Lambert-Perlade et al. (2004), who showed that the high density and large-size brittle TiN inclusions or MA can easily initiate cleavage fractures, thus reducing the fracture strength and impact energy.
[image: Figure 2]FIGURE 2 | OM images and size distribution of TiN inclusions in the investigated steel at (A) quarter thickness (B) center (C) size distribution of TiN.
Microstructural Features
Figure 3A shows the SEM microstructure of the as-received HARDOX 450 steel plate, indicating a fully martensitic microstructure. Some carbides can be observed in the martensitic lath after tempering, with a relatively high density of dislocations, as shown in Figure 3B. Moreover, the length-to-width ratio of the martensite lath in HARDOX 450 steel is low, which is beneficial for inhibiting crack propagation.
[image: Figure 3]FIGURE 3 | SEM and TEM images of the investigated steel (A) SEM and (B) TEM.
The average sizes of the prior austenitic grains at both one quarter thickness and at the center are relatively small, compared with those shown in Figures 4A,B. Finer prior austenitic grains can give rise to finer and shorter martensitic laths, which efficiently hinder crack propagation, thereby improving the fracture toughness of the steel at both one quarter thickness and at the center.
[image: Figure 4]FIGURE 4 | OM graphs of austenitic grains and grain size distribution at (A) quarter thickness (B) center (C) grain size distribution.
EBSD Analysis
Local disorientation was performed at one quarter thickness and at the center through the EBSD method to characterize the local stress concentration. The threshold value of the kernel average misorientation (KAM) distribution map (Figure 5) shows that the percentage of small local misorientations is much lower at the center than that at one quarter thickness. Thus, the local stress at one quarter thickness is higher than that at the center of the thickness.
[image: Figure 5]FIGURE 5 | Representative kernel average misorientation (KAM) map at (A) quarter thickness (B) center, and (C) corresponding KAM value distribution.
Notably, there exists a significant difference in the cooling rates during quenching because of the thick steel plate (thickness: ∼60 mm), resulting in a slight difference in the final microstructures. For example, a fully martensitic structure was obtained at one quarter thickness, whereas a mixture of martensite and bainite was obtained at the center. In comparison, martensite exhibited more severe lattice distortion than bainite; hence, the local stress concentration was easily induced at one quarter thickness.
Figures 6A,B show the misorientation maps of the crystallographic characteristics of the specimens and a quantitative analysis diagram of the maps. Boundaries greater than 50° account for 63.5% at quarter thickness and 53.8% at the center, as shown in Figure 6C.
[image: Figure 6]FIGURE 6 | Misorientation maps showing the crystallographic characteristics of the sample (black line 15° ≤ θ ≤ 50°; red line θ > 50°) at (A) quarter thickness (B) center (C) Misorientation distribution figure at quarter thickness and at the center.
Fractography
Fracture Surface
Figure 7A shows the overall view of the fracture surface of the HARDOX 450 steel after conducting the static tensile tests, with visible boundaries of the fiber zone and shear lip, along with secondary and delamination cracks in the fiber zone. Moreover, the fracture surface in the fiber zone can be characterized by ductile dimples (Figure 7C), resulting from microvoid coalescence, tear ridges, secondary cracks along various directions, and few cleavage facets.
[image: Figure 7]FIGURE 7 | Fracture surfaces of specimens after tensile test (A) tensile fracture (B) longer delamination crack (C) fiber zone (D) TiN; and (E) EDS spectra of TiN.
Secondary and delamination cracks are commonly observed in controlled-rolled steel sheets. A delamination crack generally extends in a straight manner for a long distance on the tensile fracture surface, as shown in Figure 7B. The delamination crack observed in our study can be attributed to the three dimensional stress constraint inside the material (Sun et al., 2016). Since the delamination crack was generated before the propagation of the main crack, it was expected to consume additional energy, resulting in improved mechanical properties.
From the bottom of the deep dimples, the regular shape inclusions were found to be broken (Figure 7D). These deep dimple walls were passivated without protrusions. The EDS spectra shown in Figure 7E demonstrates that these inclusions are TiN inclusions.
Studies have found that microsized TiN inclusions are detrimental to the mechanical properties of steels, because they may initiate cleavage fractures (Yan et al., 2007; Ghosh et al., 2013). The local stress concentration in the vicinity of TiN inclusions reached a critical intensity with increasing applied load, and the cracks rapidly propagated, causing an immediate fracture without bearing larger deformation (Kang et al., 2016). However, the present microsized TiN inclusions were found to be broken when the matrix was subjected to the applied external load. Moreover, most of the microsized TiN inclusions were observed inside the ductile dimples, which implies that the present microstructure plays a role in reducing the negative effect of TiN inclusions on the overall mechanical properties, as mentioned in Tensile Properties.
Transverse Section of Tensile Fracture Surface
The fracture was cut along the central axis of the tensile specimen to observe the morphology of the TiN inclusions, perpendicular to the fracture surface. The size of the TiN inclusions was determined to be approximately 3 μm, as shown in Figure 8. A detailed analysis showed that the TiN inclusions exhibit a type of broken morphology and form multiple narrow microcracks. Figure 8B shows the morphology of the TiN inclusions slightly away from the tensile fracture surface. These TiN inclusions can be characterized by small pores or narrow microcracks due to the applied low tensile stress. Accordingly, narrower microcracks can be observed inside the TiN inclusions far away from the tensile fracture (Figure 8C), compared with that shown in Figures 8A,B.
[image: Figure 8]FIGURE 8 | SEM images of TiN inclusions at the longitudinal section of a tensile crack surface (A) near the fracture surface (B) slightly away from the fracture (C) far away from the fracture (D) farther from the fracture, and (E) EDS spectrum of TiN.
In contrast, the formation of multiple microcracks dispersed the concentrated stress around the TiN inclusions, thus inhibiting the microcracks from propagating into the matrix and ensuring that the overall shape of the TiN inclusions remains intact. The large-sized TiN inclusions with an average area of 3 μm × 9 μm were subjected to a lower stress per unit length. However, the small-size TiN inclusions exhibited a sharp angle along the direction of the applied force and thus were easily broken when subjected to tensile stress given the higher stress per unit length (Figure 8D).
EBSD of Fracture and Delamination Crack
Figure 9 shows the reverse pole diagram of the vicinity of the fracture surface and the delamination crack. The martensite structure is entirely around the fracture and the delamination cracks. The influence of grain orientation on the mechanical properties is essential. The <111>||ND direction can better hinder crack propagation than the <001>||ND direction, because the <111>||ND texture exhibits relatively good plasticity in steels. There were mostly red <001>||ND and green <101>||ND near the delamination cracks. This also shows that the delamination cracks easily prorogate along the two grain orientation directions of <001>||ND and <101>||ND. The delamination cracks are wider and extend deeper.
[image: Figure 9]FIGURE 9 | IPF(//ND) maps of (A) near fracture surface, and (B) around delamination cracks.
As shown in Figure 10, the KAM values are used to evaluate the strain field around the tensile fracture; there are evident deformed grains and local high strain areas near the tensile fracture surface and around the delamination crack. The surrounding strain fields of the delamination crack are more evident. The high strain areas around the delamination crack indicate that the crack propagation is due to local slips. While the delamination cracks propagated inside, a significant amount of energy was consumed in the process of crack propagation.
[image: Figure 10]FIGURE 10 | KAM maps of (A) near fracture surface (B) around delamination cracks, and (C) corresponding KAM value distribution.
DISCUSSION
Formation of TiN Inclusions
Adding an appropriate amount of Ti elements to steel helps ensure a certain amount of nanosized TiN particles. These fine TiN particles exhibit good high-temperature stability and relatively low volume expansion, which is expected to effectively suppress the growth of austenitic grains at high temperatures. Thus, it plays a significant role in precipitation strengthening and grain refinement strengthening of HARDOX 450 steel. However, in the smelting process, microsized TiN inclusions are often formed because of the inappropriate addition of Ti elements, giving rise to a local stress concentration due to the difference in the thermal expansion between TiN inclusions and the matrix (Fairchild et al., 2000). Based on the thermodynamic calculation proposed by Tian et al. (2018), the formulas for TiN reaction and theoretical solubility product [image: image] under the liquid phase can be expressed as follows:
[image: image]
[image: image]
As the molten steel solidifies, Ti and N elements accumulate at the solidification front, and the concentrations of both Ti and N change with the solid fraction fs. The actual concentration product QTiN of Ti and N in the molten steel is as follows:
[image: image]
where [image: image] represent the initial concentrations of Ti and N in the solidification front, respectively. kTi (∼0.33) and kN (∼0.48) represent the equilibrium distribution coefficients of Ti and N, respectively.
The temperature of the solidification front can be expressed as:
[image: image]
where T is the temperature of the solidification front of the molten steel, and TFe (∼1809 K) is the melting point temperature of the molten steel.
Using the casting simulation software to analyze the solidification process of the molten steel, we determined the liquidus temperature (Tl = 1781 K) and solidus temperature (Ts = 1740 K). According to Eqs 2, 3, the thermodynamic curve is plotted in Figure 11. Thus, the solid-phase fraction fs was determined to be approximately 0.86 when TiN particles started to precipitate. The precipitation temperature of the TiN was approximately 1750 K. TiN was formed in the solid–liquid zone; hence, the TiN inclusions were large, as mentioned in Microstructure.
[image: Figure 11]FIGURE 11 | Relationship between the theoretical (kTiN) and actual concentration products (QTiN) of TiN and the solid fraction (fs).
Propagation Behavior of Microcracks
Based on the TiN morphology observed at the transverse section of the tensile fracture surface (Figure 8), it is found that, the closer the TiN inclusions to the fracture surface, the more severe the breaking of TiN. Figure 12 shows a schematic of the propagation behavior of the microcracks in the TiN inclusions when subjected to tensile stress. In this case, the following two types of fracture mechanisms may occur: 1) For TiN inclusions without a heterogeneous core, microcracks are induced at the TiN inclusions via brittle fracture. With increasing stress, a single microcrack first appeared inside the microsized TiN inclusions, and then, multiple microcracks formed, some of which widened in the direction of tensile stress. 2) For TiN inclusions with a core of oxide inclusion, the microcracks nucleate from the inclusion core and then widen along the direction of tensile stress, further giving rise to multiple microcracks.
[image: Figure 12]FIGURE 12 | Schematic of the microcrack growth behavior of TiN when subjected to tensile stress.
A detailed analysis of the TiN fracture mechanism reveals why the microcracks in the TiN inclusions did not propagate into the surrounding matrix but widened and gave rise to multiple microcracks so as to disperse the local stress. This implies that the matrix had a strong ability to arrest the cracks. In martensitic steels, the boundaries of martensite lath bundles, lath blocks, and prior austenitic grains play an important role in preventing crack propagation. The microstructures of high-angle-grain boundaries (HAGBs) of more than 50° effectively retarded crack propagation because the cracks consumed more energy when encountering these boundaries (Wang et al., 2008; Yan et al., 2014). In Figure 4, we can know that the average grain size of the matrix is very small. The fine grain structure provides a higher grain boundary density (Inoue et al., 2020) and smaller martensite packet size, which results in the high proportion of HAGBs of more than 50° (Wang et al., 2008; Cho et al., 2021). The proportion of HAGBs of more than 50° accounted for 63.5% at the quarter thickness and 53.8% at the center. In particular, microsized TiN inclusions in the present HARDOX 450 steel were easily broken when subjected to tensile stress. The microcracks in the TiN inclusions cannot extend into the matrix; hence, the energy cannot be released, resulting in the formation of multiple microcracks. Therefore, the excellent properties of HARDOX 450 steel can be mainly attributed to the fact that the matrix effectively arrested the microcracks and that the secondary and delamination cracks induced by the applied tensile stress released energy.
CONCLUSION

1) HARDOX 450 steel exhibited superior mechanical properties: The yield and tensile strengths were no less than 1100 MPa and 1300 MPa, respectively, with the total elongation exceeding 12%. The tensile properties in all the directions were relatively uniform.
2) The tensile fracture surface of HARDOX 450 steel could be mainly characterized by ductile dimples, tear ridges, secondary cracks, delamination cracks, and few cleavage facets. The microsized TiN inclusions gave rise to deep dimples rather than a cleavage fracture plane, which is related to the ability of the microstructure to arrest cracks.
3) TiN particles in the HARDOX 450 steel precipitated into the solid–liquid zone. Upon tensile loading, a single microcrack first appeared inside the microsized TiN inclusions, and then, multiple microcracks formed, some of which widened in the direction of tensile stress. Microsized TiN inclusions were easily broken when subjected to tensile stress, because a large proportion of HAGBs with more than 50° effectively prevented crack propagation into the matrix.
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The fatigue life of a hot extruded Al-12.7Si-0.7Mg alloy under T1, T4, and T6 conditions was studied. The microstructure and tensile properties of the alloy were investigated in order to analyze the fatigue behavior. The results of the fatigue test showed that an extruded Al-12.7Si-0.7Mg alloy provided greater fatigue life compared to a cast Al-Si alloy, which was explained by the refined microstructure characterized by fine Si particles uniformly distributed in the Al matrix of fine equiaxed grains promoted by hot extrusion. The fatigue property of the alloy in T6 treatment was higher than that in the T4 and T1 conditions due to strengthening precipitation.
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INTRODUCTION
Wrought Al-Si alloys for structural application have been generated by the combination of direct chill casting and plastic deformation (Yu et al., 2005). The microstructure of the deformed Al-12.7Si-0.7Mg alloy consists of fine and uniformly distributed Si particles on equiaxed Al grain boundaries. The alloy after artificial aging treatment exhibits good ductility and much higher proof strength as well as tensile strength compared to the 6,063 alloy, as the result of the microstructure feature (Yu et al., 2005; Liu et al., 2011).
In terms of casting Al-Si alloys, many researchers have indicated that casting defects like porosity is one factor which effects the fatigue performance (Casellas et al., 2005; Yi et al., 2006; Atxaga et al., 2013). Microstructure features including eutectic silicon characteristics (i.e., size and morphology) (Casellas et al., 2005; Ammar et al., 2008; Mbuya et al., 2011), secondary dendrite arm spacing (SDAS) (Yi et al., 2004; Shaha et al., 2015), and intermetallic compounds also influence the fatigue properties. Mbuya et al. (2011) found that larger-sized Si particles and elongated particles are more likely to cause crack initiation than average-sized Si particles. In addition, a fine microstructure with smaller SDAS and cell size could increase the fatigue life (Yi et al., 2004; Shaha et al., 2015).
The fatigue properties of wrought Al-Mg-Si alloys have also been studied. Coarse intermetallic secondary phases, Mg2Si metastable phase, and surface qualities influence the fatigue properties (Borrego et al., 2004; Azzam et al., 2010). The wrought Al-12.7Si-0.7Mg alloy has the same elements as wrought Al-Mg-Si alloys. However, it should be pointed out that the microstructure of the wrought Al-Si alloy distinguishes itself from that of most wrought Al-Mg-Si alloys, by its fine equiaxed grains in the Al matrix and the uniform distribution of fine Si particles on the grain boundaries (Liu et al., 2011). Compared to a casting Al-Si alloy, the Si morphology distribution of the wrought Al-12.7Si-0.7Mg alloy is dispersed due to hot-deformation (Liu et al., 2011). There are few studies reporting the fatigue behavior of extruded Al-Si alloys (Ham et al., 2017; Wang et al., 2018).
In this paper, the fatigue properties of the wrought Al-12.7Si-0.7Mg alloy were investigated to fully supplement the previously unaddressed properties of the newly developed structural applications for the Al-Si alloy when it is under repeated cyclic loading.
MATERIALS AND METHODS
An extruded Al-12.7Si-0.7Mg alloy rod was studied, which was produced by direct chill casting and then hot extruded. The diameter of the extruded rod was 12 mm. The extruded bar (T1) was subjected to T4 (solution treatment + nature aging) and T6 (solution treatment + artificial aging) heat treatment carried out in a Muffle furnace. The solution treatment of the sample was performed at 540°C for 90 min and quenched into water at room temperature. After quenching, artificial aging of the specimens was carried out at 180°C for 3 h.
Mechanical tests were performed on a SHIMADZU AG-X plus testing machine at a cross-head speed of 0.2 mm/min. The mechanical properties of the alloy in different conditions were the average for three specimens. Fatigue tests were performed on a fatigue testing machine (NYEEHF-EV200K2-040-1A) at a stress ratio of -1 using a sinusoidal cycle at a frequency of 20 Hz at room temperature. Figure 1 shows the dimension of the specimen for the mechanical test and fatigue test. Based on tensile test results, the cyclic maximum stress levels of the extruded alloy (T1) were set to 130, 140, 150, 160, and 180 MPa, respectively. The cyclic maximum stress levels of the T4 condition were set to 150, 160, 170, 180, and 190 MPa, respectively. The cyclic maximum stress levels of the T6 condition were set to 170, 180, 190, 200, 210, and 220 MPa, respectively. Four fatigue specimens were tested at each stress level to obtain the average fatigue life. The fatigue test was stopped at 2 × 106 cycles without failure.
[image: Figure 1]FIGURE 1 | Dimension diagram of the specimen, (A) mechanical test, (B) fatigue test.
The microstructure of the alloys in the T1, T4, and T6 conditions were analyzed by an optical microscope (Olympus DSX500). In order to analyze the grain size, the EBSD band contrast image was carried out by FIB-SEM (crossbeam550). Image-Pro Plus image analysis software was used to investigate the Si particle size and matrix grain size. Conventional transmission electron microscope (TEM) observations were performed using a FEI Tecnai F20 electron microscope operated at 200 KV. TEM thin foils were prepared by double jet electropolishing with a solution of 30% nitric acid in methanol at −20°C and a voltage of 20 V. The fracture surfaces were studied by ZEISS Ultra Plus scanning electron microscopy (SEM) to determine the fracture mode.
RESULTS AND DISCUSSION
Microstructure
The microstructures of the longitudinal (along the extrusion direction) section of the alloy are shown in Figure 2. Compared with the T1 condition, the solid solution treatment changed the size of the Si particles. Si particles were gradually round and their aspect ratio was decreased in the T4 condition. The grain size of the Al matrix on the cross-section (transverse to the extrusion direction) of the extruded alloy was analyzed by electron back-scattered diffraction (EBSD). The EBSD band contrast images of the alloy under T1, T4, and T6 conditions are shown in Figure 3. Hot extrusion resulted in a uniform distribution of fine Si particles as well as other second phase particles in the Al matrix of fine equiaxed grains via dynamic recrystallization (Liu et al., 2011). After solution treatment, the Al grain size increased from 6.5 to 6.9 μm. It is worth noticing that the change of the size of the Si particles and the Al matrix grains was not considerable during solid solution treatment due to mutual restraint between the grain growth of the Al matrix and the coarsening of the Si particles.
[image: Figure 2]FIGURE 2 | The optimal microstructure of the alloy in different conditions, (A) T1, (B) T4, (C) T6.
[image: Figure 3]FIGURE 3 | The EBSD band contrast images of the alloy in different conditions, (A) T1, (B) T4, (C) T6.
Figure 4 shows the TEM images (B = [110] Al) of the alloy in different conditions. It can be seen that in the T1 and T4 conditions a high density of dislocations in the Al matrix occurred. While needle-like precipitates were visible in the Al matrix in the T6 condition as shown in Figure 4C.
[image: Figure 4]FIGURE 4 | The TEM image of the alloy in different conditions, (A) T1, (B) T4, (C) T6.
Mechanical Properties
Table 1 lists the room temperature mechanical properties of the alloy in the three conditions. Yield strength (YS), ultimate tensile strength (UTS), and elongation of the alloy in T4 and T6 were much higher than that in the T1 condition. The Mg2Si phase was in the form of solute atoms in the matrix in the T4 condition which led to solid-solution strengthening (Liu et al., 2011). It is clear that precipitation hardening contributed to increased YS and UTS in T6 treatment. Precipitates and Si particles had a strong pinning effect on the movement of dislocations.
TABLE 1 | Mechanical properties of the alloy in different conditions.
[image: Table 1]Fatigue Properties
The fatigue test data were fitted by the square method based on a linear correlation between fatigue life and fatigue strength as shown in Eq. 1. Table 2 lists the material constants of the samples under different conditions. And the fitted curve of the logarithmic scale was plotted, as shown in Figure 3.
[image: image]
N is the fatigue life, Cs and n are the material constants; and Smax is the maximum stress.
TABLE 2 | Material constants of the alloy in different conditions.
[image: Table 2]Figure 5 shows the S-N curves of the alloy in the T1, T4, and T6 conditions. Fatigue lives of the alloy in each condition gradually increased with a decrease in stress amplitude. It is clearly shown that fatigue lives for the specimens in T4 and T6 treatment increased compared to the T1 condition at the same stress amplitude. The fatigue strength increased significantly in T4 and T6 after heat treatment. The optical microstructures and the EBSD band contrast image shown in Figures 2, 3 present information about the changes of the Si particles and the grain. In contrast, the Si particles were coarsened by solid solution treatment. There was no obvious change in grain size and Si particles after aging. However, there were obvious differences between that in the T6 condition and that in the T4 and T1 conditions according to the TEM images shown in Figure 4. Uniform and fine distribution of precipitates were observed in the matrix. It is obvious that considerable improvement in fatigue life and fatigue strength occurred, which was attributed to solution treatment and artificial aging.
[image: Figure 5]FIGURE 5 | S-N curves of the Al-12.7Si-0.7Mg alloy in different conditions.
There have been no similar fatigue results of a wrought Al-Si alloy with similar compositions that could be compared with the results in this study. However, according to the study of Ammar et al. (2008), the fatigue life of A356 is between 106 and 4 × 106 cycles when the stress amplitude is 68 MPa, and the value also depends on the size of the pore area. The stress amplitude in this study was much higher. Yi et al. (2004) investigated the fatigue life of an A356 alloy in the T6 condition which is comparable to the extruded Al-12.7Si-0.7Mg alloy at the same stress amplitudes. It would indirectly indicate that the extruded Al-12.7Si-0.7Mg alloy especially in the T4 and T6 conditions has excellent fatigue properties.
Fractography
Macroscopic views of the fatigue fracture surface of the alloy in different conditions are illustrated in Figure 6. It can be clearly seen that there is a fatigue crack initiation zone, crack propagation zone, and final fracture zone under each condition. The area of crack propagation zone in T6 condition is larger and more obvious than others.
[image: Figure 6]FIGURE 6 | Macroscopic view of the fatigue fracture surface of the alloy in different conditions and stress amplitudes, (A) T1-160 MPa, (B) T4-160 MPa, (C) T4-190 MPa, (D) T6-190 MPa.
In order to investigate the fatigue crack initiation zone in detail, Figure 7 shows the fatigue crack initiation zone of the alloy in different conditions and stress amplitudes. The observation of fatigue crack initiation of the as-extruded alloy at 140 MPa is given in Figure 7A. As shown in the figure, the fatigue crack initiated a crystal slip as marked by the white line frame. Figures 7B,C indicate that the crack of the as-extruded alloy at 160 MPa and the as-solutioned alloy at 180 MPa alloy were from the specimen surface. The crack initiation site of the alloy in the T6 condition is shown in Figure 7D loaded with a stress amplitude of 180 MPa. There were silicon particles deboned from the matrix near the specimen surface. Based on the above observation, the crack initiation area was commonly from the surface. Even though crystal slip and interface debonding between the silicon and the matrix could be observed in Figures 7A,D, that is rare. In the cast Al-Si alloy, the defects at or near the sample surface, the larger size of eutectic Si, or intermetallic compounds acted as origin sites for crack nucleation. The wrought Al-Si alloy in this study had no casting defects due to hot extrusion. Strong interfacial bonding between the Si particle and the aluminum matrix existed because of the morphology of Si. Mbuya et al. (2011) concluded that larger-sized Si particles and elongated particles are more likely to cause crack initiation.
[image: Figure 7]FIGURE 7 | Fatigue crack initiation zone of the alloy in different conditions and stress amplitudes, (A) T1-140 MPa, (B) T1-160 MPa, (C) T4-180 MPa, (D) T6-180 MPa.
Figure 8 shows the crack propagation area of the alloy in different conditions. The areas are characterized by fatigue striations caused by several successive cycles. In Figures 8A,B, fatigue striations are accompanied by secondary cracks. The Si particles and precipitates in the T6 condition played a role in the strengthening phase by changing the crack propagation direction. The final fracture zone of the alloy is presented in Figure 9. It is noticeable that all tested conditions exhibited the characteristics of classic ductile fractures.
[image: Figure 8]FIGURE 8 | Fatigue crack propagation zone of the alloy in different conditions and stress amplitudes, (A) T1-160 MPa, (B) T4-180 MPa, (C) T6-180 MPa.
[image: Figure 9]FIGURE 9 | Final fracture zone of the alloy in different conditions and stress amplitudes, (A) T1-160 MPa, (B) T4-180 MPa, (C) T6-180 MPa.
Total fatigue life is dependent on crack initiation life and crack propagation life (Yi et al., 2004). The function of the Si particles of the studied alloy was to block the movement of dislocation. A high strain concentration would occur between the Si particle and Al matrix because of dislocation accumulation. Fatigue cracks may be formed either by cracking Si particles or along the interface between Si particles and the Al matrix at the point of reaching critical stress. The debonding of Si particles was observed, as shown in Figure 7D. After solid solution treatment, Si particles were gradually rounded and their aspect ratio decreased which is beneficial to extending crack initiation life and crack propagation life. In addition, the matrix was strengthened by Mg2Si in the form of solute atoms where crack growth rate and crack propagation are slow. The precipitates in the T6 condition further increased yield stress which decreased the number and size of the plastic deformation areas (Yi et al., 2004). Moreover, precipitates increased the resistance of the crack growth to produce a longer fatigue life.
CONCLUSION
An extruded Al-12.7Si-0.7Mg alloy has excellent fatigue properties due to the refined microstructure characterized by fine Si particles uniformly distributed in the Al matrix of fine equiaxed grains promoted by hot extrusion. The mechanical properties and fatigue properties of the alloy in T6 treatment was higher than that in the T4 and T1 conditions due to precipitation strengthening. Fatigue cracks were more likely to initiate from the specimen surface. Crystal slip bands and interface debonding between the silicon and matrix may act as crack initiation sites as was found to be the case in a certain sample tested.
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This study investigated the tensile properties and deformation behavior of an aged Fe-26Mn-6Al-1C (mass%) alloy with a stacking fault energy of approximately 60 mJ·m−2. The results show that an ordered phase with a “short-range ordering” (SRO) structure formed after aging at 550°C for 10 h, further increasing the aging time to 48 h. Lamellar second-phase precipitates appeared at the austenitic grain boundaries. The aged sample at 550°C for 10 h exhibited an enhanced tensile strength (∼898 MPa) without notably sacrificing uniform elongation (∼46.3%), which was mainly attributed to the relatively high strain hardening in the entire plastic deformation due to the synergistic effects of planar slip, twinning-induced plasticity (TWIP), microband-induced plasticity (MBIP), and especially the formation of short-range ordering.
Keywords: Fe-Mn-Al-C alloy, age-precipitated particles, short range ordering, deformation twinning, strain hardening rate
INTRODUCTION
Fe-Mn-Al-C steels have been extensively researched over the past several decades due to the high specific strength and stiffness of this material, which is a good trade-off between high ultimate tensile strength and good tensile ductility (Frommeyer and Brüx, 2006; Li et al., 2015; Klimova et al., 2017; Sarkar et al., 2019; Choi et al., 2020; Li et al., 2020) when compared with conventional high strength steels. The composition of the light high-Mn steel is mainly based on the traditional high-Mn steel composition, by increasing the content of carbon and manganese and adding a certain amount of aluminum. As a main alloying element, Mn has the function of enlarging the austenite region and stabilizing the austenite structure. The addition of Al to high Mn austenitic steels not only reduces the weight of the automotive body due to its lower density but also varies the deformation mechanisms of steels from either transformation-induced plasticity (TRIP) or twinning-induced plasticity (TWIP) (Grässel et al., 2000; Sohn et al., 2014; Yuan et al., 2015; Huang et al., 2017; Luo and Huang, 2018) to dislocation slip due to the increased stacking fault energy (SFE) (Frommeyer and Brüx, 2006; Li et al., 2015; Choi et al., 2020; Li et al., 2020). Microband-induced plasticity (MBIP) was also discovered by Frommeyer and Brux (Frommeyer and Brüx, 2006) in high Mn-Al austenitic alloys with the relatively high SFE value of 110 mJ·m−2 suppressing the formation of martensitic or severe mechanical twinning.
There has been dramatically growing interest in high Mn-Al austenite alloys containing carbon due to the presence of κ-carbide ((Fe,Mn)3AlC) particles (James, 1969; Kayak, 1969; Choo and Han, 1985; Han et al., 1986; Ishida et al., 1990; Choo et al., 1997; Frommeyer and Brüx, 2006; Choi et al., 2020; Li et al., 2020). In the late 1970s, the (Fe,Mn)3A1C κ-carbide precipitates with an ordered L’l2 crystal structure were first observed in high Al and C Fe-Mn-Al-C alloys by James (1969); Kayak (1969); Ishida et al, (1990) established the relationship between different α, γ and κ phases based on the phase constitutions of Fe-(20-30)Mn-Al-C alloys. Choo et al. (Choo and Han, 1985; Han et al., 1986) described the κ-carbides with a face-center cubic (fcc) based phase with an ordered L’l2 structure, which was similar to that of Ll2. Frommeyer and Brux Choi (Frommeyer and Brüx, 2006) reported that the nanosized κ-carbides with a perovskite structure in a Fe-28Mn-10Al-0.5C alloy were accompanied by shear bands, which was also verified by Choi et al., (2010). Accordingly, the tensile ductility was enhanced by the nanosized (Fe,Mn)3AlC κ-carbide precipitates in the austenitic Fe-Mn-Al-C alloys (Frommeyer and Brüx, 2006; Choi et al., 2020; Li et al., 2020) due to the so-called MBIP effect, which was comparable to the loss of ductility resulting from the unfavorable morphology of κ-carbides in ferrite or ferrite-austenite duplex lightweight Fe-Mn-Al-C steels.
The better strengthening effect of high-Mn steel could be obtained by examining the composite treatment of aging and deformation, which not only improves the ductility but also the strength of the steel. The stress flow behavior of alloys with various hot forming conditions greatly affects the evolution of their microstructure (Fang et al., 2016). At present, the discussion on the microstructure evolution of hign-Mn Fe-Mn-Al-C steels via aging treatment is still ongoing, and the influence of microstructure on the deformation mechanism also needs to be further studied, for optimizing the properties of the experimental steel.
In the present study, a lightweight Fe-26Mn-6Al-1.0C (mass, %) austenitic alloy with a stacking fault energy (SFE) value of approximately 60 mJ·m−2 was used to investigate the formation of a new strengthening phase with a “short-range ordering” (SRO) structure. The present study also clarifies the influence of aging temperature and time on microstructural evolution, tensile properties, and deformation behavior of Fe-26Mn-6Al-1.0C.
EXPERIMENTAL PROCEDURES
A Fe-26Mn-5.84Al-1.0C (mass, %) alloy was designed. Its SFE value was estimated to be approximately 60 mJ·m−2 based on the thermodynamic models reported by several researchers (Grassel et al., 1997; Dumay et al., 2008; Song et al., 2017). The alloy was prepared in an induction furnace by induction melting and then cast into small rectangular ingots. The ingots were homogenized at 1,200°C for 2 h and hot-rolled at around 1,050°C to 3 mm in thickness with a total reduction of 85%.
Tensile specimens, whose gauge width and length are 10 and 40 mm, respectively, were taken from the hot-rolled strip with the tensile axis parallel to the rolling direction. The tensile specimens were solution-treated at 1,100°C for 1 h, followed by water quenching to room temperature. Meanwhile, the solution-treated tensile specimens were further aged at temperatures ranging from 450 to 550°C for 10 h to study the precipitation behavior of experimental steel. Uniaxial tensile tests were carried out on an Instron 5,967 30 kN machine at an initial strain rate of 1 × 10–3 s−1.
The microstructural characterization was performed using an optimal microscope (OM, Olympus DSX500) and transmission electron microscope (TEM, Tecnai G220) operated at 200 kV. TEM specimens were prepared as thin foils by mechanical grinding and twin-jet electropolishing in a mixture of 8% perchloric acid and 90% alcohol at −35°C with an applied potential of 50 V. The phase constituents were determined by an X-ray diffractometer (XRD, D/Max-Ra) with CuKα radiation in the range of 40 to 120°.
RESULTS AND DISCUSSIONS
The hot-rolled Fe-26Mn-5.84Al-1.0C alloy shows a single fcc-structured γ phase with an average grain size of about 20 μm, together with dislocation tangle, stacking fault, and annealing twins. After solution treatment at 1,100°C for 1 h, the grain size of γ was measured at around 130 μm with some amount of annealing twins (Figure 1A), and only γ phase peaks were detected by XRD patterns (Figure 2). In addition, there existed a relatively large number of dislocations in the solution-treated alloy (Figure 3A). These dislocations were periodically arranged in a plane, as schematically illustrated in Figure 3B.
[image: Figure 1]FIGURE 1 | Optical micrographs of the Fe-26Mn-5.84Al-1.0C alloy subjected to (A) solution treatment at 1,100°C for 1 h and ageing treatment for 10 h at three different temperatures: 450 °C (B), 500°C (C) and 550°C (D).
[image: Figure 2]FIGURE 2 | XRD patterns of the Fe-26Mn-5.84Al-1.0C alloy subjected to solution treatment at 1,100°C for 1 h and aging treatment at 450, 500, and 550°C for 10 h.
[image: Figure 3]FIGURE 3 | Dislocation alignment in planar (A) and the corresponding schematic diagram of Fe-26Mn-5.84Al-1.0C alloy at 1,100°C for 1 h (B). (C) shows the micro-bands after interrupted tensile deformation up to 30%.
After aging treatment at temperatures ranging from 450 to 550°C for 10 h, the optical micrographs (Figures 1B–D) appeared no significant change, when compared with that of the solution-treated sample (Figure 1A). The intensities of both (200)γ and (220)γ peaks increased with increasing aging temperature, while that of (111)γ decreased, as shown in Figure 2. It should be noted that no second-phase particles could be observed by TEM under all experimental conditions. It has been reported that the coarse second-phase particles could be observed along the austenitic grain boundaries by optical microscopy for the Fe-(28–31.5)Mn-(8.0–9.0)Al-(0.8–1.05)C alloys aged for 120–129 h (Hwang et al., 1993), which was different from the present short-time aged Fe-26Mn-5.84Al-1.0C alloy.
Table 1 shows the tensile properties of the solution-treated Fe-26Mn-5.84Al-1.0C alloy, in conjunction with the aged samples at 450–550°C for 10 h. As a whole, the austenitic Fe-26Mn-5.84Al-1.0C alloy exhibited yield strength (YS) of 378–480 MPa, UTS of 727–898 MPa, and total elongation (δ) of 47–53.2%. The values of UTS × δ ranged from 36.0 to 45.0 GPa·% for the present alloys, which were smaller than those (67.7–84.6 GPa·%) of the Fe-28Mn-9Al-0.8C alloy fabricated by cold rolling and heating treatment studied by Yoo et al. (Choi et al., 2020). This difference was likely associated with the larger size of austenitic grains, ∼130 μm for the present alloys, while that was only 5–38 μm for the Fe-28Mn-9Al-0.8C alloy (Choi et al., 2020). It was worth noting that the aged Fe-26Mn-5.84Al-1.0C alloy at 550°C for 10 h exhibited an extremely high UTS value with no loss of ductility, compared with the other solution-treated or aged samples in this study (Kayak et al., 1969; Kalashnikov et al., 2000). To investigate the reason for the enhanced ultimate tensile strength and ductility, the precipitation behavior during aging treatment was clarified, together with further analysis of deformation mechanisms during tensile tests.
TABLE 1 | Room temperature tensile properties of the hot rolled Fe-26Mn-5.84Al-1.0C alloy subjected to various aging treatments.
[image: Table 1]Figure 4 reveals the true stress (σ) and strain hardening rate (dσ/dε) with respect to true strain (ε) in the solution-treated Fe-26Mn-5.84Al-1.0C alloy, in conjunction with the aged samples at 450, 500 and 550°C for 10 h. All tensile samples exhibited continuous yielding and extensive strain hardening behaviors, which was similar to the conventional high Mn austenitic steels (Yuan et al., 2015; Huang et al., 2017). In the entire plastic deformation region, the aged Fe-26Mn-5.84Al-1.0C samples exhibited the three-stage strain-hardening behavior, regardless of aging temperature. The dσ/dε value rapidly decreased at stage I, remained a constant at stage II, and then decreased again at stage III as the true strain increased. The significant difference between the solution-treated and aged samples was that the dσ/dε value of the former gradually decreased with ε at stage II; whereas the aged sample at 550°C for 10 h showed the relatively higher strain hardening capability during the whole plastic deformation. According to the true strain value (ε) when the peak value of dσ/dε appeared, the plastic instability had been delayed after aging. This could be responsible for high UTS with no loss of ductility in the aged Fe-26Mn-5.84Al-1.0C alloy at 550°C for 10 h.
[image: Figure 4]FIGURE 4 | Changes in true stress (σ) and strain hardening rate (dσ/d & epsi) with true strain (& epsi) in the solution-treated Fe-26Mn-5.84Al-1.0C alloy, along with the aged samples at 450, 500, and 550°C for 10 h.
To support the dominant deformation mechanisms of an aged Fe-26Mn-6Al-1C alloy at 550 °C for 10 h, the representative TEM morphologies were supplemented. As displayed in Figure 1D, the initial microstructure prior to tensile testing was the coarse austenite grains and annealing twins. As the tensile strain was about 5%, microbands were observed, implying the dominant deformation mode was MB at the early stage of plastic deformation. Upon further straining, the dislocations made equal spacing arrays along the two principal directions and the dislocation densities increased without altering the slip directions (Ding et al., 2013). After a tensile fracture, the well-developed microbands and deformation twins (Figure 5B) became dominant, indicating that both TWIP and MBIP effects occurred in the aged Fe-26Mn-5.84Al-1.0C alloy with a relatively high SFE value of 60 mJ·m−2. The formation of microbands and deformation twins would give rise to a remarkable difference in strain hardening phenomena as both of them acted as effective obstacles to dislocation glide (Urrutia and Raabe, 2011; Ding et al., 2013). In contrast, only a large number of microbands were observed in the solution-treated sample (Figure 3C), implying that MBIP was a dominant deformation mechanism.
[image: Figure 5]FIGURE 5 | TEM micrographs of Fe-26Mn-5.84Al-1.0C alloy at 550°C for 10 h: (A) shows microband and deformation twins as well as the corresponding selected-area diffraction (SAD) patterns; (B) shows an ordered island-like phase with a “short-range ordering” (SRO) structure and the corresponding SAD patterns. (C) and (D) show schematic diagrams of the ordered SRO structure in the Fe-Mn-Al-C quaternary alloy.
An island-like phase within the γ matrix was found (Figure 5C), which was also called an ordered phase with a “short-range ordering” (SRO) structure, as verified by the SAD pattern (see an inset at the upper right of Figure 5C). It was also revealed that the SRO phase exhibited a coherent orientation relationship with γ matrix [100]SRO/[100]γ, which was similar to that of SRO in AuCu3 superalloys (Hiraga et al., 1982). In the preliminary work, Choo et al. reported such an ordered structure in an aged Fe-30Mn-7.8Al-1.3C alloy, which contains a carbon atom at the body center site, three Fe/Mn atoms randomly at the face center sites, and an Al atom at the corner positions in its fcc-structured unit cell, as schematically illustrated in Figure 5D. The formation of a unit cell of SRO structure involved as follows: Al atom occupies two opposite face centers; Fe and Mn atoms are located on other face centers and each corner; C atom is placed at the center of the unit cell. Because of the ordered arrangement of Al atoms, the SRO patterns of the aged Fe-26Mn-5.84Al-1.0C alloy at 550°C for 10 h were characterized by satellite spots around the fundamental reflections in juxtaposition with superlattice reflections. Furthermore, there existed a certain small tilt angle between the [010] directions of the satellites and fundamental reflections from the [100] superlattice spot. The arrangement of the unit cell in the SRO zone indicates that the short range ordering (SRO) happened after aging treatment at 550°C for 10 h.
The transformation from the γ matrix to SRO caused the formation of short range ordering with an average size of 30–200 nm separated by anti-phase boundaries (APBs). This might be one of the most important factors to obtain the dramatically improved UTS and δ (Table 1), owing to the continuously increased strain hardening behavior (Figure 3) caused by the precipitation and grain boundary strengthening (Figure 5). However, as the Fe-26Mn-5.84Al-1.0C alloy was aged at 550°C for 48 h, the short range ordering disappeared, and the lamellar second-phase precipitates along the grain boundaries were observed in Figure 6A. These precipitates were identified as carbide precipitates (Fe, Mn)3Cx by energy dispersive X-ray spectroscopy (Figure 6B), which were also observed previously in Fe-Mn-Al-C alloys (Choo and Han, 1985). Their grain boundary phases were characterized by the ordered κ carbide and a disordered body centered cubic (bcc) α ferrite, significantly deteriorating the tensile ductility of Fe-26Mn-5.84Al-1.0C alloy.
[image: Figure 6]FIGURE 6 | TEM image (A) and energy dispersive X-ray spectroscopy (EDS) pattern (B) of the aged Fe-26Mn-5.84Al-1.0C alloy at 550°C for 48 h.
CONCLUSION
In summary, a lightweight Fe-26Mn-6Al-1C (mass%) austenitic alloy with a stacking fault energy (SFE) value of approximately 60 mJ·m−2 was subjected to solution treatment at 1,100°C for 1 h and various aging treatments at 450–550°C for 10 h. The main conclusions involved as follows:
1) The solution-treated alloy exhibited a relatively large number of dislocations, which were periodically arranged in a plane; whereas an ordered phase with a “short-range ordering” (SRO) structure was observed in the aged sample at 550°C for 10 h. With further increasing aging time to 48 h, the lamellar second-phase precipitates were distributed along grain boundaries.
2) The enhanced ultimate tensile strength (UTS = 898 MPa) and ductility (δu = 46.3%) of Fe-26Mn-6Al-1C alloy at 550°C for 10 h was closely associated with relatively high strain hardening in the entire plastic deformation, which was mainly attributed to the formation of an ordered short range ordering.
3) The aged Fe-26Mn-6Al-1C samples at 450–550°C for 10 h exhibited a three-stage strain-hardening behavior and constant strain hardening rate (dσ/dε) at stage II, which was significantly different from the decreased dσ/dε value at stage II for the solution-treated sample.
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Superplasticity is characterized by an elongation to failure of >300% and a measured strain rate sensitivity (SRS), close to 0.5. The superplastic flow is controlled by diffusion processes; it requires the testing temperature of 0.5Tm or greater where Tm is the absolute melting temperature of metals. It is well established that a reduction in grain size improves the optimum superplastic response by lowering the deformation temperature and/or raising the strain rate. The low-temperature superplasticity (LTSP) is attractive for commercial superplastic forming, in view of lowering energy requirement, increasing life for conventional or cheaper forming dies, improving the surface quality of structural components, inhibiting quick grain growth and solute-loss from the surface layers, thus resulting in better post-forming mechanical properties. This paper will summarize the dependence of superplasticity on grain size and shape in various metallic materials, including ferrous and non-ferrous alloys, which has been considered as an effective strategy to enable the LTSP.
Keywords: superplasticity, grain refinement, grain size, low-temperature superplasticity, high-strain rate superplasticity, severe plastic deformation
INTRODUCTION
Superplasticity is the ability of metals to exhibit extremely large elongations of at least 300% prior to tensile failure, when deformation is imposed at relatively low strain rates (e.g., [image: image]10−3 to 10−5 s−1) and elevated temperatures (T > 0.5Tm), where Tm is the melting temperature of metals (Edington, 1982; Langdon, 1982). To date, superplasticity has been demonstrated in various metals, such as aluminium, copper, magnesium, zinc, titanium and iron base alloys etc., (Maehara and Langdon, 1990; Chokshi et al., 1993; Langdon, 2009; Reddy et al., 2017). Basically, superplastic flow may occur in two different ways (Maehara and Langdon, 1990; Langdon, 1991; Kaibbyshev, 2002): 1) In transformation superplasticity, the superplastic effect is induced by temperature cycling through phase transformation; 2) In structural superplasticity, the superplastic flow happens at constant temperature without phase transformation. As for structural superplasticity, several essential characteristics are involved. First, the initial microstructure is very fine (usually a few microns or less) and stable equiaxed grains upon tensile loading. Second, a strain-rate sensitivity exponent ([image: image]) ranges from 0.3 to 0.7 where [image: image] is the true stress and [image: image] is the strain rate. Third, a dominant grain boundary sliding (GBS) mechanism occurs to facilitate isotropic deformation.
It is well established that a reduction in grain size improves the optimum superplastic response by lowering the deformation temperature to lower than 0.5Tm (low temperature superplasticity) and/or raising the strain rate higher than 10−3 s− (high strain rate superplasticity), which is beneficial for rapid superplastic forming of structural parts with nearly arbitrarily complex shapes at relatively low costs (Zhang et al., 2015). For achieving the superplasticity of metals, two groups of plastic deformation have been proposed to refine its microstructure down to ultrafine or nanoscale levels: One group is conventional plastic working processing (Tanaka et al., 2002; Tanaka et al., 2003; Xia et al., 2008), such as rolling, extrusion, forging and the other is severe plastic deformation (SPD) processing (Kumar et al., 2006; Chou et al., 2007; Yang et al., 2008; Kawasaki and Langdon, 2011) like equal-channel angular pressing (ECAP), high-pressure torsion (HPT) and friction stir welding (FSW), etc. By definition, nanoscaled materials have grain sizes of less than 100 nm and ultrafine-grained (UFG) materials have average grain sizes ranging from 100 nm to 1 μm. Various processing techniques to achieve ultra/nano-grain refinement of metals are represented in Figure 1.
[image: Figure 1]FIGURE 1 | Various techniques for production of UFG materials and the corresponding grain size levels. Note: CG-Coarse grains; FG-Fine grains; NG-Nano-sized grains.
SUPERPLASTICITY IN AL ALLOYS
An early report documented the occurrence of superplasticity in Al-based alloys over strain rates covering several orders of magnitude (Higashi, 1994; Kawasaki and Langdon, 2007). It was found that samples processed by cold rolling (CR) were not superplastic because the imposed strains were insufficient to refine the size to the ultrafine or even smaller levels. Instead, it was necessary to use powder metallurgy (PM), physical vapor deposition or other techniques for the superplasticity of Al alloys achieved at low temperatures or high strain rates.
In contrast, the Al-alloys processed by ECAP were superplastic over at least a limited range of strain rates (Komura et al., 2001). It was found that several of the Al alloys exhibited exceptionally high elongations of >2000%, and the general trend of a bell-shaped curve of total elongation against strain rate indicates three distinct flow regions where region II was superplastic at intermediate strain rates. It is also evident that superior elongations were achieved at high strain rates of no less than 10−2 s−1, thus implying the occurrence of high-strain-rate superplasticity.
Liu and Ma (2011) investigated the influence of grain size on superplastic behavior in the Al-Mg-Sc alloy processed by friction stir processing (FSP), as plotted in Figure 2. It was found that the medium-grained samples exhibited the largest elongation at the highest strain rate due to the optimum combination of grain size and its thermal stability. The superplasticity of Al-Mg-Sc alloy was mainly governed by the effective grain size (the grain size just before deformation) and its distribution just before tension rather than the initial grain size.
[image: Figure 2]FIGURE 2 | Changes in total elongation with strain rate at different deformation temperatures in the Al-Mg-Sc alloy with grain sizes of 1.6 μm (A), 2.6 μm (B) and 2.9 μm (C) (Liu and Ma, 2011).
It was worth noting that the Al-6Mg-0.25Sc-0.1Zr alloy produced by asymmetric rolling (AsR) exhibited an average grain size of ∼1.5 μm, corresponding to an elongation of ∼3,200% at 773 K and 5 × 10−2 s−1 (Xu et al., 2016). The superior superplasticity was ascribed to the ultrafine grains with a high fraction of high-angle grain boundaries (HAGBs) and disperse, coherent and nano-scaled Al3(Sc, Zr) particles.
SUPERPLASTICITY IN TI ALLOYS
It has been demonstrated that the Ti alloy processed by conventional SPD methods exhibited an average grain size of 75–400 nm and the LTSP was achieved at temperatures as low as 823–973 K (Kim et al., 1998; Salishchev et al., 2001; Ko et al., 2005; Ko et al., 2006; Matsumoto et al., 2013; Zhang et al., 2014a; Fu et al., 2015; Wu et al., 2016; Zhang et al., 2018a), as summarized in Table 1.
TABLE 1 | Maximum elongations for the LTSP (below 973 K) in the SPDed Ti-6Al-4V alloy (Kim et al., 1998; Salishchev et al., 2001; Ko et al., 2005; Ko et al., 2006; Matsumoto et al., 2013; Zhang et al., 2014a; Fu et al., 2015; Wu et al., 2016; Zhang et al., 2018a).
[image: Table 1]FSP is a novel solid-state processing technique for grain refinement and microstructural modification in view of the principle of friction stir welding (FSW) (Liu et al., 2009). Wu et al. (2016) reported that the friction stir welded Ti-6Al-4V alloy with a fully lamellar morphology had an excellent superplastic ductility of ∼728% at 1198 K and 3.0 × 10−3 s−1, which reached 442% at 873 K and 3.0 × 10−5 s−1.
In addition to the above-mentioned SPD methods, the initial microstructure also played an important role on ultra-grain refinement of Ti-6Al-4V alloy and the resultant superplastic behavior. Wang and Langdon et al. (Wang and Langdon, 2013) demonstrated that the grain size of the HPT-processed Ti-6Al-4V alloy dropped with increasing the volume fraction of lamellar structure. Preliminary work (Fu et al., 2015; Zhang et al., 2018b) has also showed that as the fraction of lamellar structure reached 70%, the grain size of the HPT-processed Ti-6Al-4V alloy was refined to 75 ± 15 nm, and an excellent LTSP of ∼780% was achieved at 873 K and 5.0 × 10−4 s−1.
Yoon et al. (2015) investigated the effect of initial microstructure (as-received material, furnace-cooled, material and water-quenched material) on microstructural evolution in Ti-6Al-4V alloy during FSW, and the equixaed microstructure with the smallest grain size in stir zone (SZ) center was formed for the initial martensitic microstructure. As demonstrated in Zhang et al. (2018a), an ultrafine microstructure consisting of α grains (∼510 nm) and a small amount of ß phase was successfully achieved in the FSPed Ti-6Al-4V alloy. The fraction of HAGBs with random crystallographic orientation was close to 90%, revealing dynamic recrystallization was responsible for ultra-grain refinement during FSP. The LTSP of such an ultrafine microstructure was found in the temperature range of 773–923 K and strain rates from 1.0 × 10−4 s−1 to 3.0 × 10−3 s−1. Specifically, an exceptional LTSP of 1130% was achieved at 873 K and 3.0 × 10−4 s−1.
Shahmir et al. (2018) examined the effect of initial microstructures, e.g. martensitic and lamellar on the superplasticity in the Ti-6Al-4V alloy processed by HPT. It was demonstrated that significant grain refinement was achieved under both conditions with grain sizes of ∼30 and ∼40 nm, respectively. The nanostructured samples exhibited excellent ductility at 923–1073 K, including superplastic elongations at 973 K with maximum values of 815 and 690%, respectively.
To provide a direct comparison with other published data on superplasticity in the Ti-6Al-4V alloy processed by HPT, Table 2 summarizes the results reported under various parameters including initial microstructure and tensile elongation (Sergueeva et al., 2000; Sergueeva et al., 2002; Shahmir et al., 2018). All results showed high superplastic elongations but the maximum value of 815% was obtained. From this work, it was apparent that the initial grain size of the martensitic microstructure was smaller than the lamellar one and this would contribute to higher elongations, thus exhibiting exceptional superplasticity when compared with the lamellar microstructure.
TABLE 2 | Summary of experimental parameters and elongations in the Ti-6Al-4V alloy processed by HPT (Sergueeva et al., 2000; Sergueeva et al., 2002; Shahmir et al., 2018).
[image: Table 2]SUPERPLASTICITY IN FE ALLOYS
The development of ferrous superplastic alloys allowed the mass production of complex parts at relatively low costs. For example, a promising superplasticity was found in some duplex stainless steels (DSS) and ultrahigh carbon steels (UCS) (Li et al., 2014; Zhang et al., 2014b). However, the requirements of high alloying contents (Cr, Ni, and Mo), high temperature or low strain rate hindered broad industrial applications for intricate parts. More recently, lean-alloyed Fe–Mn–Al–C steels (e.g., medium Mn steel, MMS) revealed an extraordinary superplasticity and they have significant potentials to be used as the next-generation automotive steels due to their high strength, excellent ductility, comparatively low density and material cost (Cao et al., 2017; Cao et al., 2018; Han et al., 2017). Table 3 summarized the chemical composition, thermomechanical processing and total elongation and deformation conditions for various ferrous superplastic alloys (Zhang et al., 2014b; Li et al., 2014; Cao et al., 2017; Han et al., 2017; Cao et al., 2018).
TABLE 3 | Statistic results of chemical composition, thermomechanical processing and total elongation and deformation conditions for various ferrous superplastic alloys (Zhang et al., 2014b; Li et al., 2014; Cao et al., 2017; Han et al., 2017; Cao et al., 2018).
[image: Table 3]The superplastic MMSs were produced via either hot rolling or cold rolling followed by rapid cooling or inter-critical annealing, which evolved into a fully lath-typed or equiaxed ferrite and austenite (α+γ) duplex structure, respectively.
Han et al. (2017) investigated the superplasticity of Fe-6.6Mn-2.3Al cold rolled alloy. The tensile specimens were heated to 1123 K, where the equilibrium volume fractions of both α and γ phases were almost identical, held for 5 min and then tested at various initial strain rates. The process of lamella shearing happened during cold rolling, so that the equiaxed (α+γ) structure was quickly developed at elevated temperatures. Accordingly, a maximum elongation of ∼1314% was obtained at 1.0 × 10−3 s−1. In contrast, the hot-rolled (HRed) lamellar structure induced high flow stresses at initial and steady states, making intergranular deformation occur more readily than GBS. This corresponds to a relatively low ductility of ∼340% at 800°C and 10−3 s−1 (Cao et al., 2018). The low temperature or high strain rate superplasticity of medium Mn steels is believed as a result of ultra-grain refinement and the slow diffusion of Mn and Al elements.
GRAIN SIZE EFFECT ON SUPERPLASTICITY OF METALS
Taking into account the grain size effect on high-temperature deformation, a model on superplastic deformation was proposed by Lou and Woo (2002), based on the theory of GBS and the theory of cavity growth, as follows:
[image: image]
where B is defined as:
[image: image]
where [image: image] is the total elongation to fracture, [image: image] is an integrating constant, [image: image] is the valid radius of cavity in fracture, [image: image] is the atomic volume, [image: image] is the grain boundary width, [image: image] is the mean radius of cavity, [image: image] is the Burgers vector, [image: image] is the grain boundary diffusivity,[image: image] is the strain rate, [image: image] is the Boltzman constant, [image: image]is the absolute temperature, [image: image] is the dimensionless constant and [image: image] is the shear modulus.
The predictions of the model were compared with several published experimental data, as shown in Figure 3 (Liu and Ma, 2011). It was apparent that the total elongation increased with decreasing the grain size at various strain rates, i.e., the linear relationship between total elongation and 1/d was kept in a strain rate range.
[image: Figure 3]FIGURE 3 | Total elongation against inverse grain size for several superplastic materials. + Ti-6Al-4V deformed at 1200 K and 2.0 × 10−4 s−1; Ternary brass deformed at 874 K and 1.67 × 10−4 s−1; 7475 Al alloy deformed at 789 K and 3.0 × 10−4 s−1; × Al-Mg-Sc alloy deformed at 698 K and 3.0 × 10−2 s−1; × Al-14Ni-14Mn alloy deformed at 873 K and 1.0 s−1; • ZrO-dispersed Al deformed at 1727 K and 1.7 × 10−4 s−1 (Liu and Ma, 2011).
It is also well known that the contribution of GBS to the total macroscopic strain was estimated as being less than 70%, so the remainder should be accommodated by other existing mechanisms. In some cases, high dislocation activity was still visible, not only in the vicinity of interphase boundaries, but also within grains even after failure, verifying that GBS was accommodated by dislocation slip or climb mechanisms. Regarding the dislocation accommodating mechanism, a common resemblance was found with the Rachinger GBS effect. The process was generally controlled by the equilibrium subgrain size parameter λ, which can be expressed as (Alabort et al., 2015):
[image: image]
where b is the magnitude of the Burgers’ vector, σ is the flow stress, μ is the shear modulus and ζ is a constant. Given that average grain size (d) was constant, but λ was related to the imposed stress and hence, as a function of deformation conditions.
In the case of phases whose size d>λ, intragranular dislocations would form subgrains and even evolve into new grains upon straining; whereas for phases whose size d<λ, intragranular dislocations traveled through the softer phase, in favor of intragranular slip.
It is well known that the flow stress of materials is a function of deformation temperature T, grain size d and strain rate [image: image]during superplastic deformation, as below (Zhu and Langdon, 2004):
[image: image]
where A is a constant, n is an exponent related to the flow stress, p is an exponent related to the grain size, Q is an activation energy, R is a gas constant. Thus, the strain rate can be found increase significantly when the grain size of materials is refined to a nano-scaled level. Langdon et al. reported that as the grain size is refined from 2 μm to 200 nm, the superplastic period is reduced from 20–30 min to 20–30 s.
CONCLUSION
This work summarized the dependence of superplasticity of various metals on grain size and shape, including Al alloy, Ti alloy and ferrous alloy, etc. The smaller grains can contribute to lowering the deformation temperature and/or raising the strain rate, which is beneficial for rapid superplastic forming of parts with nearly arbitrarily complex shapes at relatively low costs. In comparison with severe plastic deformation, most of metals processed by conventional plastic deformation were not superplastic because the imposed strains were insufficient to refine the size to the ultrafine or even smaller levels. Meanwhile, the superplasticity of metals can be significantly improved as well by tailoring the initial microstructural parameters (grain shape, phase fraction, grain size distribution etc.), which is crucial for developing novel superplastic metals with commercial application potential.
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