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Editorial on the Research Topic 
Latest Developments in the Field of Magnesium Alloys and their Applications

Magnesium-based alloys and composites as structural materials as well as functionalized magnesium materials have been experiencing a steady increase in interest in the demand for new applications as well as in the scientific community for many years. To give an expression and visibility for this high demand, the authors initiated this Research Topic to provide interested stakeholders with an overview of current developments in research in this sector. A total of 16 articles were published by 56 authors from 29 institutional affiliations in nine countries. 12 of these articles are original research, and two of each are mini-reviews and reviews. Of the original research articles, eight address wrought alloys, two cast materials, and two fundamentals of metallurgical principles of magnesium alloys. This certainly meets the current need for optimization of wrought Mg materials for sheet applications or extruded profiles. In the list of applications targeted by the authors, it is noticeable that biodegradable magnesium materials are now a major focus. This is partly due to the fact that this research field experienced an acceleration in interest a few years ago and partly due to the massive interest of the medical industry in new, cost-effective solutions in implant materials to enable transfer to, for example, surgical procedures. The two mini-reviews deal firstly with the suitability assessment of magnesium materials for new applications in drone design and secondly with the deformation properties of friction-stir-welded magnesium alloys. The two reviews target fundamental issues of alloy development in magnesium alloys, as well as the suitability of magnesium materials as hydrogen storage materials.
In the first mini-review (Ren et al.), an overview of the microstructural characteristics and resulting texture development of magnesium alloys that were welded using the Friction-Stir process is presented. This process is a solid-phase joining process that does not suffer solidification problems as in other welding processes. EBSD data, among other data, are used for the analysis, and the localised plastic deformation mechanisms are described. In addition to these analyses, process modifications are also presented that serve to increase the strength of the welded zone.
The second mini-review addresses the suitability of magnesium-based materials as construction materials for drones (Höche et al.). The main drivers for this are low density and good castability, but also good damping properties. However, critical characteristics are also highlighted and ways to avoid them are presented. With the help of Ashby maps, which plot the Young's modulus or strength against the material’s density, the fields of possible application are identified and some new monolithic but also hybrid magnesium materials are presented for further developments, which can be used in manned or unmanned aerial vehicles in the future.
The first review (Rabkin et al.) deals with the hydrogen storage capability of extremely fine-grained magnesium alloys, one of the innovative topics in magnesium technology that fall under the category of functionalization. The fine grain size is achieved with the equal channel angular processing process (ECAP) and grain sizes below 1 µm are achieved. Also, other severe plastic deformation processes (SPD) such as high pressure torsion (HPT) result in grain sizes that significantly improve the kinetics of hydrogen loading and deloading. The authors argue that the best way to optimize the thermodynamics of the Mg-H system is to combine SPD with the selection of light alloying elements, which can be supported with computer-aided thermodynamic simulations (Campos et al.). Magnesium-based nanocomposites reinforced with carbon homologues, such as graphene or nanotubes, also show potential for suitability as hydrogen storage materials. More scientific studies are needed to better understand the detailed mechanisms of absorption and desorption and the influence of lattice defects.
The second review summarizes the basic principles of magnesium alloying (Kaya). In doing so, Miedema’s model becomes the center of attention along with the assumptions according to Hume-Rothery. This Miedema assumption relates the electron density and the difference in electronegativity of two elements to the stacking fault energy generated thereby. In the simulation approaches, the short-range order (SRO) formation of atoms is considered and not only the uniform homogeneous distribution of atoms in solid solution. Furthermore, the author would like to see this Miedema approach extended to multicomponent systems. As examples, oxygen and Ca or CaO are presented here as alloying additions. This review article describes in detail the possibilities for modelling magnesium alloy systems and attempts to derive property predictions from the results. It will be a good basis for future alloy developments and alloy innovations.
In an original research article, Tun et al. developed and tested a high-entropy alloy (HEA) with composition Mg-xAl-xCu-xMn-xZn with x = 5 at% (Tun et al.). This material was extruded and Al6Mn and Al2CuMg phases appear in the microstructure, resulting in the high hardness combined with high compressive strength of 616 MPa also achieving good ductility of 16.9%. The tensile strength and ductility in the tensile test are found to be good at 318 MPa and 8.2%, respectively. Regarding the yield strength, the ratio between compression and tensile tests is 0.9, which is almost symmetrical and thus quite untypical for magnesium alloys.
In an original research article, the microstructure, texture, as well as the forming behaviour and mechanical characteristics of two magnesium alloys (Mg-Zn-RE and Mg-Zn-Ca) produced by twin roll casting process were investigated (Victoria-Hernández et al.). Both alloys were hot rolled and annealed. They both show a fine-grained microstructure, a good ductility higher than 30%, and a similar texture with a split in the transverse direction. However, the difference in yield strength in and perpendicular to the rolling direction is relatively large. The Erichsen Index (IE) of the Mg-Zn-RE is 8.4 after cold rolling, while the Mg-Zn-Ca alloy shows good stretch formability while having a lower Erichsen Index. The alloy containing calcium does not show exceptional hot formability. The crack-inducing effect of the Mg2Ca phases is probably responsible for this. In conclusion, the suppression of the split texture is an effective way to suppress the anisotropy of the mechanical properties.
The effect of the addition of an Al-Be master alloy on the grain refining of a Mg-Zr alloy is studied in an original research article (Balasubramani et al.). It was originally assumed that the grain coarsening effect of this addition was due to a reaction of Be with Zr, thereby reducing the grain refining potential of the zirconium. In this work, however, it was shown that a reaction of the Al with Zr leads to intermetallic phases and thus reduces the absolute concentration of dissolved Zr. Consequently, this leads to a reduction of the grain refining effect by Zr. Furthermore, the grain refining effect of ultrasonic treatment of the melt was demonstrated and it was shown that beryllium is linked to oxides formed at the surface. The results of this study show that Be additions can lead to a reduction of ignitibility in grain refined cast alloys.
Creep resistance under compressive stress is investigated in an original research article on seven commercial and newly developed creep-resistant magnesium alloys processed in high-pressure die casting (Gavras et al.). These are the commercial AE42 and AE44, as well as a modified AE44, a commercial MRI230D, and three newly developed DieMag alloys that contain aluminium as well as barium and calcium in a 2:1:1 ratio in varying concentrations. In tensile tests at room temperature (RT), DieMag633 showed the highest yield strength of more than 200 MPa, but at the expense of ductility. MRI230D exhibited the second highest yield strength at RT with 180 MPa, followed by DieMag422 with 173 MPa. In tensile tests at 150°C, DieMag633 was also convincing with 160 MPa followed by MRI230D and DieMag422 with around 140 MPa. Thus, the yield strength of this most creep-resistant magnesium alloy at RT and at 150°C is higher than those of the aluminium alloy A380. The creep resistance at 200°C and different stresses between 60 and 100 MPa was best in the lower stress range for AE44 and at higher stresses for DieMag633.
The corrosion rate and mechanical properties of Mg-xAg alloys with x between 2 and 10 wt%, which may be suitable as biodegradable materials, are investigated in an original research article (Jessen et al.). These are thin films prepared by the magnetron sputtering technique and are as thin as 20 µm. They are compared with samples of pure magnesium produced in an identical manner. It was found that a Mg-10Ag alloy exhibits a tensile strength of 371 MPa with, however, moderate ductility. At a content of 6 wt% silver, the material shows a yield strength of 310 MPa with an elongation of 6%. The simultaneous investigation of the corrosion rates in combination with the mechanical properties suggest that the Mg-6Ag material is a promising material for degradable implants because the silver can also exhibit therapeutic effects.
Another original research paper addresses the biodegradable magnesium materials Mg-xGd with X = 2, 5 and 10, which can be used as implant materials (Harmuth et al.). The alloys were cast, solution treated and then extruded at different temperatures and speeds and the obtained profiles were investigated for their properties. It is shown that the mechanical properties can be varied over a wide range by the appropriate choice of parameters. Thus, the yield strengths in the tensile test range from 90 to 200 MPa and the ultimate tensile strengths from 180 to 280 MPa. In compression, yield strengths are between 80 and 220 MPa and ultimate compressive strengths between 300 and 450 MPa. Degradation rates are low at about 0.2 mm/year for all alloys and are not affected by process parameters. Mg-Gd alloys are therefore suitable for use as degradable implant materials.
Compression tests on a rolled and annealed Mg-1Zn-1Gd-0.6Zr alloy (ZEK110), which were performed in the sheet plane in the rolling direction, showed the following characteristics after analysis of the microstructure and texture of the deformed specimens (Basu and Al-Samman). Microstructure after annealing showed a large number of compression twins but also tension twins, which furthermore included second and third order twins. However, the growth of the twins is strongly hindered by Zr-rich precipitates and stress fields around other particles. <c+a> slip incorporates local plastic shear across the twin boundaries, while basal slip accumulates at interfaces in local dislocation pileup, contributing to grain boundary strengthening. Recrystallization and grain growth takes place. The importance of understanding twin deformation for the overall deformation process in magnesium materials has been demonstrated.
Another original research paper, which deals with the property optimisation of a Mg-3Zn-0.2Ca alloy by adding manganese (between 0.3 and 0.9 wt%), sees biomedicine as an application area for these alloys and, in particular, their use as degradable implant materials (Han et al.). With the increase of manganese, the grain size of the cast material first decreases and then increases again. This effect is attributed to the influence of manganese on supercooling during the solidification process. After extrusion of the materials, it is shown that with a content of 0.5 wt% manganese, a maximum yield strength of 302 MPa and a ultimate tensile strength of 327 MPa can be achieved. This is attributed to the influence of manganese on the recrystallization behaviour, which in turn influences the grain size. Investigations of the degradation rate and the corrosion potential show that the addition of manganese improves the properties and achieves optimum values at a manganese content of 0.5 wt%.
The property profile of extruded flat products is investigated in an original research article, and it is shown that microstructure, texture and mechanical behaviour differ significantly from rolled semi-finished products (Nienaber et al.). Three Zn-containing magnesium alloys were extruded with different process parameters, namely ZN10, ZX10 and AZ31, and the texture, microstructure and mechanical properties were studied on the strips formed. As expected, an increase in extrusion speed results in a higher deformation temperature, which leads to an increase in dynamic recrystallization. Differences in texture were also found in the three alloys. The AZ31 showed a strong basal texture, while the ZN10 and ZX10 showed more of a tilting of the basal plane towards the extrusion direction. This is similar in round extruded profiles. Soft textures allow better formability of the flat products. It was further found that retarding the dynamic recrystallization by choosing suitable alloying elements or by varying the process parameters leads to flat products with excellent forming properties, which could also be confirmed in Erichsen tests.
A research subject that has been a focus of interest for some years now is the long-period-stacking-ordered phases (LPSO) in magnesium alloys, which are held responsible for exceptional properties of some alloys. An original research article therefore deals with short range order (SRO) clusters in a Mg97Zn1Gd2 alloy (at%) that forms LPSO phases (Egusa et al.). Gadolinium-SRO clusters were identified with high-angle annular dark-field scanning transmission electron microscopy (HAADF-STEM) and zinc atoms were detected that are constituents of these clusters. First Principle Calculations supported the identification of the atomic distribution of Gd and Zn in STEM. These investigations on atomic scales show the possibilities of electron microscopy in correlating microstructure and properties.
Another original research article dealing with LPSO phases uses a combination of in-situ neutron diffraction and acoustic emission to investigate the deformation behaviour of two Mg-Zn-Y alloys (Máthis et al.). The alloys Mg-3Y-1.5Zn and Mg-7Y-6Zn (at%) show 32 and 85% LPSO phases in their microstructure, respectively. The investigations reveal that in both alloys the decrease in mechanical properties with an increase in temperature is only slight and that the load transfer from the magnesium matrix to the LPSO phases is the determining factor for these properties. This is particularly evident in the higher yield strength of the alloy with the higher content of LPSO phases. It turns out that twinning is the determining deformation mechanism in the alloy with low content of LPSO phases, while kinking is the determining mechanism in the other alloy. In this article, a contribution has been made to the understanding of the deformation mechanisms in LPSO alloys.
In summary, it can be stated that magnesium and its alloys are of great importance in all its variations, whether as a functionalised application (biodegradable implant material, hydrogen storage, post-Li battery, etc.), as a cast or wrought lightweight material or as a metallic matrix for hybrid materials, such as nanocomposites, laminates, etc. The wide range of papers submitted is proof of this trend, which will continue to make magnesium interesting for many applications in the future.
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Rolled and annealed Mg-1wt. %Zn-1wt. %Gd-0.6wt. %Zr (ZEK110) alloys were subjected to room temperature in-plane compression along the rolling direction, followed by isochronal annealing treatments for 1 h. Despite a starting orientation favoring c-axis extension, the as-deformed microstructure revealed a hierarchical network of twins with profuse quantities of second and third generation twinning appearing within primary tension and compression twins. Complex twin-twin and twin–particle interactions were accompanied by the activation of both basal and non-basal dislocation slip in the neighborhood. While the population density of twins nucleated was significantly high, twin growth was severely retarded due to the presence of secondary phases. In terms of the overall distribution of grain orientations, the as-deformed texture displayed a rather weak basal component with a large portion of the basal poles aligned toward the longitudinal direction with an angular spread of ± 30°. Recrystallization commenced within twins, at twin-twin intersections at lower annealing temperatures and occurred additionally near secondary phases at higher annealing temperatures, giving rise to diverse orientations of both basal and off-basal character. Subsequent growth led to favorable coarsening of the off-basal orientations resulting in an overall texture weakening. The findings provide critical insights with respect to engineering high-strength, high-ductility lean magnesium alloys, comprising hierarchical microstructures that are not only associated with favorable crystallographic textures but additionally display a multi-scale strengthening behavior.

Keywords: magnesium, twinning, twin-particle interactions, hierarchical microstructures, twin-twin interactions


INTRODUCTION

Designing high-strength and high-cold-formability magnesium alloys remains a considerable challenge owing to the inherent anisotropy in the hexagonal crystal structure, wherein strain accommodation along the longer c-axis is difficult owing to significantly larger critical resolved shear stresses in this direction (Yoo, 1981; Mordike and Ebert, 2001; Hirsch and Al-Samman, 2013; Wu and Curtin, 2015; Wang et al., 2018). Present magnesium alloys thus show limited plasticity at ambient temperatures, primarily due to: (i) an insufficient number of active deformation mechanisms, which are unable to fulfill the von Mises criterion for homogeneous plastic deformation, and (ii) the consequent development of strong crystallographic textures during deformation giving rise to highly anisotropic plastic flow behavior (Yoo, 1981; Hirsch and Al-Samman, 2013; Wu and Curtin, 2015).

Over the past decade, there has been a focused emphasis laid upon utilizing a combination of intelligent alloying such as micro-additions of rare earth (RE) elements and optimizing microstructural design in order to obtain simultaneous strength—ductility enhancement (Bohlen et al., 2010; Al-Samman and Li, 2011; Noble, 2012; Peng et al., 2012). In this regard, the authors have previously shown the beneficial impact of combined additions of RE and non-RE elements on shear banding and, subsequent recrystallization and grain growth behavior in Mg alloys (Basu and Al-Samman, 2014). They reported that tailored microstructures displaying large ductility without any strength loss could be fabricated by appropriate thermo mechanical processing. They also inferred that the presence of non-RE elements such as Zn and Zr significantly augment the RE effects in the alloy (Basu and Al-Samman, 2014). In a similar line, the authors performed exhaustive investigations on the deformation twinning behavior in binary magnesium-rare earth alloys, wherein it was shown that the addition of solute rare earth elements modify the overall twinning response with comparable nucleation probabilities of both extension and compression twins. The impact of such twinning characteristics was evident on the annealing response that resulted in soft deformable textures devoid of the unfavorable basal texture component for industrial processing, such as sheet metal forming (Basu and Al-Samman, 2015).

Despite the significant progress made in the previous studies, there is a current lack of understanding of twinning in these systems in the presence of combined additions of RE and non-RE elements, wherein simultaneous solute as well as precipitate effects on the deformation twinning response can be exploited for an enhanced knowledge of these alloy systems. The current work thus extends our understanding of twinning characteristics in Mg-RE alloys with additional contribution from non-RE elements i.e., Zn and Zr and whether such RE—non-RE combinations can be utilized to design high strength-high ductility twinned microstructures.



BACKGROUND

Room temperature deformation of conventional Mg alloys typically offers only four independent slip deformation modes i.e., two each from the basal: (0001) <11[image: image]0>, and prismatic: ([image: image]) <11[image: image]0> slip systems. However, since the aforementioned deformation modes only provide strain accommodation along the basal plane, magnesium tends to exhibit abundant deformation twinning activity as a strain accommodation mechanism along the <0001> c-axis (Yoo, 1981). However, unlike slip that is spatially more homogeneous with gradual lattice rotations, twinning results in drastic reorientation of the crystal by a significantly large misorientation angle (Yoo, 1981; Yoo and Lee, 1991; Aydiner et al., 2009). Such crystallographic rotation leads to formation of well-defined twin boundaries. While the presence of twin boundaries promote strengthening through dynamic grain refinement as well as lead to substantial latent hardening inside the twins; their role in terms of ductility is often seen as unfavorable (El Kadiri and Oppedal, 2010; Qiao et al., 2017). This is owing to the fact that twinning can either give rise to regions of severe shear incompatibility near the twin-parent interface (such as for compression twins) or generate crystallographically hard orientations (in case of extension twins) that adversely affect the overall elongation response (Aydiner et al., 2009; Molodov et al., 2014, 2017; Basu and Al-Samman, 2015). In this regard, promoting twin formation is often avoided when it comes to designing ductile Mg alloys, resulting in employing alternative routes such as designing fine-grained microstructures thereby abating twinning activity and increasing slip contribution (Yamashita et al., 2001; Hofstetter et al., 2015; Lin et al., 2016; Trang et al., 2018).

However, it must be understood that the aforementioned shear incompatibility and generation of non-deformable orientations during twinning is primarily as a result of the highly anisotropic dislocation slip prevalent in pure Mg, wherein pyramidal <c+a> slip modes require extremely high stresses (nearly 100 times the critical resolved shear stress of basal <a> slip) to activate (Yoo, 1981; Tonda and Ando, 2002; Wu and Curtin, 2015; Wu et al., 2018). In other words, the main reason behind the poor ductility response of twinned Mg alloys is the lack of homogeneity of slip deformation. A closer look into the origins of such poor formability indicates that the degree of anisotropy in stacking fault energies of the basal and non-basal planes plays a critical role in determining the overall plasticity response. Theoretically, the generalized stacking fault energy (γGSFE) for a crystallographic plane varies over the relative shear induced displacement that corresponds to displacing a plane of atoms by a magnitude equal to the Burgers vector. The resultant γGSFE curve along the slip direction of a crystallographic plane is described by a local maximum viz. [image: image] and a local minimum referred to as [image: image]. Physically, the value of γunstable relates to the ease of generation of stacking faults on the plane i.e., dislocation nucleation and the value of γstable gives a measure of the mobility of the nucleated dislocations on the particular plane. The lower the γGSFE values, the easier is the strain accommodation on a particular crystallographic plane. In pure Mg and conventional Mg alloys, it has been shown that the stacking fault energy values of the pyramidal planes (γGSFE(Pyr.)) are larger than those for the basal planes (γGSFE(Bas.)), whereby dislocation nucleation on pyramidal planes becomes energetically unfavorable (Wu and Curtin, 2015; Wu et al., 2018). Moreover, even if they nucleate the high γstable values ensures that the glissile pyramidal dislocations immediately cross-slip to the basal planes thereby dissociating into a sessile <c> and <a>-type dislocations (Ahmad et al., 2018, 2019). By means of molecular dynamics simulations, it has been shown that the cross-slip barrier for pyramidal to basal transition is extremely low i.e., of the order of 0.3–0.5 eV (Wu and Curtin, 2015), in comparison to the cross-slip energy barrier between pyramidal planes that is calculated in the range of 0.6–0.9 eV (Ahmad et al., 2018), thereby explaining the favorability of such a transformation. In a later study, it was shown by means of atomistic simulations that addition of solute REs can contribute toward reducing the cross-slip energy barrier differential between pyramidal-pyramidal and pyramidal-basal planes by simultaneous strengthening of basal dislocations and lowering the stacking fault energies for non-basal planes. It was further predicted that the RE-effect on ductility would be enhanced in the presence of lean additions (within 1 wt. %) of solute Zn. This ensures a more homogeneous deformation response of RE containing Mg alloys (Wu et al., 2018).

In light of these theories, it becomes interesting to probe deformation twinning in lean magnesium-rare earth alloys as a parameter for designing microstructures that benefit from twin induced strengthening without suffering in terms of reduced ductility, owing to a more isotropic slip behavior. In particular, the impact of RE additions in the presence of additional non-RE elements on the twinning response as well as the slip behavior needs to be investigated.



EXPERIMENTAL METHODS

Mg-1Gd-1Zn-0.6Zr (wt.%) alloy (ZEK110) was cast as per ref. (Basu and Al-Samman, 2014) and hot-rolled to a final thickness reduction of 50% over multiple passes. In between each pass, the alloy was subjected to intermediate annealing treatments at 450°C for a duration of 10 min. Rolling resulted in preferential alignment of the basal planes parallel to the rolling direction, giving rise to a well-defined sheet texture. The alloy was subsequently subjected to a short recrystallization annealing treatment at 400°C for only 12 min in order to relieve the stored residual stresses in the microstructure, yet retain the rolling texture for the subsequent in-plane compression experiments. The annealing treatment resulted in an average grain size of 16.7μm ± 2.9μm.

Specially oriented specimens of dimensions 12 mm (Longitudinal Direction; LD) × 10 mm (Transverse Direction; TD) × 4 mm (Compression Direction; CD) were machined from the rolled and heat treated sheet and utilized for in-plane compression tests, such that the compression axis is aligned with the rolling direction. Plane strain deformation conditions were implemented by means of a channel-die setup integrated into a conventional screw-driven ZWICK testing machine. Frictional shear between the specimen and the channel-die walls was mitigated by using hexagonal boron nitride (hBN) powder as a lubricant. Since the primary motivation behind such a deformation set-up was to activate deformation twinning in the material, the final compressive strain was limited to a value: εlogarithmic~6%, which typically corresponds to the value where twinning is known to exhaust and further deformation ensues primarily by dislocation slip. In order to assess the recrystallization and grain growth related texture and microstructural evolution, the deformed microstructures were subjected to isochronal annealing treatments for 60 min at 350 and 450°C.

Microstructural characterization was performed using visible light microscopy and electron backscatter diffraction (EBSD) analysis. Specimen surface was prepared by mechanical grinding and polishing techniques, followed by final step electro-polishing, giving rise to a damage free surface. Metallographic etching was performed using acetic picral. X-ray diffraction (XRD) measurements were performed to characterize the macro texture. For this, a Bruker D8 Advance diffractometer, equipped with a high-resolution area detector, operating at 30 kV and 25 mA, using filtered iron radiation and polycapillary focusing optics was used. The measurements were performed on the specimen mid-plane to obtain the bulk texture and avoid any surface effects. The quantitative texture analysis toolbox MTEX (Hielscher and Schaeben, 2008) was employed to calculate the orientation distribution function (ODF) and visualize the data from the pole figure measurements. EBSD measurements performed on electro-polished specimens were analyzed using commercially available EBSD analysis software and the MTEX toolbox. A step size of 0.3 μm and a camera binning of 4 × 4 was employed for the measurements.



RESULTS AND DISCUSSION


Flow Behavior Under In-plane Compression

Plane-strain compression (PSC) experiments in the present work was ideally designed to generate extension along the c-axis, since it is well-known that pure Mg undergoes [image: image] extension twinning under such circumstances. Figure 1 displays the averaged stress-strain curve recorded for six individual in-plane compression tests on ZEK110 alloy. The error bars indicate the range of deviation in the stress values corresponding to the imposed strain. An inset image near the top left indicates flow curves recorded for higher strains clearly elucidating the twinning onset and exhaustion regimes. The bottom right inset image in Figure 1 indicates the (0002) basal pole figure corresponding to the starting orientation. As depicted, the basal poles though preferentially aligned toward the LD, exhibit a large angular spread around the longitudinal axis of approx. ± 15° from the CD toward the TD. This is indicated by a rather weak rolling texture of the order of ~3 MRD (multiples of a random distribution).


[image: image]

FIGURE 1. Flow curves during in-plane compression of Mg-1wt.%Zn-1wt.%Gd-0.6wt.%Zr (ZEK110) alloy. White arrows indicate the onset of twinning and the strain at which twinning exhausts. Inset image on the lower right showing the starting texture of the specimen. Error bars indicate the stress variation across flow curves recorded for six independent deformation tests.



The loading curve displays a “concave-up” shape that is often associated with twinning dominated deformation (Kelley and Hosford, 1968; Nave and Barnett, 2004). The initial “non-linearity” observed in the flow curves is often seen in PSC stress-strain curves and is possibly a result of compliance effects between the plunger of the channel-die and the sample. Twinning initiation is indicated with the onset of plateau and the subsequent rise in the applied stress most likely corresponds to exhaustion of twinning deformation and the corresponding twin boundary induced hardening effects (c.f. arrows shown in Figure 1).



Microstructure and Texture Evolution

Figures 2A,B show the optical microstructures and XRD bulk textures for ZEK110 after 6% PSC deformation and annealing at 350 and 450°C for 60 min, respectively. Despite the imposed c-axis extension, the contribution of {1012} extension twins seemed severely abated with respect to the XRD pole figure shown for the as-deformed ZEK110 alloy. Theoretically, twinning under c-axis extension is associated with an 86° reorientation of the basal poles such that they align with the direction of loading i.e., CD. However, the as-deformed texture of ZEK110 displays a concentration of the basal poles lying between CD and LD, within an angular distance of ~15−30° away from the LD. Annealing treatment at 350°C results in large orientation spread between the LD and CD, weakening the overall texture intensity from 6 MRD in the as-deformed state to 4 MRD in the annealed one. Further increase in the annealing temperature to 450°C, results in complete disappearance of the basal texture component that was visible in the as deformed and lower annealing temperature conditions. The orientations mostly lay within LD and CD with an angular spread of ± 30°. The texture intensity was further weakened with the maximum value dropping to 3 MRD.


[image: image]

FIGURE 2. (0002) recalculated pole figures from XRD (A), and optical microstructures (B) after plane strain compression to 6% true strain, and static annealing treatments for 60 min at 350 and 450°C for ZEK110.



Light microscopy investigations indicated heavily twinned microstructures in the as-deformed condition. Annealing at 350°C led to a partially recrystallized microstructure comprising of equiaxed grains as well as twinned regions. At higher annealing temperatures, a combination of large and small grain clusters describe the whole grain topology. Secondary phases, identified in earlier works as Zr-rich clusters (Basu and Al-Samman, 2014), are additionally observed as heterogeneously distributed all throughout the microstructure (c.f. Figures 2B, 3). It must be noted that Gd was existing entirely in solid solution in the microstructure. The size ranges vary from particles being larger than 1 μm (ideal for stimulating recrystallization) to small ones that are < 1 μm (contribute toward grain boundary pinning; Humphreys and Hatherly, 2004).


[image: image]

FIGURE 3. Precipitate characterization and distribution in the ZEK110 alloy in the as-deformed state; the precipitates compositionally confer with Zr-rich phases that have been previously identified in Basu and Al-Samman (2014).





Hierarchical Twinning and Non-basal Slip

In order to assess the characteristics and nature of deformation twins as well as the associated dislocation sub-structure generation, in depth EBSD analysis was employed to obtain simultaneously topological, orientation and strain information. Figure 4A shows the overall strain distribution in the as-deformed ZEK110 alloy by means of a kernel average misorientation (KAM) map. The black regions correspond to the unindexed areas and they systematically correspond to the Zr rich secondary phases present in the microstructure. The KAM physically describes the misorientation of a reference pixel i.e., kernel center, with respect to the nearest neighbor pixels lying in the defined kernel size. Since the degree of location crystal lattice rotation is directly proportional to the local shear strain, the KAM map also represents the local strain distribution in the microstructure. In the present case, a threshold KAM value of 2° was implemented for a kernel size upto the 2nd nearest neighbor (Basu et al., 2017). Figure 4B displays the image quality map with grain boundaries overlaid with the definite twin axis/angle misorientation relationships. In this respect, the indexed twin boundaries in different colors revealed [image: image] extension twins (highlighted in red), [image: image] compression twins (blue) as well as [image: image] double twins (yellow). An angular deviation of ±6° in the misorientation was accounted for. Figure 4C provides a magnified KAM map for the highlighted region in Figure 4A, depicting a strong KAM contrast. The local strain appears to systematically accumulate along slip bands (colored bright green) that correspond to [image: image] pyramidal <c+a> slip traces as corroborated by the image quality map shown as an inset image on the top left corner of Figure 4C. Figure 4C also reveals that the observed slip bands originate primarily near the detected [image: image] double twin. The other inset of an inverse pole figure (IPF) map, with the viewing axis along the CD, indicates in-grain orientation gradients involving rotation of the [image: image] plane parallel to the plane of compression (c.f. yellow colored matrix in the IPF map in Figure 4C), thereby corroborating the existence of pyramidal <c+a> dislocation activity.


[image: image]

FIGURE 4. (A) Kernel average misorientation map corresponding to ZEK110 deformed to 6% strain under plane strain compression, (B) corresponding image quality map with twin boundaries as [image: image] extension twins (highlighted in red), [image: image] compression twins (blue) as well as [image: image] double twins (yellow); (C) magnified image of the area highlighted in this figure. Corresponding inverse pole figure map as inset on the top left corner and the map showing the grain boundaries colored with respect to the degree of transparency to (11[image: image]2 < 11[image: image]3 > pyramidal slip transmission. Red lines overlaid on the map confer with [image: image] pyramidal slip traces. Grain boundaries larger than 3° are shown in black. (D) (0002) single orientation scatter data and recalculated pole figures for the EBSD map shown in (A).



While grain boundaries play a critical role in terms of defect nucleation sites, there contribution as obstacles to dislocation motion directly influences the ease of plasticity and the degree of material strengthening that has been frequently addressed as the Hall-Petch effect. However, it must be understood that the strengthening potential of a grain boundary is strongly dependent upon the nature of dislocation-grain boundary interaction, whereby the grain boundary can (i) either act as an impenetrable barrier to dislocation motion (no transfer) leading to dislocation pile-ups and localized rotations or (ii) facilitate complete transfer of slip between two neighboring grains. This aspect is strongly influenced by the dislocation character as well as the grain boundary crystallography. A geometrical assessment of the feasibility of dislocation transfer across grain boundaries can be described via the slip transfer parameter (m′) value, given as: [image: image], where n1 and n2 are the normalized intersection lines common to the active slip planes and the boundary plane, and b1 and b2 are the normalized slip directions in the pile-up and emission grains (Shen et al., 1988; Clark et al., 1992). While the first expression on the right hand side corresponds to the alignment of the slip planes, the second expression is related to the alignment of the incoming and outgoing slip directions. The higher the m′ value, the easier is the slip transfer, and obviously, the lower is the stress concentration and dislocation pile-up at the boundary. The inset map on the top right corner in Figure 4C displays grain boundaries colored with respect to the corresponding m′ values calculated for [image: image] pyramidal <c+a> slip system as the active slip mode. Bright yellow and greenish yellow colors indicate easier slip transmission, while dark blue colored boundaries resist slip transfer i.e., block dislocation motion across the boundary. Large segments of the double-twin/parent interface in Figure 4C being primarily highlighted by green-yellow and yellow colors indicate that slip transfer of <c+a> dislocations across the twin boundary is geometrically favorable. The implications of such observations on the plasticity behavior in lean magnesium-rare earth alloys will be discussed later.

Apart from the presence of extension twins, in-plane compression also resulted in considerable amounts of compression twinning and higher order twin structures appearing throughout the microstructure. The likelihood of appearance of compression twins can be attributed to the larger spread of orientations about the LD, whereby certain grain orientations can experience c-axis compression arising from the lateral compressive stresses due to the die walls (Basu and Al-Samman, 2015, 2017). Moreover, the presence of pyramidal slip (as seen in Figure 4C) could also lead to dynamic reorientation of the parent grains during straining, whereby parts of the grains in due course start experiencing a compressive stress component along c-axis from the loading direction. The second aspect regarding the ease of nucleation of compression twins is attributed to the presence of Gd and Zn as solutes. On one hand, addition of solute REs facilitate the reduction of overall stacking fault energies of higher order planes such that nucleation of compression twin faults becomes relatively easier (Li and Ma, 2009; Sandlöbes et al., 2012), whereas on the other side the co-segregation and formation of Zn-Gd dimers (Nie et al., 2013) could effectively increase the activation energy of atomic shuffling processes that dictate tensile twin formation. Infact, similar observations were reported for Mg-Y alloys, wherein retarded atomic shuffling in [image: image] extension twins was attributed to the larger shuffling energies owing to the bigger Y atoms in the matrix (Stanford et al., 2015). Both these factors have been seen to result in competitive nucleation stresses for both [image: image] extension and [image: image] compression twin formation.

A more peculiar aspect that is evident during deformation of the current alloy is the appearance of higher order twinned structures i.e., hierarchical twin formation, whereby numerous instances of 3rd generation twins are observed. Figure 5 illustrates different cases of such hierarchical twinning observed in the as deformed ZEK110. The parent grain in Figure 5A exhibits all three twin types i.e., extension, compression, and double twins. The double twins additionally undergo [image: image]extension twinning giving rise to two different twin variants shown in red (TT1DT1P) and green (TT2DT1P). In conventional Mg alloys, the red twin corresponds to the high Schmid factor variant and the green twin is associated with the low Schmid factor variant. The former shows a higher chance of nucleating primarily due to anisotropy in slip behavior in pure Mg, wherein strain accommodation is easier for the red twins in comparison to the green twins (Basu and Al-Samman, 2015). However, the appearance of both twin variants in rather equal proportions evinces to a non-Schmid twinning behavior prevalent in the present alloy that most likely arises from more homogeneous deformation behavior. In case of Figure 5B, a large compression twin (CTP) is shown to undergo both extension (TTCTP) as well as compression twinning (CTCTP). The broad non-twin like morphology of the primary compression twin (CTP) in Figure 5B develops from slip-induced coalescence of large number of individual compression twins nucleating adjacent to each other, indicated by the white arrows in the image on the left (c.f. Figure 5B). The 2nd generation compression twin (CTCTP) further twins under a non-zero tensile stress component along the c-axis to give rise to a double twin relationship with the parent compression twin (DTCTP).
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FIGURE 5. Inverse pole figure maps and corresponding single orientation scatter data indicating different instances of hierarchically twinned structures comprising nested twins in ZEK110. The colored arrows in the single orientation scatter plots indicate the crystallographic rotation of the parent grains because of twinning. Grain boundaries larger than 10 are highlighted in black. Twin boundaries are shown as [image: image] extension twins (highlighted in red), [image: image] compression twins (blue) as well as [image: image] double twins (yellow). White arrows in left most image in (B) indicate the remnant sections of individual compression twins that nucleated next to each other and coalesce through dislocation slip to form a broad compression twinned region.



Figure 6 shows another region comprising 3rd generation twins, wherein a compression twin [image: image] forms inside a double twin [image: image] (c.f. Figure 6A). Interestingly, since the twins rotate the crystal about the same <11[image: image]0> axis, the formation of compression twin inside a double twin results in creation of a new interface that is misoriented with respect to the original parent grain (P) by 13 about the <11[image: image]0> axis (c.f. misorientation profile along AB in Figures 6B,E). Figure 6C shows the grain-reference orientation- deviation (GROD) map corresponding to the same region, indicating large orientation gradients next the grain boundary from where the higher order compression twin seems to nucleate. Figure 6D displays the single orientation scatter data indicating the appearance of diverse orientations due to the formation of complex twinning structures within the same parent grain.


[image: image]

FIGURE 6. (A) Image quality, (B) inverse pole figure, and (C) grain reference orientation deviation maps, showing formation of hierarchically twinned structures described by a [image: image] compression twin nucleating inside [image: image] double twin. (D) Single orientation scatter data indicating the twin induced reorientations; (E) misorientation profile across the boundary (line AB) between the 3rd generation compression twin and the original parent grain; (F) geometrically necessary dislocation density gradients for <a>-type and <c+a> type slip near the grain boundary along line 1–2 are plotted as a function of distance; basal and pyramidal dislocation density maps are additionally shown to the right of the plot.



Using the kernel average misorientation data, the local geometrically necessary dislocation density values corresponding to the primary slip can be calculated using the strain gradient approach (Kubin and Mortensen, 2003; Konijnenberg et al., 2015) given as: [image: image], where, θ is the experimentally measured KAM value, λ is the step size (in the present case 300 nm), n is the number of nearest neighbors averaged in the KAM calculation (in the current case 2nd nearest neighbor) and bd is the Burgers vector corresponding to the primary slip direction, which in the current case is attributed to basal <a> slip. The GND values corresponding to <c+a> slip are estimated by performing a crystallographic decomposition of the Nye tensor obtained from the local lattice curvature values extracted from EBSD (Nye, 1953; Field et al., 2005; Ruggles and Fullwood, 2013; Konijnenberg et al., 2015). The Nye tensor (∝ij) describes the contribution to geometrically necessary dislocation content from multiple slip systems that are needed to accommodate a given rotation in the crystal lattice and is mathematically expressed as, [image: image] [image: image] and [image: image] are Burgers vector and slip plane normal for slip system m and ρm is dislocation content for the slip system m. The variation of the 2D–GND values for both <a> and <c+a> slip are represented in Figure 6F. Corresponding GND maps for both basal and pyramidal slip are indicated to the right of the plot in Figure 6F. The values indicate only an order of magnitude difference in dislocation density values between basal <a> and pyramidal <c+a> slip near the grain boundary (c.f. calculated GND density gradient along line ′1 − 2′ shown in Figure 6C and bottom image in Figure 6F). It is worthwhile to mention that the GND values from the strain gradient and lattice curvature approaches provide a lower bound estimate since it incorporates the contributions of only non-paired edge dislocation segments and dislocation walls, which result in an effective unclosed burgers circuit giving rise to a net non-zero misorientation. Moreover, experimental 2D EBSD data can provide only 5 terms of the Nye tensor viz. ∝ij. This implies that dislocation densities from a maximum of five independent dislocation systems can be resolved, whereas the effective set size of available slip systems in a hexagonal close packed material is 21, indicating that above approach underdetermines the complete dislocation content from individual slip systems. It is expected that a more accurate estimate of GND values feasible from 3D data sets would therefore lead to much higher densities that directly correlate to large local internal stresses that contribute to twin nucleation. However, the current values provide a qualitative estimate of the dislocation density contributions from basal and non-basal slip modes. The ease of non-basal <c+a> slip further elucidates the preferred nucleation of compression type twinning rather than formation of extension twins, which are typically the most favored twin type in pure Mg. In terms of microstructural design, it is proposed that such hierarchically twinned microstructures are extremely beneficial in terms of designing high strength-high ductility microstructures, wherein twin induced grain fragmentation results in simultaneous grain refinement, and generation of new and diverse orientations (c.f. as shown in the single orientation scatter plots and the IPF maps in Figure 5).

The existence and stability of such higher order twins in the current alloy are attributed to: (i) interaction of second phase particles with twins and (ii) local dislocation activity. While Zr rich particles can retard twin growth severely, they also generate very high local stress states that can facilitate twin nucleation (Basu and Al-Samman, 2015). Quite contrarily, such high local stresses in pure Mg would typically result in crack nucleation rather than twins, primarily due to the large anisotropy in slip behavior. Figure 7 shows the number of daughter twins per grain as a function of the grain size for the ZEK110 alloy vis-a-vis solid solution Mg-1Gd alloy under the same deformation conditions. The trends indicate much higher overall twin number densities in the quaternary alloy with the number of twins nucleated in the largest grains being 1.5 higher than in the binary counterpart. The plot further indicates that the majority of the grains measured in the ZEK110 alloy nucleated multiple twins as opposed to most grains in the binary Mg-1Gd alloy comprising of only one daughter twin. It must be noted that the number of twins detected per grain in Figure 7 only accounts for first generation twins, wherein the parent and twinned region can be distinctly identified. It is expected that the presence of more complex higher order twin structures would indicate that the realistic values of twin number density would be much higher than that measured. Nevertheless, the findings clearly address the dominance of twin nucleation in the quaternary alloy.
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FIGURE 7. Number of first generation twins per parent as a function of grain size for (A) ZEK110 and (B) Mg-1Gd from Basu and Al-Samman (2017).



In order to accommodate the local strains around the twinned regions in the ZEK 110 alloy the role of dislocation slip is critical, wherein anisotropic slip behavior dominated by basal <a> slip can adversely affect local plasticity by creating regions of large strain incompatibility in and around such hierarchical twinned structures that would typically promote failure. However, the presence of non-basal dislocation activity in the present alloy can overcome this issue and effectively sustain material ductility. Figures 8A,B indicate microstructural regions in the as-deformed state showing abundant non-basal slip activity. In order to simultaneously visualize local orientation as well as strain distribution, EBSD maps are depicted as inverse pole figure maps overlaid upon image quality maps. The regions of lower image quality correspond to formation of slip bands inside the grains. Regions comprising such slip bands are separately identified in Figure 8A and magnified to reveal the character of dislocation slip active in the as-deformed state (c.f. Reg. I, Reg. II, and Reg. III in Figure 8A). The slip traces corresponding to [image: image] pyramidal planes are overlaid on the images in black lines indicating that the slip band orientations marked by black arrows are associated with 2nd order pyramidal <c+a> slip. Since pyramidal slip possesses five independent deformation modes as opposed to basal <a> slip that offers only two independent slip systems, the overall grain and twin co-deformation becomes much more homogeneous in the presence of <c+a> slip activity. This is validated by the large fraction of yellow and green colored grain boundaries, favoring pyramidal slip transfer across parent-twin interfaces (c.f. Figures 8A,B). On the other hand grain boundary strain transfer map for basal slip transfer indicates more blue colored boundaries (as shown in the basal <a> slip transfer map for the parent-twin interface enclosed in Figure 8B), thereby indicating that the same parent-twin interface can act as a strong barrier to the motion of basal <a> dislocations, shown by purple arrows. The corresponding local strain distribution (KAM map) shows larger local misorientations (higher strains) at the parent-twin interface (see lower right inset image in Figure 8B) that most likely corresponds to pile-up of basal dislocations at the twin boundary. The findings further indicate that while non-basal <c+a> slip contributes to enhanced plasticity, the activation of basal slip facilitates strengthening by piling-up at the newly formed parent-twin interfaces, thereby giving rise to a twinning induced dynamic Hall-Petch effect.
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FIGURE 8. Microstructural regions shown as inverse pole figure maps and grain boundary slip transmission map, (A,B) in the as-deformed ZEK110 alloy showing profuse [image: image] pyramidal slip (indicated by black slip traces) and secondary (0001) [image: image] basal slip (shown in purple slip traces) both inside the parent as well as twinned areas. Regions in (A) are magnified, indicating a good agreement of the observed slip traces in matrix and twinned regions with (11[image: image]2) <11[image: image]3> pyramidal slip. The grain-boundary slip transfer maps in (A,B) correspond to (11[image: image]2) <11[image: image]3 > pyramidal slip. The slip transmission map on the right hand side in (B), describes the favorability of transfer of (0001) <11[image: image]0 > basal dislocations across the twin/grain boundaries in the region of interest highlighted by the black window. The bottom right image in (B) depicts the kernel average misorientation (KAM) map of the area of interest.





Recrystallization and Grain Growth Behavior

Figure 9 presents the EBSD analysis for annealing microstructure corresponding to heat treatment at 350°C for 60 min. Figure 9A indicates that the microstructure is partially recrystallized, highlighted by a distribution of recrystallized grains as well as still deformed regions comprising of non-recrystallized tension twins (boundaries highlighted in red). Figure 9B displays the corresponding (0002) pole figure. The EBSD texture indicates good agreement with the macro texture measured using XRD. In order to assess the contributions of the recrystallized and non-recrystallized grains to the overall orientation distribution, the EBSD map was classified into recrystallized (RXed) and un-recrystallized (un-RXed) areas. Figure 9C displays the recrystallized and non-recrystallized regions of the microstructure. RXed grains were characterized with a grain orientation spread (GOS) value within 2 and simultaneously possessing a grain boundary misorientation larger than 10°. The corresponding single orientation scatter plots for the RXed and un-RXed subsets are shown as inset on the top-left corner. The orientation spread indicates a higher density of orientations lying between the LD and CD for the recrystallized subset. These orientations typically correspond to those generated by compression twins and higher order twins, indicating that the compression and higher generation twins recrystallize earlier owing to larger local stored energy. This is quite likely attributed to more active <c+a> slip in the regions that are required to accommodate local strains arising from twin formation. Pyramidal slip activity near twins is critical for nucleation of compression twinning as its formation is shear dominated i.e., twin formation is driven by glide of twinning disconnections, in comparison to extension twins, where twin propagation and growth occurs primarily by atomic shuffling (Li and Zhang, 2014; Basu and Al-Samman, 2015). Presence of <c+a> slip with a Burgers vector ′b′ much larger than those of basal deformation modes not only increases the local stored dislocation energy (Edis ∝Gb2) but also provides a non-planar dislocation network that is necessary for generation of recrystallized nuclei/grains.
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FIGURE 9. EBSD map at 350°C (60 min annealing time) indicating a partially recrystallized microstructure, (A) inverse pole figure map, (B) recalculated (0002) pole figure, (C,D) show the recrystallized and un-recrystallized subsets. Corresponding single orientation scatter for recrystallized and un-recrystallized regions are shown as inset plots on the top left corner.



In case of the deformed subset, the orientations mostly conformed with the initial parent grains and extension twins that were still resistant to recrystallization. This is attributed to the tendency of the extension twins during deformation to grow via. atomic shuffling rather than deform by slip under applied stress, whereby dislocation activity is abated and subsequently leading to an absence of well-defined deformation substructure inside the twins that can potentially recrystallize under thermal activation. Moreover, the tendency of Zn-Gd dimers to segregate at the boundaries under thermal activation further drags the recrystallization process, whereby the twin boundaries are unable to recrystallize nor grow during annealing (Basu and Al-Samman, 2015). Apart from the extension-twinned regions, the vicinity of particles also did not show traces of recrystallization owing to insufficient thermal activation at 350°C.

Figure 10 indicates the microstructure after annealing for 60 min at 450°C. The microstructure indicates a clear bimodal grain size distribution with the presence of large grains and clusters of very small grains (c.f. Figure 10A) in the vicinity of certain unindexed areas that systematically correspond to the Zr-rich phases (c.f. yellow arrows in Figure 10B). The calculated texture from the EBSD data indicates an absence of basal orientations and majority of the grains with their c-axis aligned between the LD and CD along with a lateral spread of orientations along the TD. As mentioned previously, these orientations correspond to compression twins and higher generation twins. The findings indicate that the orientations nucleating inside the compression and higher order twins preferably undergo recrystallization and grain growth at higher annealing temperatures, thereby consuming the un-recrystallized parent grains and the majority of extension twins. Few extension twins are still visible after annealing at 450°C that seem to neither grow nor recrystallize (indicated by white arrows in Figure 10A). The particles generate recrystallized grains in their vicinity that give rise to the smaller grain clusters, however they seem to lack sufficient driving force to grow. The selective growth behavior in the current ZEK110 alloy is known to be an outcome of the dual effect of solute drag due to Gd-Zn solute pairs as well as Zener pinning from the finer Zr rich phases present in the microstructure (Basu and Al-Samman, 2014). The presence of such grain boundary pinning agents leads to a clear demarcation in grain sizes, wherein the smaller grains from particle stimulated recrystallization as well as extension twins possess insufficient energy to overcome the impending solute drag and particle pinning effects. On the other hand, the orientations from regions of higher stored energies are able break free of such drag effects and grow larger, subsequently dominating the overall orientation spectrum.


[image: image]

FIGURE 10. EBSD map (at 450°C for 60 min) in inverse pole figure coloring (A) and image quality (B) color coding. Recalculated (0002) pole figure shown in (C). Portions in (A) are zoomed in to shown the still un-recrystallized twins, marked by white arrows in (A). Yellow markers in (B) indicate the fine grains recrystallizing near Zr-rich particle clusters.





Implications in Terms of Microstructural Design of Lean Magnesium Alloys

The current observations are critical with respect to exploiting twinning in magnesium in order to tailor high strength-high ductility microstructures. The generic perception regarding twinning deformation in conventional Mg alloys is always associated with poor ductility response, owing to the large shear incompatibility generated near twin-parent interfaces. However, the current work reveals that through appropriate alloying strategies twinning as a deformation mode can be effectively utilized to not only accommodate imposed strain but also impart dynamic Hall-Petch strengthening.

With the means of RE-additions in conjunction with Zn and Zr, the influence of solutes as well as secondary phases on twinning behavior are favorably triggered to engineer failure resistant microstructures. From the literature, the presence of solute Zn and RE atoms contribute in intrinsically modifying basal and non-basal stacking fault energies, thereby promoting pyramidal slip as a dislocation mode as well as giving rise to a more competitive twin nucleation behavior in terms of extension and compression type twins. Simultaneously the role of Zr rich secondary phases becomes critical in severely restricting twin growth on one side and on the other hand contributing toward increasing the local stresses in the matrix to facilitate nucleation of compression twins. The superposition of both these factors contributes toward generating hierarchically twinned microstructures that not only give rise to a large orientation spread i.e., weak and deformable textures that are sustained during recrystallization and grain growth, but also promote dynamic grain fragmentation that imparts additional grain boundary hardening via. dynamic Hall-Petch mechanism.




CONCLUSIONS

Twinning induced deformation and subsequent annealing response is investigated for Mg-1wt.% Zn-1wt.% Gd-0.6wt.% Zr rolled alloy under plane strain compression perpendicular to the c-axis. It is shown that the role of non-REs can not only augment RE-solute effects on the overall deformation and annealing response but also play a significant role as secondary phases on impacting twinning behavior. Microstructures with hierarchical twins and profuse non-basal slip are observed. The following key conclusions are derived at,

a) Plane strain compression, despite normal to the c-axis, resulted in profuse amounts of both compression and extension type twins. Large amounts of 2nd and 3rd generation twins with a hierarchical morphology are present throughout the microstructure, giving rise to simultaneous grain fragmentation and large orientation spreads.

b) Twin growth is severely restricted by the Zr rich secondary phases and on the other hand local stress states near particles and grain boundaries promote twin nucleation.

c) Nested twin structures are supplemented with abundant [image: image] pyramidal <c+a> slip in and around the twin-parent interfaces. While <c+a> slip accommodates the local plastic shear across the newly formed twin boundaries, basal slip tends to accumulate at the interfaces resulting in local dislocation pile-up and contributing to the overall grain boundary strengthening.

d) Recrystallization and grain growth preferentially occur inside the compression and higher order twin structures that overcome solute and particle pinning effects, whereas the recrystallized grains nucleating around particles and recovered extension twins remain pinned even at higher annealing temperatures.

e) The implications of the current study are critical with respect to exploiting twinning to design high strength-high ductility lean Mg alloys.
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Currently, only a few magnesium alloys have been approved for implant applications. For biomedical purposes, the choice of the alloying elements is a critical parameter and rare earth elements have been proven to be mechanically suitable and biologically tolerable. In this comprehensive study, tailoring the mechanical properties of binary Mg-Gd alloys by indirect extrusion is shown to obtain a property profile that is applicable to different biomedical applications. Mg-2Gd, Mg-5Gd, and Mg-10Gd were solid solution treated before extrusion. For each alloy various combinations of extrusion temperature and speed were applied. Resulting effects of alloy composition and processing on microstructure development, texture evolution, mechanical properties, and degradation behavior were investigated. Grain sizes and corresponding textures were adjusted by the extrusion parameters. Despite changes in the texture, grain boundary strengthening effects were confirmed for all alloys in accordance with the Hall-Petch relationship. The alloy composition contributed to the mechanical properties by solid solution strengthening and a combination of texture changes and slip activities. Consequently, mechanical properties can be tailored within a wide range resulting in tensile yield strengths of 90 to 200 MPa (ultimate tensile strengths 180–280 MPa) and compressive yield strengths of 80 to 220 MPa (ultimate compressive strengths 300–450 MPa) with elongations of 10–45%. Low degradation rates in the range of 0.2 mm/year were determined for all alloys. Degradation was only slightly influenced by the alloy composition but not affected by processing. Overall, the properties of Mg-Gd determined in this work appear to be suitable to future implant applications.

Keywords: extrusion, biomaterial, mechanical properties, degradation, gadolinium, rare earth elements, yield asymmetry, texture


INTRODUCTION

As constant mineral element in the human body and contributing to a variety of metabolic processes magnesium features excellent biocompatibility (Eder, 2009). Furthermore, mechanical properties and degradation behavior of Mg outperform biodegradable polymers. However, in pure form Mg has insufficient mechanical strength for most implant applications, e.g., osteosyntheses. Alloying of pure Mg might overcome this drawback by varying modes of strengthening and by changing the deformation behavior and texture. However, excellent biocompatibility and slow degradation of alloying elements needs to be ensured. Due to the existing concerns related to the potential neurotoxicity of aluminum different alloying elements are under investigation (El-Rahman, 2003).

The application of aluminum-free magnesium alloys for biomedical implants is highly dependent on specific material properties such as good biocompatibility, robust degradation behavior, and relevant mechanical properties. Regarding these properties, rare earth based alloys have been proven to be suitable, for example in two different CE (European Conformity) approved implant applications: Magnezix alloy for screws and pins (company Syntellix)1 (Wetterlöv Charyeva, 2015) and SynerMag® alloy for Magmaris magnesium scaffold (company Biotronik)2 (Marukawa et al., 2016). In accordance with these approvals, also Mg-Gd alloys have shown promising potential in mechanical properties (Rokhlin, 2003; Hort et al., 2010) and in vitro and in vivo biocompatibility testing (Feyerabend et al., 2010; Myrissa et al., 2016).

The influence of rare earth elements on the mechanical properties of Mg alloys has been reported to be beneficial (Rokhlin, 2003; Tekumalla et al., 2014). Mechanisms such as grain size strengthening and solid solution strengthening have been addressed for Mg-Gd (Gao et al., 2009; Xu et al., 2016, 2018). The beneficial influence of rare earth elements in general (Imandoust et al., 2017) and in particular for Mg-Gd (Stanford and Barnett, 2008; Stanford et al., 2010; Kim et al., 2017) is also attributed to texture weakening and enhanced slip activation that results in improved ductility and reduced anisotropy. In addition, tailoring of mechanical properties is critical for implant design but the underlying mechanisms have to be fully understood, particularly for Mg-Gd. Regarding the degradation behavior, an absence of intermetallic phases, and dendritic segregation favors slow and homogeneous degradation. Here, degradation rates of rare earth based magnesium alloys can be influenced by heat treatments during processing (Dvorský et al., 2018), if required. Also, tailored surface treatments show potential for adjustments (Gawlik et al., 2017).

Thus, besides alloy composition, the influence of processing parameters on Mg-Gd alloys for biomedical applications needs to be addressed. In order to develop customized alloys, the aim of this work is to reveal the relation between the Gd content and the processing parameters to the property profile of as-extruded Mg-Gd alloys without deteriorating the low degradation behavior. As a result, reliable correlations between processing parameters and alloy properties were established in this study. Compared to previous works where mostly single material conditions or alloys have been described, findings in this work describe the overall capabilities of the Mg-Gd system for implant applications within a defined set of processing parameters for indirect extrusion. Results can be potentially transferred to other rare earth based Mg alloys and also applied as quality measures to verify reproducibility.



EXPERIMENTAL

Alloys with 2, 5, and 10 wt.% Gd were prepared by permanent direct chill casting in a resistance furnace. Pure magnesium (99.97%, Dead Sea Magnesium Ltd.) was melted in the furnace at 710°C, followed by the addition of pure Gd (99.9%, Dr. Ihme GmbH). The melt was stirred at 250 rpm for 15 min and poured into preheated molds. After placing the mold in a holding furnace at 650°C for 2 min the mold was slowly immersed into a water bath for a fast solidification of the ingot. The ingots were machined to cylinders of 150 mm length and 49 mm diameter and T4 treated (solid solution) at 525°C for 8 h. Before extrusion ingots were pre-heated to the respective extrusion temperatures for 1 h to establish a constant and homogeneous temperature distribution. Finally, round bars with a diameter of 10 mm were obtained by indirect extrusion (extrusion ratio 1:25). For each alloy different combinations of extrusion parameters were applied, varying the extrusion temperature (350, 400, and 450°C) and the profile exit speed (0.75, 1.50, and 3.00 m/min), referred to as the extrusion speed. The chemical composition of all alloys is presented in Table 1.



Table 1. Gd concentrations were measured by X-ray fluorescence spectroscopy.
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Material characterization was conducted in the as extruded condition. Microstructural analysis was carried out on longitudinal sections of the round profiles using optical microscopy. Samples were ground by SiC paper down to 2,500 grit, polished by 1 μm OPSTM suspension (Cloeren Technology GmbH) with diamond 0.25 μm and etched by picric acid solution (Kree et al., 2004). Corresponding grain sizes were determined by counting line intersections with grain boundaries on three longitudinal sections (0.058 mm2 each). Recrystallized areas were measured on three images of three longitudinal sections (5.8 mm2 each) per sample and the corresponding mean value is expressed as degree of recrystallization (fraction of recrystallized area of overall area). SEM analysis was performed at an acceleration voltage of 15 kV and a working distance of 15 mm using a scanning electron microscope (TESCAN VEGA3-SB, Brno, Czech Republic) equipped with energy-dispersive X-ray spectroscopy (EDS).

Vickers hardness was determined on cross sections with a load of 5 kg (HV 5) and a dwell time of 30 s. An average of 10 measurements per sample were carried out on M1C 010 testing machine (Emco-Test GmbH). The tensile and compressive properties were determined by testing 5 samples per condition. Tensile test specimens were machined to a diameter of 5 mm and a gauge length of 25 mm corresponding to DIN 50125 form B. Samples for compression tests were machined to a diameter of 8 mm and a length of 12 mm. All tests were performed on a universal testing machine Zwick Z050 (ZwickRoell GmbH & Co. KG) at a constant strain rate of 10−3 s−1 at room temperature. Six pole figures were measured using X-ray diffraction on polished cross sections of the extruded bars. Cu Kα radiation with a beam size of 1.5 mm x 1 mm and tilt angles from 0 to 70° was used. An open source code MTEX (Bachmann et al., 2010) was applied to recalculate inverse pole figures in extrusion direction for texture presentation.

Degradation properties were determined by performing semi static weight loss tests under cell culture conditions (37°C, 5% CO2, 20% O2, 95% relative humidity). Prior to immersion samples were ground with 2,500 SiC paper, cleaned (20 min in hexane, 20 min in acetone, 5 min 100% ethanol all in ultrasonic bath, Merck KGaA) and sterilized (5 min in 70% ethanol). Initial weights were determined after cleaning, using an electronic balance (SBA 32, accuracy 0.1 mg, Scaltec). For each condition, three samples were immersed in Dulbecco's Modified Eagle's Medium (DMEM, Fisher Scientific) + Glutamax (Life TechnologiesTM, Gibco) + 10% fetal bovine serum (FBS, PAA Laboratories) for 7 days with medium changes after 2 and 4 days. Corrosion products were removed by immersion in chromic acid (180 g/L in distilled water, Sigma-Aldrich) for 20 min. Samples were cleaned with 100% ethanol and distilled water and dried at ambient temperature. The weight after removal of corrosion products was recorded using the electronic balance.



RESULTS


Microstructure and Hardness

Microstructure profiles from longitudinal sections of the as extruded Mg-10Gd with corresponding extrusion parameters are presented in Figure 1 serving as an example also for Mg-2Gd and Mg-5Gd that show similar results. Overall, homogeneous distributions of equiaxed fine grains are present in all conditions. At lower extrusion speeds and temperatures some non-recrystallized areas are also visible. Cubic particles are present in all microstructures and aligned in extrusion direction. Exemplarily, an SEM image of Mg-10Gd is shown in Figure 2. EDS spot measurements (see Supplementary Figure 1) revealed high Gd concentrations of 75 to 85 wt.% for these cubic particles. The surrounding matrix (black area) showed Gd concentrations of around 9 wt.% which is in line with the overall alloy composition of Mg-10Gd in this study. Next to Gd, measurements revealed the presence of magnesium. Low signals for silicon and oxygen are attributed to residues of polishing and minimal surface oxidation and can be neglected. Compared to former investigations these results indicate the presence of Gd hydrides (GdH2) (Vlček et al., 2017). As a side note, when investigating samples by SEM, the amount/number of GdH2 particles appeared to be similar for all alloys and conditions but was not further quantified.


[image: image]

FIGURE 1. Microstructure evolution of Mg-10Gd after indirect extrusion. Micrographs show longitudinal sections with extrusion direction to the right.




[image: image]

FIGURE 2. SEM image (BSE) with GdH2 particles aligned in extrusion direction.



The influence of the extrusion parameters on grain size and hardness is shown in Figure 3. For all alloys, grain sizes are similar at identical extrusion conditions indicating no influence of alloy composition. Minor differences are of no significance and might be due to slight parameter variation during extrusion. Increasing grain sizes are observed when the extrusion speed and/or the extrusion temperature is increased. This is due to an impact of deformation heat which increases with the extrusion speed as reported in earlier work (Bohlen et al., 2010). For all alloys, the average grain sizes range from 3 μm at 350°C and 0.75 m/min up to 25 μm at 450°C and 3.00 m/min. Both, increasing extrusion speed and extrusion temperature result in lower hardness values, as also shown in Figure 3. In addition, the effect of alloy composition on the hardness is visualized. Contrary to grain size evolution, hardness values are significantly affected by the alloy composition.


[image: image]

FIGURE 3. Grain sizes (solid) and hardness (empty) for all alloys with respect to individual extrusion conditions. With increasing extrusion parameters, grain sizes trend higher, hardness values trend lower. Alloy composition is not affecting grain sizes but hardness values are significantly increased with higher Gd additions. Error bars are standard deviations.



Furthermore, the microstructures are characterized by the degree of recrystallization after extrusion. Non-recrystallized areas are present in conditions after slow extrusion and at low temperatures and can be easily identified by their elongated band-like structure with significantly larger dimensions compared to the surrounding recrystallized fine grains (see top left micrograph in Figure 1). The degree of recrystallization for all alloys with respect to extrusion parameters is shown in Figure 4. Extrusion conditions representing speeds of 1.50 m/min or 3.00 m/min feature degrees of recrystallization of more than 95% for all three alloys and temperatures which is considered to be fully recrystallized. Only the slowest speed of 0.75 m/min is accompanied by not fully recrystallized microstructures in the three alloys. However, an increase in extrusion temperature leads to a higher degree of recrystallization in all alloys. The increase of Gd content visibly also leads to higher degrees of recrystallization.


[image: image]

FIGURE 4. Degree of recrystallization for all alloys with respect to extrusion parameters. Identical symbols refer to identical extrusion conditions and degree of recrystallization is comparable in between all alloys (i.e., blue circles represent 350°C and 0.75 m/min for each alloy). Error bars are standard deviations.





Texture

Inverse pole figures are presented in Figure 5. For each alloy, four combinations of extrusion parameters are shown to analyze the influence of extrusion parameters and alloy composition. For 0.75 m/min and 350°C, all alloys show a similar strong texture dominated by intensities at the [image: image]pole (see Figures 5A–C). In part, this component of texture is characteristic of a not fully recrystallized microstructure and corresponds well to uniaxial deformation of hcp metals (Dillamore and Roberts, 1965; Bohlen et al., 2010). However, for Mg-10Gd the maximum intensity is significantly lower and a weak component at the 〈0001〉 pole is present. Increasing the extrusion temperature to 450°C (Figures 5D,E) the textures for Mg-2Gd and Mg-5Gd are comparable. Again, Mg-10Gd shows further reduced intensities that are also shifted toward the [image: image] pole (Figure 5F). The component at the 〈0001〉 pole vanished. When increasing the extrusion speed at constant temperatures maximum intensities in all alloys are significantly lowered and steadily shifted toward the [image: image] pole (see Figures 5G–L). This texture development correlates well with observations in microstructure evolution as non-recrystallized areas disappear and recrystallization takes place when extrusion speed and temperature are increased. Contrary to the microstructures, there is a larger effect of the extrusion speed to the weakening of textures whereas the influence of extrusion temperature is of minor importance. Additionally, the alloy composition is influencing the texture development as intensities are significantly lowered with increasing amount of Gd. In all alloys a “rare earth component” (Stanford and Barnett, 2008) is visible, characterized by intensities with tilt out of the arc between the [image: image] and [image: image] poles toward the 〈0001〉 pole. Thus, a tilt of basal planes out of the extrusion direction results. This is more pronounced at higher Gd contents as well as at higher extrusion temperatures.


[image: image]

FIGURE 5. Texture development of as extruded conditions. Bottom left 〈0001〉 pole, bottom right [image: image] pole and top right [image: image] pole with intensities ranging from 0 to 10. (A–C) Extrusion at 0.75 m/min and 350°C; (D–F) extrusion at 0.75 m/min and 450°C; (G–I) extrusion at 1.50 m/min and 450°C; (J–L) extrusion at 3.00 m/min and 450°C.





Tension and Compression Properties

Results of tension and compression testing in correlation to the respective extrusion parameters are summarized in Figure 6. Results of tensile yield strengths (TYS) and compressive yield strengths (CYS) are displayed in Figure 6A. TYS and CYS decrease with increasing extrusion parameters. However, this effect is minimalized for the highest extrusion speed and with increasing Gd content. The tensile and compressive yield strengths increase with increasing Gd content. Furthermore, a tension/compression (t/c) yield asymmetry can be observed. It is obtained by dividing corresponding TYS by CYS for identical extrusion conditions. For Mg-2Gd, CYS is lower than TYS leading to a t/c ratio of ≥1 for all conditions. This is partially reversed for Mg-5Gd that shows t/c ratios of 0.84–1.11. For Mg-10Gd, the yield asymmetry is completely reversed with t/c ratios of ≤ 1 for all conditions. Results of ultimate tensile strengths (UTS) and ultimate compressive strengths (UCS) are displayed in Figure 6B. In all conditions and for all alloys, UCS > UTS. Overall, ultimate strengths decrease with increasing extrusion temperatures and speeds with the exception for UCS in Mg-2Gd at 400°C and Mg-5Gd at 400 C and 450°C. Ultimate strengths increase with increasing Gd content.
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FIGURE 6. Mechanical properties from tension and compression with respect to extrusion parameters. (A) Yield strengths, (B) ultimate strengths, and (C) elongation and compression to fracture.



Results of elongation to fracture (Att) and compression to fracture (Atc) are displayed in Figure 6C. The influence of extrusion parameters is first explained using data of Mg-2Gd. An increase in speed results in an increase in Att whereas an increase in temperature reduces Att. This trend can be seen also in Mg-5Gd and is valid for all conditions in Mg-10Gd except at 450°C. Att ranges from 10 to 48% for Mg-2Gd and from 14 to 35% for Mg-5Gd. Contrary, Mg-10Gd shows minimal variations from 27 to 33%. Same trends are visible for compressive deformation as an increase in extrusion speed also results in an increase in Atc. Interestingly, changes in the extrusion temperature do not result in such a general trend. However, for Mg-10Gd an almost linear increase in Atc can be observed when increasing speed and temperature that results in a range of 13–21%. For Mg-2Gd Atc ranges from 11 to 29% and from 15 to 28% for Mg-5Gd. A wide range of Att and Atc can be observed for low amounts of Gd in relationship with the parameter variation. These variations in Att and Atc are narrowed, when Gd levels are increased.



Degradation Properties

Degradation rates (DR) after immersion for 7 days were calculated by Equation 1 with change in weight Δm [g], density ρ [g/cm3] (measured based on Archimedes principle), surface area A [cm2] and time t [h]. Results are presented in Figure 7 and show similar and low values of around 0.15–0.25 mm/year with no statistical significant differences. DR are not affected by extrusion parameters. However, higher Gd contents tend to lower overall DRs. These degradation rates are perfectly suitable for further investigation by cell culture and in vivo studies.
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FIGURE 7. Mean degradation rates after 7 days immersion. Error bars are standard deviations.






DISCUSSION


Microstructure and Texture Evolution

As described in previous studies, the development of microstructures and textures in rare earth containing Mg alloys is based on several mechanisms: in some parts by changes in grain nucleation and grain growth during recrystallization as a result of extrusion. In other parts by texture changes because of the activation of deformation mechanisms like slip and twinning (Yu et al., 2013; Kim et al., 2017; Harmuth et al., 2018).

First, contributions of grain nucleation and grain growth are discussed. Results show no significant difference in the grain size between different Gd contents for the same extrusion conditions. However, an increase of the Gd content also increases the fraction of recrystallized microstructure in those conditions where such behavior can be judged (e.g., at 350°C). As solid solution treatment prior to extrusion is also applicable to increasing contents of Gd it is hypothesized that intermetallic particles as nucleation sites of recrystallized grains (i.e., a particle stimulation of recrystallization) or particles as obstacles for grain boundary mobility (i.e., a particles related mobility drag) are not to be considered as important mechanisms in this regard. While in other alloys (see e.g., Mg-RE-Mn alloys, Vlček et al., 2017) the same microstructure development features have been discussed in the context of particle effects, it is suggested that another solute related source of grain nucleation is active with increasing Gd content. This also includes the deformation characteristics such as dislocations or twins leading to stress pile-ups and therefore sources of recrystallization. Contrary, the grain size is not changing with increasing Gd content which contradicts an enhanced grain growth ability. It is therefore hypothesized that the nucleation rate of recrystallized grains is increased by adding Gd whereas grain growth is somewhat restricted. Similar discussions have been presented for other Mg alloys including rare earth elements (Bohlen et al., 2010).

Concurrently, the texture evolution is affected by the extrusion conditions and the amount of Gd. Strong {10-10} fiber textures are present in materials processed at slow extrusion speeds that also feature non-recrystallized areas in the microstructure. As reported before, this deformation texture is a result of partial recrystallization known in Mg alloys in general, regardless of the addition of Gd (Bohlen et al., 2010; Yu et al., 2013; Kim et al., 2017). As described before, the increase in extrusion temperature appears to be of higher significance to the recrystallization and weakening of the textures. Again, a higher content of Gd is associated with less significant intensity at the <10-10> pole and concurrently the fraction of un-recrystallized microstructure.

Furthermore, a distinct texture development known as “rare earth texture” is addressed (Stanford and Barnett, 2008). It describes the orientation of basal planes with a tilt out of the extrusion direction. This component is present in all samples and is beneficial for deformation processes as it enables basal slip. Due to its low critical resolved shear stress of as low as 0.7 MPa it serves as the main deformation mechanism in magnesium alloys (Kammer, 2000; Fukuda et al., 2016).

In samples with low extrusion speeds and low extrusion temperatures, increasing Gd content weakens deformation textures and also develops texture components at the <0001> pole. This represents an orientation of basal planes perpendicular to the extrusion direction. A proposed explanation for this texture evolution can be found in a combination of shear band recrystallization and the solute drag effect as well as non-basal slip activation (Grey and Higgins, 1973; Kim et al., 2017). With increasing extrusion parameters and therefore coarser grains, the influence of Gd addition is reduced.



Grain Size Strengthening Effect

Results of tensile yield strengths (TYS) and compressive yield strengths (CYS) with respect to the average grain size, D, are plotted in Figure 8. Following the Hall-Petch relation (Equation 2) the inverse square root of the grain size is used to visualize potential grain boundary strengthening effects, with YS being the TYS or CYS, Ky [MPa μm1/2] the strengthening coefficient associated with grain boundary strengthening and σ0 [MPa] the friction stress for dislocation movement. Note, that a required statistical orientation relation between neighboring grains may not be fulfilled in the framework of the study as the samples exhibit a weak but non-random texture in all cases. Strengthening coefficients and friction stress are summarized in Table 2. As the textures remain weak in most cases, a potential contribution to these coefficients may be low.
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FIGURE 8. Hall-Petch relation for all alloys. TYS denoted by solid lines and symbols. CYS denoted by halved symbols and dashed lines. Error bars are standard deviations.





Table 2. Hall-Petch coefficients for tension and compression including standard deviations (Harmuth et al., 2018).
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A linear behavior of grain size to yield strengths for tension and compression with high coefficients of determination is confirmed for all alloys. Furthermore, a reversed t/c asymmetry becomes visible with increasing Gd content, which also corresponds to higher degrees of recrystallization and weaker textures. Xu et al. (2018) determined a similar Hall-Petch relation and yield asymmetries for small grains within their analysis of a wide range of grain sizes. Minor differences in values might be attributed to the fact that a combination of heat treated and extruded material conditions with a large range in grain sizes (30 to more than 1,500 μm) were investigated. Similar results were also previously reported for Mg-0.49 at.% Gd (3.09 wt.% Gd) with Ky of 188 MPa μm1/2 and σ0 of 46.5 MPa for tension tests (Gao et al., 2009).

In hcp metals, yield strengths are affected by crystallographic orientation with respect to loading direction and alloy composition. Tension-compression yield asymmetries have been investigated before in as-extruded pure Mg with t/c > 1 (Sukedai and Yokoyama, 2010) and, reversed, for Mg-10Gd with t/c < 1 (Maier et al., 2012). This indicates that a shift in yield asymmetry is due to increasing Gd contents and is supported by the results of this work. This effect is most likely caused by an activation of {10-11} compression twins at the expense of {10-12} tension twins (Nagarajan et al., 2016).

The friction stress is increased with increasing Gd content for tension and compression (Table 2). Low friction stress for Mg-2Gd is due to the softening of prismatic slip and hardening of the basal plane by solute Gd atoms in dilute Mg alloys (Akhtar and Teghtsoonian, 1969). With higher concentrations of Gd atoms in solid solution, the hardening effect is increased. Furthermore, short range order is likely to contribute to hardening of slip and twinning in Gd alloys (Gencheva et al., 1981). Compared to previous works (Nagarajan et al., 2016), results for friction stress in this study are similar. Slight differences for Mg-10Gd are attributed to texture effects, i.e., higher CYS due to tensile twinning when <0001> pole intensity is present.

The strengthening coefficients in Table 2 are not significantly different for all three alloys if the error margins are considered. However, the values for the compression tests remain visibly lower compared to those in tension. In recent work, it was proposed that this behavior is due to changes in twinning deformation (Harmuth et al., 2018). For increasing Gd contents {10-12} extension twinning is more and more inhibited by short range order whereas {10-11} compression twinning remains available for higher Gd contents in solid solution (Nagarajan et al., 2016). Consequently, the asymmetry between tension and compression is reversed as it is shown for Mg-10Gd.

A different analysis proposes the theory of a change in deformation mechanics with increased Gd content (Cepeda-Jiménez et al., 2018). This is supported by Figure 9 showing the deformation behavior for Mg-2Gd and Mg-10Gd in tensile and compression testing. As expected, materials with smaller grain sizes show higher strengths during tension and compression no matter of the amount of Gd. As it can be seen in Figure 9A, in tension similar deformation behavior is visible for Mg-2Gd and Mg-10Gd. In compression (Figure 9B) Mg-2Gd shows a typical S-shape curve for small grains that is flattened with increasing grain size representing active twinning deformation. However, the distinct difference in the curves of Mg-10Gd support the theory that twinning is active in compression of Mg-2Gd but suppressed in compression of Mg-10Gd. This is attributed to increased Gd contents and an increase in extrusion speed accompanied by a higher degree of recrystallization and weaker textures. As a result t/c is already reversed for smaller grains when Gd contents are higher.
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FIGURE 9. True stress-strain curves for smallest (0.75 m/min and 350°C) and most coarse grains (3.00 m/min and 450°C) and lowest and highest Gd content. (A) Tension, (B) compression.



Overall, grain size strengthening effects are easily observed in tension and compression yield strengths (Figure 8). TYS and CYS are linearly increased with decreasing grains sizes in the Hall-Petch plot. Also, a solid solution strengthening effect is visible. For identical grain sizes the increase in yield strengths is attributed to the increase of Gd atoms in solid solution.



Hardness Effects

Grain Sizes

The alloys in this study also exhibit a linear relationship of hardness to grain size that follows the Hall-Petch relationship (see Figure 10) and was reported before for aluminum alloys (Taha and Hammad, 1990). It can be described with reasonable security by Equation 3 with KHV and H0 being constants that were determined experimentally (see Table 3). Overall, smaller grains, represented by low extrusion parameters, feature higher hardness values than coarse grains, represented by higher extrusion parameters. Furthermore, an increase in hardness with increasing Gd content becomes visible that is independent of grain size. In contrast to these findings, Xu et al. (2016) reported independence of grain size and hardness. This is attributed to the large range of grain sizes (30 to more than 1,500 μm) that was investigated. The present work is focused on grain sizes ranging from 3 to 25 μm and clearly indicate a strengthening effect of grain size on hardness values.

[image: image]


[image: image]

FIGURE 10. Effect of grain size on hardness. Error bars are standard deviations.





Table 3. Coefficients for relation of hardness to grain size including standard deviations.
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Ultimate Strengths

Results indicate that there is a direct relation between ultimate strengths and hardness values that is shown in Figure 11. Technically, a direct relationship between tensile/compressive strength and hardness is not to be expected as mechanisms of deformation and failure are different. However, as both measurements require loading the empirical relationship that is observed in this work appears to be viable. A similar relationship between UTS and hardness has been reported for steel (Pavlina and Van Tyne, 2008) and Cu alloys (Zhang et al., 2011). It can be described with reasonable security by Equation 4 with KUS and US0 being constants that were determined experimentally (see Table 4). Limited availability of slip systems in Mg alloys and the already mentioned different CRSS for compressive and tensile twinning as well as the t/c asymmetry in yields strengths illustrate that this phenomenon is in need of further analysis. Nonetheless, both relations are applied to an accurate estimation of ultimate strengths from hardness measurements without facilitating expensive and time consuming tensile and compression test. In addition to the Hall-Petch relationship, the most important mechanical properties can be derived from simple microstructure analysis and hardness measurement.
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FIGURE 11. Correlation between UTS/UCS and Vickers hardness. UTS denoted by solid lines and symbols. UCS denoted by halvedsymbols and dashed lines. Error bars are standard deviations.





Table 4. Coefficients for relation of ultimate strengths to hardness including standard deviations.
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Fracture Strains

Fracture strains in tension exceed those in compression in most cases. In general, the fracture strains remain high in comparison to other magnesium extrusions. Interestingly, an increase in fracture strain with increasing speed is associated with an increase of the fraction of recrystallized microstructure. On the other hand, a decrease of fracture strains with increasing extrusion temperature is concurrent to larger grained microstructures. The higher the Gd content and the lower the differences in grain size or fraction of recrystallized microstructure the more similar are the fracture strains as visible in the case of Mg-10Gd. In compression this tendency is less strongly developed compared to tension. Furthermore, the texture component at the 〈0001〉 pole and a change in deformation mechanism as mentioned before might be contributing to the limitation of fracture strains for high Gd contents.



Degradation Characteristics

The overall degradation behavior is low and appears applicable to biomedical applications despite significantly high levels of Fe contamination especially for Mg-10Gd. Degradation rates are not influenced by processing parameters, grain sizes or microstructural features. No conclusions can be drawn to put degradation rates in relation to the degree of recrystallization or the mechanical properties. A significant impact or correlation is not revealed. Overall, higher amounts of Gd up to 10 wt.% tend to lower degradation rates. This is in accordance with findings of Rokhlin (2003). It was also confirmed by Hort et al. (2010) in earlier studies. However, these results were obtained from as cast conditions only and showed significantly higher DRs. In this work, due to the fact that all materials have been solid solution heat treated and also after extrusion Gd remained in solid solution, potential local galvanic effects have been reduced to a minimum as reported previously (Dvorský et al., 2018). Similar DRs for as extruded Mg-5Gd have been reported by Gawlik et al. (2017). Further surface treatment by HAc etching is effective in reducing DRs and improving reproducibility. According to Gawlik et al. (2019) the acetic acid etching of Mg-xGd alloys is able to remove harmful surface bound Fe contaminants (e.g., from manufacturing) which in turn improve the reproducibility of the degradation behavior. Overall, degradation behavior in this study was assessed by short term tests only and requires further investigation.



Applicability and Transferability

In terms of applicability, a comparison of mechanical properties of Mg-10Gd at 350°C and 0.75 m/min to as extruded SynerMag® alloy system, that is used for an available implant, is favorable. Properties of SynerMag® featuring YS of 190–220 MPa (210 MPa for Mg-10Gd), UTS of 260–320 MPa (280 MPa), and Att of 20–35% (27%) (Magnesium Elektron).

Due to similar behavior of rare earth elements in Mg alloys in general (Rokhlin, 2003), application of these finding to different systems might be possible in the future in order to further improve properties by extrusion. Furthermore, findings can be transferred to production and quality control due to inexpensive and time saving analysis of properties.




CONCLUSIONS

Overall, several relationships between alloy composition, microstructures and mechanical properties have been derived that aid in further development of degradable implants based on rare earth Mg alloys. Furthermore, these findings can be applied to increase overall understanding of underlying mechanism in Mg alloys in general. The major findings are:

1) As extruded Mg-Gd system features homogeneous microstructures accompanied by weak textures that can be tailored by indirect extrusion.

2) The tension/compression yield asymmetry is inverted with increasing Gd content based on a change in deformation mechanism.

3) Higher Gd content is reducing the variation in the texture and increasing the recrystallization without an effect on the grain growth in the absence of nucleation particles.

4) The following relationships are confirmed in this work:

a. Grain size strengthening effects on TYS/CYS and on hardness

b. Hardness and ultimate strengths

5) Degradation of all materials is slow and not affected by processing or alloy composition. Mechanical properties can be varied in a wide range without deteriorating the superior degradation rate.

6) Within this frame of processing and alloy composition, customization of mechanical properties is feasible to meet standards of an already approved Mg alloy.
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FOOTNOTES

1Syntellix. Magnezix Alloy. Available online at: http://www.syntellix.de/home.html (accessed November 15, 2018).

2Magnesium Elektron. SynerMag Alloy Specifications. Available online at: https://www.magnesium-elektron.com/markets/biomaterials/synermag/ (accessed November 15, 2018).
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In this study, the design and development of a new Mg-based multicomponent alloy (ρth = 2.33 g/cc; ρex = 2.15 g/cc) has been presented which exhibits excellent mechanical properties in hot extruded condition. Mg80Al5Cu5Mn5Zn5 alloy was designed and synthesized using disintegrated melt deposition technique followed by hot extrusion. The alloy was designed in such a way that the concentration of each alloying element remained ≥5 at % with Mg (80 at %) as base metal. Significantly high hardness (196 HV) was realized in Mg80Al5Cu5Mn5Zn5 alloy. Compression results showed substantially high ultimate compressive strength (UCS) 616 MPa of this alloy with a reasonably high ductility of 16.9%. This alloy also exhibited superior combination of tensile strengths (TYS- 211 MPa, UTS- 318 MPa) and ductility (8.2%). Overall combination of hardness, tensile and compression properties showed the current new lightweight alloy system as an alternative to most of the commercially used Al-based alloys.

Keywords: multicomponent alloy, magnesium, microstructure, mechanical properties, yield asymmetry


INTRODUCTION

High-performance materials are the key drivers to boost the safety and performance of devices in multiple engineering sectors. Lightweight materials assist in enhancing the efficiency of a vehicle by reducing the vehicle weight, thus reducing the energy requirements for operations. In general, 10% reduction in weight of a vehicle can reduce 6–8% fuel requirement, which is an important aspect of reducing the existing problem of carbon footprint (Cheah, 2010). The main drawback of the existing lightweight materials is either their limited properties or high manufacturing cost. Thus, continuous efforts have been made by researchers to develop new types of lightweight alloys, which are low in cost and capable to meet properties requirements (Miller et al., 2000). Over past three decades, efforts have been made to replace steel and iron with aluminum (Al) and magnesium (Mg) based materials.

In general, the basic principles of designing an alloy involves the application of the fundamental principles of chemistry and thermodynamic parameters (enthalpy, entropy, free energy, and so on), to decide whether certain elements are suitable for alloying or not. According to the entropy of mixing or Configurational Entropy, alloys can be classified as low, medium, and high entropy alloys (Yeh, 2013; Gao et al., 2016). If the CE of an alloy is <1.0 R (8.314 J/mol.K) then it is considered as a low-entropy alloy (LEA) and most of the conventional Fe-, Al-, Cu-, Mg-base alloys belongs to this category. If an alloy is having Configurational Entropy ≥1.0 R and ≤ 1.5 R then this is considered as a medium-entropy alloy (MEA) and bulk metallic glasses (BMGs) belong to this category. If for an alloy, Configurational Entropy is ≥1.5 R then it is considered as a high-entropy alloy (HEA). HEAs contains at least five principle elements, each having atomic percentage between 5 and 35%, to maximize the configurational entropy. This results in a simple solid solution structure with excellent properties (Cantor et al., 2004; Yeh et al., 2004; Varalakshmi et al., 2010; Senkov et al., 2011; Gao et al., 2016).

Most of the conventional alloys or LEAs have one dominant principal element as the amount of other alloying elements are in small quantity. Therefore, most of the lightweight conventional alloys possess good ductility but poor strength, which is not desirable for many structural applications. For example, Mg (density 1.74 g/cc) is lightest structural material and termed as “next generation material.” However, the utilization of Mg and its alloys in critical engineering applications is still limited due to its low absolute strength, ductility, and creep resistance (Friedrich, 2006; King, 2007; Alam et al., 2011; Kumar et al., 2017). Although a variety of Mg and Al-base lightweight alloys have already been developed, alloys with better structural properties are still required to fulfill the current and future material requirements. On the other side, BMGs (MEAs) and recently develop HEAs possess very high compressive strength and hardness but no significant tensile response and poor ductility for their use in wide spectrum of structural applications. Thus, it requires a new strategy to design lightweight alloys, which overcome this barrier of strength and ductility.

Therefore, in this work, we have adopted an approach of multicomponent alloy (MCA) to design Mg-based Mg80Al5Cu5Mn5Zn5 alloy. The reason for selecting this approach was to create a more disordered structure compared to conventional Mg alloy by using a higher amount of alloying elements (Al, Cu, Mn, Zn each 5 at %). This disordered structure is targeted to increase the overall entropy of the alloy leading eventually to formation of high strength phases embedded in a comparatively ductile phase. This combination of hard and soft phases is expected to exhibit a good combination of high strength and ductility. So the main objective of this work is to develop a new light weight multicomponent alloy system with better structural properties than the commonly used lightweight Mg alloys and Al alloys.



MATERIALS AND PROCESSING

In this work, Mg80Al5Cu5Mn5Zn5 alloy was synthesized by using disintegrated melt deposition (DMD) technique, which is already established and ensures good microstructural and mechanical properties of Al-based and Mg-based alloys and their composites (Gupta and Wong, 2005; Nguyen and Gupta, 2008; Paramsothy et al., 2009; Meenashisundaram et al., 2014). This solidification-based technique is followed by hot extrusion to homogenize the microstructure for relatively superior mechanical performance.

Magnesium turnings (99.9% purity) (Acros Organics, USA), Al & Zn granules (99% purity) (Sigma Aldrich, USA), and Cu (99% purity) & Mn (99.95% purity) powders (~ 40 μm) (Alfa Aesar, USA) were used as starting material. Initially, all the elements in predetermined composition were superheated to 850°C in an inert argon gas atmosphere in a graphite crucible using electrical resistance furnace. The superheated melt was then stirred at 500 rpm for 10 min using a stainless steel impeller with twin blade (pitch 45°). The molten melt was poured through a nozzle of 10 mm diameter at the bottom of the crucible to the mold below the crucible. Two jets of argon gas, oriented normal to the melt stream were used to disintegrate the molten metal before it enters the mold to assist in realizing refined cast microstructure. The disintegrated melt was then deposited in the cylindrical mold of 40 mm diameter. This ingot was later machined to 36 mm diameter and 45 mm length for the secondary processing. Secondary processing involved the homogenization of ingot at 400°C for 1 h in a constant temperature furnace followed by hot extrusion at 350°C temperature using 150-ton hydraulic extrusion press. The extrusion ratio of 20.25:1 was set to obtain rods of diameter 8 mm.



CHARACTERIZATION

The microstructure of alloy was characterized using, scanning electron microscopes (JEOL JSM-6010 and Hitachi FESEM-S4300) equipped with energy dispersive spectrometric analysis (EDS). X-Ray diffraction analysis was conducted using an automated Shimadzu LAB-XRD- 6000 (Cu Kα: λ = 1.54056 A°) spectrometer with a scan speed of 2°/min. The density of extruded samples was measured using Archimedes principle. Microhardness of samples was measured using a Shimadzu HMV automatic digital microhardness tester (Kyoto, Japan) with a Vickers indenter (pyramidal shaped diamond indenter with a phase angle of 136°). An indenting load of 25 gf was used for a dwell time of 15 s. The test was performed as per ASTM E384-11e1. At least three samples were tested with minimum 10 repeatable values. The tensile properties were measured at ambient temperature in accordance with ASTM E8/E8M-15a. A fully automated servo-hydraulic mechanical testing machine, MTS-810 was used to test tensile specimens of diameter 5 mm and gauge length 25 mm using a strain rate of 1.693 × 10−4 s−1. Clip type, Instron 2630-100 series extensometer was used to measure the tensile fracture strain. The compression properties were also measured using the same equipment at an ambient temperature in accordance with ASTM E9-09 using a strain rate of 8.334 × 10−5 s−1. The specimens of 8 mm diameter, with length to diameter ratio of one were used. At least five different samples were tested to ensure repeatability of results. Fractured surfaces of all samples (under tensile and compressive load) were analyzed using Hitachi S-4300 FESEM.



RESULTS AND DISCUSSION

Figure 1 shows the results for microstructural characterization of extruded Mg80Al5Cu5Mn5Zn5 alloy using SEM, XRD, and EDS analysis techniques. It is clear from the SEM micrograph (Figure 1A) that the alloy demonstrates a multiphase structure. Three different types of phase morphology were observed, the base matrix (dark gray), polyhedron shape phases (light gray) and scattered, and irregular shape phases. From the XRD results (Figure 1B), the matching peaks are identified as that of Mg (dominating hcp base structure) and the secondary phases of Al6Mn phase and Al2CuMg phase. EDS analysis (Figures 1C–E) conducted on the phases (see 1, 2, and 3 marked locations in SEM micrograph, Figure 1A) revealed the presence of Mg, Zn, and Mn in base matrix (location 1), Al and Mn at polyhedral phase (location 2) and Al, Cu, and Mg at scattered phase (location 3), confirming further the results of XRD.
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FIGURE 1. SEM, XRD, and EDS results of Mg80Al5Cu5Mn5Zn5 MCA. (A) SEM micrograph reveals the presence of three phases, base matrix, polyhedron phase, and smaller scattered precipitates. (B) XRD results revealing the presence of Mg hcp structure as a dominating phase together with the presence of Al6Mn and Al2CuMg phase. (C–E) EDS spectrums taken on three different phase location (1, 2, and 3) in SEM micrograph (A), further verified the presence of Mg-base solid solution matrix with Al6Mn and Al2CuMg as embedded phases.



Table 1 summarizes the results of the mechanical characterization studies of Mg80Al5Cu5Mn5Zn5 alloy under compression and tensile loading, hardness, and density measurement. The hardness results of Mg80Al5Cu5Mn5Zn5 MCA show significantly high hardness value of the alloy when compared to Mg based (Paramsothy et al., 2012) and Al based alloys (Committee, 1990; Knowles et al., 2014; Table 1). It is understandable that both solid solution phase and intermetallic phases contributed to high hardness. These results also suggest that these materials are likely to exhibit superior tribological response (sliding wear) as per Archard's law. Further work is continuing in this area.



Table 1. Mechanical properties of Mg80Al5Cu5Mn5Zn5 alloy and other Mg-base and Al-base alloys.
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Based on the density of current Mg MCA (2.15 g/cc), comparison of tensile properties was made with Al alloys with density, 2.7–2.8 g/cc. As there was no heat treatment performed on this alloy, all the alloys chosen for the comparison point of view are taken in extruded conditions, without any heat treatment. Mg MCA developed in this study exhibited high tensile yield strength (211 MPa) and ultimate tensile strength (318 MPa) with a fracture strain of 8.2%. The tensile strengths of this Mg MCA are superior to Al-base alloys (see Table 1) reported in literature while maintaining the reasonable fracture strain value.

When compared to as-extruded Mg and Mg based alloys which were processed using the same fabrication technique (Sankaranarayanan et al., 2011; Paramsothy et al., 2012), the current Mg based MCA showed higher yield and ultimate tensile strengths with comparable failure strain considering the standard deviation. The compression results of Mg80Al5Cu5Mn5Zn5 alloy showed substantially high ultimate compressive strength (UCS) 616 MPa, which is 61, 21 and 19% higher than the strength of pure Mg, AZ31, and ZK60 with a marginally lower ductility.

Figure 2 shows the mechanical behavior of Mg80Al5Cu5Mn5Zn5 alloy. Engineering stress and strain response in compression and tension are shown in Figure 2A. Compression response of alloy shows evidence of significant strain hardening prior to fracture. Here, yield strength was calculated using 0.2% offset strain criterion in both compression and tensile testing. To further compare the compression response of Mg80Al5Cu5Mn5Zn5 alloy over previously reported Mg alloys, ultimate compression strength and strain data are plotted in Figure 2B. The present MCA stands far above the reported Mg-based alloys in terms of strength while maintaining appreciable ductility (~17%). Figures 2C,D shows the fractured sample during the tensile and compression testing, respectively. Tensile sample fractured in a near cup and cone mode revealing a relatively ductile character, while the compression failure occurred at 45° to compression axis resembling a ductile shear failure. To understand the failure mechanisms in tension and compression, fractography using SEM was performed on fractured surfaces. Figure 3 shows the SEM fractography for samples failed under compressive and tensile loadings. The shear bands observed in compression fractograph clearly indicate the ductile failure under compression stress (Figure 3A). Tensile fractography also shows the dimple shaped features similar to common ductile fracture, except the presence of cleavage fracture at few locations. Cracking of hard icosahedral Al6Mn phase was also observed (Figure 3B).
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FIGURE 2. Mechanical behavior of Mg80Al5Cu5Mn5Zn5 alloy. (A) Engineering stress vs. strain graphs. Table (Inset) contains the engineering stress and strain values observed in compression and tension. Standard deviation results indicate the consistency and reliability of material. (B) Comparison of stress and strain with other Mg alloys reveals the superiority of Mg80Al5Cu5Mn5Zn5 MCA. (C,D) Fractured samples during tensile and compression tests.
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FIGURE 3. SEM fractographs of Mg80Al5Cu5Mn5Zn5 alloy in compression and tension. (A) Reveals the dominating shear failure in compression. (B) Shows ductile failure of the matrix under tension and cracked hard phase (Al6Mn).



The large improvement in the mechanical properties of Mg80Al5Cu5Mn5Zn5 MCA arises from the plastic deformation and strain hardening processes. By observing the SEM micrograph (Figure 1A) it is clear that the alloy contains a base hcp crystalline structure (Mg-rich solid solution) and two other dispersed hard phases Al6Mn and Al2CuMg. During compression, when load is applied on material good amount of plasticity was observed due to continuous solid solution base matrix. On the other hand, in tension, when material is subjected to stress, comparatively less amount of plastic deformation was observed due to less number of possible slip systems available in hcp structure. Due to the presence of secondary phases, high yield and ultimate tensile strength was achieved effectively but material failed at a fracture strain of ~8.2%.

If overall properties, hardness, tensile, and compression are compared with other alloys, this alloy possesses a much better overall combination of structural properties. One important aspect of the weight critical industries such as automotive industry is that the material should exhibit almost symmetric tensile/compressive behavior (~1). It is well-known that Mg and conventional wrought Mg alloys exhibit strong basal texture through secondary processing such as extrusion and rolling which leads to severe yield asymmetry (Kim et al., 2005; del Valle and Ruano, 2009; Yin et al., 2009; Gupta and Ling, 2011). The compression to tension yield asymmetry ratio (C/T ratio) of current MCA, pure Mg, and various wrought Mg alloys are listed in Table 2 (Gupta and Ling, 2011; Sankaranarayanan et al., 2011; Paramsothy et al., 2012). The C/T ratio in Mg MCA was measured to be 0.9 (~1) (Table 2 and Figure 2A) exhibiting nearly symmetric yield strength under tension and compression as compared to Mg and wrought Mg alloys with C/T ratio between 0.5 and 0.7 showing asymmetric yield strengths. A minimal yield asymmetry is often looked for material selection in transportation sector.



Table 2. List of wrought Mg and alloys with their respective compression to tension asymmetry (C/T) ratio.
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The XRD pattern of Mg MCA taken along transverse and longitudinal to the extrusion direction is shown in Figure 1B. It can be seen from the XRD pattern under longitudinal condition that there was relatively strong basal texture showing highest intensity of the peak related to basal plane. Under this condition, compressive stress parallel to the basal plane favors {1 0 1 2} twinning and this induces yielding at low stress level under compression. However, as seen in Figure 2A, yielding was not initiated at a lower stress showing the difficulty of plastic deformation induced by twinning in the current alloy system. Twinning for initial yielding was inhibited by the presence of different types of second phases. This phenomenon led to the realization of yield asymmetry ratio of 0.9 which is closer to 1, in Mg MCA showing the similar strength level under both tension and compression. In a related study (Hidalgo-Manrique et al., 2017), it was reported that the creation of precipitates through heat treatment prevent twin initiation and thereby reduce the yielding asymmetry by increasing the compressive yield strength. In the current study, the compressive yield strength was increased through the presence of second phases due to the addition of multiple alloying elements in Mg matrix without the additional step of heat treatment.



CONCLUSIONS

In this work, the effects of multicomponent alloying (Al, Cu, Mn, Zn, each 5 at %) on microstructural and mechanical properties of Mg were investigated. Following conclusions can be drawn:

Microstructural characterization concluded that Al6Mn and Al2CuMg dispersed hard phases are embedded in the soft Mg base hcp solid solution phase to give rise to superior combination of strength and ductility.

Significantly high hardness (196 HV) was realized in Mg80Al5Cu5Mn5Zn5 alloy that is two to four times higher when compared to commercially used alloys.

Compression characterization results concluded that the Mg80Al5Cu5Mn5Zn5 alloy shows superior combination of compressive strength (616 MPa) and ductility (16.9%) when compared to conventional Mg alloys.

Tensile characterization results showed that Mg80Al5Cu5Mn5Zn5 alloy exhibits higher ultimate tensile strength (318 MPa) with a reasonable ductility (8.2%) when compared to conventional Mg and Al base alloys in as-extruded condition.

The current alloy system showed a symmetric tensile/compression yielding behavior which is an important aspect of the weight critical industrial application. This yield symmetry was achieved in the current as-extruded alloy without performing additional heat treatment.
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Magnesium based alloys gained great interest for medical biodegradable applications. Limitations arise from high corrosion rates and mechanical properties of the Mg based alloys. In recent work it was shown that the corrosion rate of a precipitate free Mg-6Ag thin film can be reduced by a factor of three compared to pure sputtered Mg. As Mg-6Ag combines the very promising corrosion results with a potential therapeutically use of Ag ions, the investigation of their mechanical properties is needed for a full characterization of Mg-Ag alloys as biodegradable material. In this work the Ag content was varied from 2 to 10 wt%. The investigated thin film samples were dog-bone shaped samples with a thickness of 20 μm. The samples were fabricated by a combination of UV lithography, sacrificial layer technique and magnetron sputtering. The mechanical properties were determined using uniaxial tensile test. Compared to pure Mg samples fabricated by the same processing route the yield strength is approximately doubled for Ag containing samples. For films with a Ag concentration up to 8 wt% the elongation at fracture reaches a value of ~7%. Further increase of the Ag concentration leads to lower elongation at fracture. Thus, especially due to the low corrosion rate, Mg-6Ag shows the optimum of all investigated alloys, with a yield strength of ~310 MPa and an elongation at fracture of ~6%.

Keywords: magnetron sputtered thin films, Mg-Ag alloys, biodegradable, mechanical properties, microstructure


INTRODUCTION

The research in the field of biodegradable materials is increased over the last decade (Zheng et al., 2014). Magnesium (Mg) and Mg based alloys are attractive candidates for biodegradable metallic implants (Li et al., 2004; Song, 2007). A limitation of these materials is a high corrosion rate. This limits the functional stability and thus the intended medical purpose of the implant (Hermawan et al., 2010; Zheng et al., 2014). Mg based alloys are used to tailor the corrosion rate as well as the mechanical properties. Commonly used alloying elements are for example Zn, Ca, or rare earths such as Y, Gd, Nd (Song, 2007; Witte et al., 2008; Hermawan, 2012; Zheng et al., 2014).

In the case of bulk materials an additional solution heat treatment with quenching (T4 heat treatment) (ASM International, 1992a) is needed because otherwise precipitates are formed. The temperatures and times differ depending on the alloy composition and sample size.

For the sputtered thin films, no additional heat treatment is necessary because magnetron sputtering is a non-equilibrium process which allows the fabrication of metastable supersaturated materials in certain compositional ranges exceeding the stable conditions (ASM International, 1992a; Li et al., 2004; Song, 2007; Witte et al., 2008; Hermawan et al., 2010; Hermawan, 2012; Schlüter et al., 2014; Zheng et al., 2014). Additionally, this leads to a high defect density in the fabricated films. The special microstructure of sputtered films compared to bulk material has an influence on the mechanical properties.

Mechanical tests on sputtered thin films were performed earlier on Mg-rare earth alloys (Schlüter et al., 2014). These alloys are known for their good mechanical properties, respectively, its high strength (Gao et al., 2009a,b; Hort et al., 2010). The mechanical and corrosion behavior of as deposited magnetron sputtered binary and ternary Mg-rare earth alloys were investigated. Mg-5Y and Mg-5Gd showed an elongation at fracture of ~20% and a yield strength of ~240 MPa. Even higher yield strength could be obtained for Mg-20Y with ~400 MPa however the elongation at fracture was reduced to ~6% (Schlüter et al., 2014). Mg-4Y-3Gd and Mg-4Y-3Nd was tested as well. The yield strength of the materials was in the range of 220–260 MPa and the elongation at fracture varied between 0 and 20% dependent on the sputter pressure (Schluter et al., 2011; Schlüter et al., 2013). The sputtered Mg-rare earth alloys showed promising mechanical properties. However, there is research necessary to find biocompatible alloys, which show even a lower corrosion rate compared to Mg-rare earth alloys.

The alloys of the Mg-Ag system are interesting for the use as an implant material because in this system, the biodegradable properties of Mg are combined with the antibacterial properties of Ag (Lansdown, 2002; Mijnendonckx et al., 2013; Tie et al., 2013; Liu et al., 2017). The Mg-Ag films could be for example used to avoid inflammations caused by the implantation. It was shown for bulk materials that it is possible to achieve a single phase material with an additional T4 solution heat treatment up to 6 wt% Ag (Tie et al., 2013; Liu et al., 2017; Maier et al., 2018). A solubility of low concentration of Ag (< 15 wt% Ag@ 745 K) in Mg is theoretically achievable according to the Mg-Ag phase diagram (ASM International, 1992b). The Mg-Ag bulk alloys with up to 6 wt% showed a decrease in the corrosion rate compared to Mg and Mg-Ag alloys without any solution heat treatment (Maier et al., 2015, 2018; Liu et al., 2017). The lowest corrosion rate for in vitro test was obtained for Mg-2Ag measured in Dulbecco's modified Eagle's medium (DMEM) (Tie et al., 2013). At higher concentrations of Ag, precipitates were formed which led to an increased corrosion rate (Liu et al., 2017). The multi-phase microstructure was formed in the bulk material if no solution heat treatment was applied. Magnetron sputtered Mg-Ag films showed even lower corrosion rates compared to the bulk (Jessen et al., 2019). This is most probably the result of the special microstructure which is obtained by sputtering as well as the small grain diameter smaller than 1 μm. It was shown that the crystallographic orientation within the sample plays a role as well as the grain size (Liu et al., 2008; Jiang et al., 2017). For the sputtered films it was possible to achieve a precipitate free material up to 6 wt% Ag without an additional heat treatment. When the concentration was increased to 8 wt% Ag the formation of precipitates started but no influence on the corrosion rate was found. In the case of Mg-10Ag more and larger precipitates were detected which led to the formation of a galvanic cell and results in an increased corrosion rate. The lowest corrosion rate with 0.04 ± 0.01 mm/year was achieved for Mg-6Ag which is by a factor of approximately three lower than Mg (Jessen et al., 2019).

Another important criterium for biodegradable metallic implants are their mechanical properties namely the strength as well as the elongation at fracture. The Young's modulus of Mg alloys is about 45 GPa (ASM International, 1992a), which is compared to other metals e.g., Fe with a Young's modulus of 200 GPa, close to that of bone (3–20 GPa). For this reason, Mg is a welcome material for orthopedic applications, because the likelihood of stress shielding is minimized (Staiger et al., 2006; Hermawan, 2012). For bulk materials, the mechanical properties of Mg-Ag alloys were investigated on cylindrical specimens and wires. The test of the cylindrical samples of Mg-6Ag showed an increase of tensile strength by a factor two compared to Mg (Tie et al., 2014). Furthermore, wires of Mg-6Ag were tested, they showed an ultimate strength of ~350 MPa and an elongation at fracture of ~5%. A solution heat treatment reduced the strength to ~240 MPa but increased the elongation at fracture by a factor of two to ~10% (Maier et al., 2015, 2018).

For a detailed material analysis, a characterization of the mechanical properties is important. This is the reason why in this study the mechanical properties of as deposited sputtered Mg-Ag alloys free standing films showing very promising corrosion rates are investigated. Only the as deposited samples are investigated, because any additional heat treatment will lead to larger grains or precipitates, which will increase the corrosion rate again (Ralston et al., 2010). For the mechanical testing uniaxial tensile test on 20 μm thick samples were performed. Due to the fact of having free standing sputtered films it is possible to perform tensile tests to determine the mechanical properties. If the films were used as a coating, indentation measurements are needed to determine the hardness and Young's modulus which allows the estimation of crack formation (Musil, 2012, 2015). The influence of varying Ag content between 2 and 10 wt% on the mechanical properties will be determined. The obtained results will be compared to pure Mg free standing films fabricated by the same processing route.



EXPERIMENTAL


Fabrication

A combination of UV lithography and magnetron sputtering was used to fabricate the 20 μm thick free standing film samples. For tensile test dog-bone shaped samples were used, see Figure 1. The overall length of the dog-bone shaped sample is 14 mm. The strut has a length of 7 mm, a parallel length of 5.5 mm and a width of 0.5 mm. A mask aligner MA6-8 (Süss MicroTec, Germany) was used for UV lithography. The sputtering was performed in a cluster magnetron sputtering machine Von Ardenne CS730S (VON ARDENNE, Germany). For the fabrication process silicon (Si) wafers with a diameter of 100 mm were used as a substrate material. First the Si substrate was structured by UV lithography, then aluminum (Al), which served as a hard mask for the following Bosch process (Laermer and Schilp, 1996), was deposited on the structured wafer. The deep etching process is necessary to achieve the free standing dog-bone shaped samples. Aluminum nitride (AlN) as a sacrificial layer is deposited on the dry etched substrate, followed by the sputtering of the Mg-Ag alloy. Potassium hydroxide (KOH) (20%) was used to etch selectively the sacrificial AlN layer to achieve the free standing dog-bone shaped samples. Further details on the fabrication process can be found in (Haffner et al., 2015).
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FIGURE 1. Image of a dog-bone shaped sample.



The following targets were used for the different materials: pure Mg, pre alloyed targets of: Mg-2Ag, Mg-6Ag, Mg-8Ag, Mg-10Ag (FHR, Germany) the compositions of the alloys are given in wt%. The achieved composition of the sputtered films is equal to the target composition (Jessen et al., 2019). The sputtering power was set to 200 W for Mg (200 mm diameter) and to 50 W for all the Mg-Ag alloy targets (each 100 mm diameter). The argon (Ar) gas flow was set to 25 sccm for all sputter depositions. The sputtering pressures of the different materials were varied between 1.8 · 10−3 mbar and 3.0 · 10−3 mbar in order to minimize the film stress of the different materials. The substrate temperature was measured by temperature stripes which indicated a range between 71°C and 77°C for all depositions. Table 1 summarizes the sputter parameters.



Table 1. Sputter parameters of the different materials.
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Analysis of Microstructure

To evaluate the microstructures of the different as deposited samples, cross sections were prepared by focused ion beam (FIB). Using a Helios NanoLab 600 (FEI, Germany) associated with a scanning transmission electron microscopy (STEM) detector. A transmission electron microscope (TEM) [F30 G2-STwin (Tecnai, FEI, Germany)] was employed to analyze the microstructure of the prepared cross sections in more detail.



Mechanical Properties

To determine the mechanical properties uniaxial tensile tests were performed using the above described dog-bone shaped samples. A tensile test machine of the type BETA 5–5/6 × 10 (Messphysik, Austria), with a special sample holder for thin samples was used. A strain rate of 0.4 %/min was applied and as fracture criterion, a force reduction of 60% relative to the maximum applied force was used. For each type, at least eight samples were measured to assess the statistic reliability. From these measurements the average values and standard deviation of the yield strength (Rp0.2) and elongation at fracture were determined.



Analysis of Fracture

After tensile testing the fractured surface and the surrounding area was investigated using a scanning electron microscope (SEM) (Zeiss Ultra Plus, Germany). X-ray diffraction (XRD) (SmartLab 9 kW, Rigaku, Japan) was used to identify the orientation of the columnar grains in a deformed state and a non-deformed state. Therefore, rocking curves were measured at different positions on the sample after tensile test. One measurement was performed on the head of the dog-bone; this is the reference measurement in a non-deformed area of the dog-bone (head). Another measurement was done at the strut near the head of the dog-bone, this is an area with only slight deformation [strut (head)]. The last measurement was performed next to the fractured surface in a high deformed area (strut (fracture). All measurements were done using Cu Kα radiation. The rocking curve was performed in a ω range of ± 8° around the (0002) peak (ω = 17.23°) with a step size of 0.02° and scan speed of 8°/min.




RESULTS


Analysis of Microstructure

An overview of a cross section of a sputtered film (~10 μm thick) is shown in Figure 2a. The typical columnar growth of sputtered Mg based alloys is observable. The growth direction of the film is indicated as well as the direction of tensile force during the tensile test which is perpendicular to the growth direction. On the left side smaller grains are visible, where the film growth started. The grain diameter close to the surface of the sputtered samples is smaller than 1 μm. The preferential orientation of the film was determined by XRD. Due to the lowest surface energy of the (0001) plane of the hexagonal close packed structure the growth direction in [0001] is favored. (Thompson, 1990; ASM International, 1999; Gottstein, 2004; Mahieu, 2006; Jessen et al., 2019). Figure 2b shows a cross section of Mg at higher magnification. Figure 2c shows a cross section of Mg-6Ag at higher magnification that exhibits a special microstructure which resembles feather-like, so in the following it is referred to as feather-like microstructure. This microstructure will form due to agglomeration of Ag richer areas within a Mg based matrix. In the case of Mg-10Ag (also higher magnification) binary MgAg precipitates are formed, see Figure 2d (Jessen et al., 2019). The Mg-Ag precipitates could be not clearly assigned to the possible intermetallic phases like Mg54Ag17, Mg7Ag3, or Mg3Ag (Tie et al., 2014; Liu et al., 2015a,b; Ren et al., 2018).
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FIGURE 2. STEM images of cross sections (a) Overview image of magnetron sputtered Mg based material, showing a columnar growth, furthermore is the growth direction of the film indicated which is perpendicular to the direction of applied tensile force. (b) Enlarged image of the microstructure of Mg. (c) Enlarged image of the microstructure of Mg-6Ag which shows a feather-like structure. (d) Enlarged image of the microstructure of Mg-10Ag, MgAg precipitates can be seen.





Mechanical Properties

The pulling direction during the tensile test is perpendicular to the growth direction of the samples. Some exemplary stress strain curves are shown in Figure 3. Furthermore, the average values and the calculated standard deviation of the yield strength (Rp0.2) and the elongation at fracture are shown. Mg shows the lowest yield strength with ~150 MPa. The yield strength is increased with an increasing concentration of Ag. Mg-10Ag shows the highest yield strength with ~371 MPa but also the lowest elongation at fracture with ~4%.


[image: image]

FIGURE 3. Exemplary stress strain curves of Mg, Mg-2Ag, Mg-6Ag, Mg-8Ag, and Mg-10Ag. With increasing amount of Ag the yield strength increases. From ~153 MPa for pure Mg to ~371 MPa for Mg-10Ag. Up to 8 wt% Ag the elongation at break is in the same range as Mg but for Mg-10Ag the elongation at break is decreased to ~4%. The table shows the average values and calculated standard deviation of yield strength (MPa) and elongation at break (%).





Analysis of Fracture

The fractured surfaces were examined by SEM. In Figure 4 exemplary images taken form an angle of the fractured surfaces of Mg-6Ag (a) and an enlargement of the fractured surface (b) are shown. Mg-6Ag was chosen because it showed the lowest corrosion rate (Jessen et al., 2019) and an increased yield strength compared to pure Mg, but the elongation at fracture was in the same range as Mg. The fractured surface of Mg-6Ag looked alike compared to Mg and all the Mg-Ag alloys. The fractured surface is rough indicating a moderately ductile fracture. This goes along with the results from the tensile test in which the elongation at fracture is about 7% for alloys up to 8 wt% Ag. Even Mg-10Ag showed the same fractured surface although this alloy exhibits the lowest elongation at fracture of the investigated materials with about 4%.


[image: image]

FIGURE 4. Image taken from an angle of the fractured surface (a) Mg-6Ag, (b) Enlargement of fractured surface. The Images show a rough fractured surface, indicating a moderate ductile fracture.



Figure 5 shows three normalized rocking curves for Mg-6Ag after tensile test at different positions on the dog-bone shaped sample to determine the change in full width half maximum (FWHM). The exemplary rocking curves of Mg-6Ag were chosen, because of the promising corrosion results and that the elongation at fracture of ~6%. The FWHM was determined by Gaussian fit. Additionally, the standard error of the fit is given. Furthermore, a dog-bone shaped sample is shown and the different positions for the measurements. The rocking curve measured on the head of the dog-bone exhibits the smallest FWHM. There should be no deformation at the head of the dog-bone. The measurement on the strut next to the head shows an increase in the FWHM. The highest FWHM is detected for the measurement on the strut next to the fracture, which is the area with the highest deformation. This curve shows also an asymmetric behavior. Furthermore, a shift of the non-deformed measurement and the deformed measurement can be seen.


[image: image]

FIGURE 5. Three different normalized rocking curves of Mg-6Ag measured at different positions on the dog-bone after tensile test are shown. Furthermore, a dog-bone shaped sample is shown and the different measurement points. Head: measurement on the head of the dog-bone; nearly non-deformed area; strut (head): measurement on the strut near the head of the dog-bone, less deformed area; strut (fracture): measurement near the fractured surface, high deformation area. A shift of the non-deformed and deformed curve can be seen. Furthermore, shows the curve of the deformed state an asymmetric behavior. The FWHM was obtained from the rocking curves by Gaussian fit furthermore the standard error of the fit is given. With increasing deformation, the FWHM is increased.






DISCUSSION

Mg based alloys have a hexagonal close packed structure. These materials have less gliding systems compared to cubic metals which results in a lower deformability at room temperature (RT). The dominant deformation mechanism at temperature below 225°C will be slip on the basal {0001} planes in the <11[image: image]0> directions. But also on the pyramidal planes {10[image: image]1} and {11[image: image]2} deformation can occur as well as the prismatic slip planes can be activated (Beck, 1939; Ion et al., 1982; Numakura and Koiwa, 1998; Kammer, 2000; Staroselsky, 2003; Schlüter et al., 2013). Twinning on the {10[image: image]2} planes in the [image: image]011> direction is theoretically possible but here no hints of twinning were found. Due to the preferential orientated microstructure of the sputtered films it is most likely that the deformation will occur on the pyramidal plane at RT because these slip systems have the highest possibility to be activated due to Schmid's law. A shift of the maximum and the asymmetry of the peak during the rocking curve measurements of the (0002) plane, indicates the movement along these slip plane directions. Furthermore, the comparison of the FWHM shows that it increases from the non-deformed state at the head of the dog-bone shaped sample via a less deformed state to the high deformed state close to the fracture. This indicates that the defect density is increased at the facture. The different alloys up to 8 wt% Ag showed a moderate ductility. The results of the tensile tests showed an elongation at fracture of ~7% and the SEM images of the fractured surfaces showed a rough surface which is an indication of a moderate ductile behavior. This is also in accordance with the results of the FWHM measurements, which showed that there is a plastic deformation within the materials which leads to an increase in the FWHM. Only Mg-10Ag showed a lower value for the elongation at fracture with ~4% however, it exhibits the highest yield strength.

The investigated sputtered free standing films in this study show a high mechanical strength in the tensile tests. The high strength of sputtered films results from a high defect density in the films and from small grains. Compared to Mg film (thickness of 20 μm) the strength of Mg-Ag alloys is even doubled. Different hardening mechanism play a role for the different sputtered films. Due to the fabrication process of magnetron sputtering the films have a high initial defect density (Thornton, 2003). These defects in the films act as obstacles and lead to the higher strength of the sputtered films. Another effect for the strength of the materials is the grain diameter. The grain diameter of the different sputtered materials is similar and smaller than 1 μm (Jessen et al., 2019). In agreement with the Hall-Petch relation the small grain diameter leads to a higher strength (Hall, 1951; Gottstein, 2004). Due to similar grain diameters of the different alloys, the increased strength is a result of the higher Ag content. The increasing strength with Ag content can be explained by different hardening mechanisms. In accordance with the Mg-Ag phase diagram the solubility of Ag in Mg is up to 15 wt% at higher temperatures (745 K) given, at RT only maximum 2 wt% can be dissolved (ASM International, 1992b). The strength of Mg-2Ag can be explained by solid solution hardening (Gottstein, 2004). The feather-like microstructure of the Mg-6Ag sample, shows agglomeration of Ag without the formation of a second intermetallic phase. This potentially leads to a higher solid solution hardening compared Mg-2Ag. In the case of Mg-10Ag precipitates are formed ranging from 10 to 50 nm (Figure 2d). The maximum ultimate strength in these alloy system is obtained by a combination of solution hardening and additionally precipitation hardening (Gottstein, 2004).

In principle one should note that a comparison of the mechanical properties obtained by different authors might be misleading due to different sample geometries, microstructures and measurement systems. The as cast Mg-6Ag wires are in a similar range as the investigated thin film samples here. The wires of Mg-6Ag had an ultimate strength of ~350 MPa and an elongation at fracture of 5% (Maier et al., 2018). The sputtered Mg-6Ag samples are in the range of 310 MPa and exhibited an elongation at fracture of ~6%. But the thin films show a lower corrosion rate compared to the bulk materials, which can be a result of the smaller grain size and the columnar microstructure of the sputtered thin films (Liu et al., 2008; Jiang et al., 2017). It is well-established that the mechanical properties can be influenced by an additional heat treatment which will result in a higher elongation at fracture but will decrease the ultimate strength. Additionally, the corrosion properties will be changed, due to larger grain diameters and possible the formation of precipitates, the corrosion rate will be increased (Ralston et al., 2010).



CONCLUSION

It was shown that magnetron sputtering is a suitable method for the fabrication of 20 μm thick Mg-Ag films which show a moderate ductile behavior. Mg-Ag samples in the range of 2–8 wt% Ag showed similar ductility as Mg with an elongation at fracture of ~7%. Furthermore, it was shown that it is possible to influence the yield strength with the addition of Ag. For 10 wt% Ag samples the ductility was decreased, but this alloy showed the highest strength of ~371 MPa. For Mg-6Ag the yield strength could be increased by a factor of two from ~150 MPa of Mg to ~310 MPa with an elongation at fracture of ~6%. These results in combination with the low corrosion rate of Mg-6Ag (Jessen et al., 2019) makes this material to a very promising candidate for future biodegradable medical implants.
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Magnesium alloys take a special place among the hydrogen storage materials, mainly due to their high gravimetric (7.6 mass %) and volumetric (110 kg m−3) hydrogen storage capacity. Unfortunately, the kinetics of hydrogenation and hydrogen release are rather slow, which limits practical use of magnesium-based materials for hydrogen and heat storage. Refining the microstructure of magnesium alloys, ideally down to nanoscale, is known to accelerate the hydrogenation/dehydrogenation kinetics. A possible way to achieve that is by severe plastic deformation. Our first demonstration of this effect through processing of a Mg alloy (ZK60) by equal-channel angular pressing prompted a stream of further studies employing severe plastic deformation techniques to improve the hydrogen storage-relevant properties of Mg alloys. The present article provides an overview of the literature on the subject, with a natural focus on our own data.
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INTRODUCTION

Hydrogen storage is a key element of hydrogen economy, and a lot of effort goes into developing viable solutions to this critical need. A particularly attractive answer to the challenging quest is solid-state storage, whereby hydrogen is embedded in the bulk of a host solid (Schlapbach and Züttel, 2001; Jena, 2011; Walker, 2011; Graetz, 2012). Magnesium could be regarded as a perfect host for hydrogen due to its high gravimetric (7.6 mass %) and volumetric (110 kg m−3) hydrogen storage capacity (Shao et al., 2018), abundance in sea water and the Earth's crust, and low cost (US$2–3 per kilogram). Furthermore, hydrides it forms with hydrogen (MgH2) are highly efficient in terms of the stored energy density (2.6 kWh/kg—about twice the energy density of liquid hydrogen) (Luo et al., 2019). Problem is that the targeted equilibrium hydrogen pressure of 1 atm (0.1 MPa) cannot be achieved at temperatures that would be acceptable for mobile (notably automotive) hydrogen storage applications. The problem is rooted in a high enthalpy of magnesium hydride formation (Huot, 2010) and is further exacerbated by a sluggish kinetics of absorption and desorption of hydrogen in magnesium-based materials (Schlapbach and Züttel, 2001; Huot, 2010; Jena, 2011; Walker, 2011; Shao et al., 2018; Luo et al., 2019; Yartys et al., 2019). In one of his last publications (Birnbaum, 2005), the nestor of research on hydrogen in metals, Prof. Howard Birnbaum, gave a rather pessimistic outlook on the prospects of overcoming the thermodynamics handicap of magnesium hydrides. He wrote: “While it is always dangerous to predict the course of science, I am not particularly optimistic about our ability to develop a hydride having the desirable properties.” Despite his concerns, researchers have been exploring various pathways to outsmart the disadvantageous thermodynamics and kinetics of hydride-forming magnesium alloys, and nanostructuring appears to be one of the promising avenues to achieving that, cf. (Hardian et al., 2018; Schneemann et al., 2018; Yartys et al., 2019; Zhang et al., 2019). A popular technique for grain refinement down to nano scale is high energy ball milling (HEBM) of Mg powders which, indeed, was shown to accelerate the hydrogenation/dehydrogenation kinetics in several Mg alloys—with or without catalysts (Luo et al., 2019). Unfortunately, the cost of production of Mg alloys with sufficiently good hydrogen sorption properties by HEBM in terms of the processing time, energy input, and labor involved is prohibitively high, which limits the application of this technology at industry scale.

In 2004, we proposed an alternative route to mechanically-driven nanostructuring of hydride forming Mg alloys (Skripnyuk et al., 2004). It was a first ever attempt to employ severe plastic deformation of bulk metallic specimens to improve their hydrogen absorption/desorption properties. The term severe plastic deformation (SPD) refers to a group of techniques in which a gigantic shear deformation, combined with high hydrostatic pressure, gives rise to extreme grain refinement—down to a deep submicron scale and in some cases to nano scale [see e.g. (Valiev et al., 1999, 2016; Estrin and Vinogradov, 2013)]. Combined with a high density of crystal lattice defects generated, SPD-induced grain refinement was seen as a potent mechanism of accelerated hydrogen sorption of Mg alloys. The encouraging results of that study in terms of faster reversible hydrogenation/dehydrogenation prompted other researchers to pursue this processing route, and a significant number of publications reporting their results ensued. While these studies still constitute a niche research area, the interest in the potential of SPD as a means of combating the unfavorable thermodynamics and kinetics of hydrogenation of Mg alloys is great, and we feel that a “mini-review” of this area would be conducive for promoting it to a broader research community. In what follows, such an overview is provided.



ACCELERATED HYDROGEN SORPTION KINETICS IN MAGNESIUM ALLOYS ACHIEVED BY SEVERE PLASTIC DEFORMATION


Alloys Processed by Equal-Channel Angular Pressing

We begin by summarizing the results of the mentioned study (Skripnyuk et al., 2004), as they are representative of the research in this field heralded in that publications. The material investigated was Mg−4.95 wt% Zn−0.71 wt% Zr (ZK60)—a common commercial magnesium alloy broadly used for structural applications. The SPD technique employed was equal channel angular pressing (ECAP), in which a billet is pressed through an angular die and experiences a large shear strain when it passes through a plane at which the entry and the exit channels meet. For a 90° die, this shear strain is of the order of 100%. As in this process the cross-sectional dimensions of the billet remain unchanged, pressing can be repeated several times, so that the cumulative strain can reach levels not achievable in conventional metal forming. The outcomes of processing of many alloys in terms of microstructure variation are astounding: the grain size drops typically well below 1 μm, and in many cases reaches a 100 nm range (Valiev et al., 1999, 2016; Estrin and Vinogradov, 2013), and Mg alloys are no exception (see e.g., Orlov et al., 2011).

To compare the effect of various processing routes on the microstructure and the ensuing thermodynamic and kinetic properties of alloy ZK60, it was modified by HEBM, ECAP, or a combination of both methods. To that end, pressure-composition-temperature (PCT) diagrams and the kinetics of hydrogen desorption in a closed volume system were determined for the alloy in the initial (annealed) condition and upon mechanically-driven nanostructuring. A special ECAP schedule used involved eight passes through a 120° angular die at elevated temperatures (250 or 300°C) followed by a final pass through a 90° die at room temperature. Route A (in which the billet is not rotated between the passes) was used. Microstructure characterization by transmission electron microscopy revealed a drop in the average grain size from 46 μm in the initial condition to 0.5–2 μm in the ECAP-processed one. HEBM processing was carried out using a standard procedure described in Skripnyuk et al. (2004). Before hydrogenation tests, annealed and mechanically processed specimens were comminuted by filing with a rasp. The particles produced in this way, <1 mm in size, were hydrogenated at 300°C and hydrogen pressure of 25 atm, and then underwent desorption–absorption cycles.

Representative PCT diagrams for alloy ZK60 processed by ECAP and HEBM are shown in Figure 1 vis-à-vis the PCT diagram for the annealed reference alloy (Skripnyuk et al., 2004). As seen from Figure 1, both straight ECAP and combined ECAP/HEBM processing affect the PCT diagrams. Both raise the equilibrium hydrogen pressure at the left flank of the pressure plateau and tilt the entire plateau region of the PCT diagram toward a horizontal direction. A further important observation was the disappearance of pressure hysteresis for the ECAP/HEBM processed material.
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FIGURE 1. PCT diagrams for annealed and mechanically processed alloy ZK60: (A) ECAP-treated vs. annealed condition; (B) ECAP vs. combined ECAP/HEBM conditions. The hydrogen absorption/desorption measurements were conducted in a Sievert's apparatus at 300°C. Reproduced from Skripnyuk et al. (2004) with permission from Elsevier.



The beneficial effect of ECAP on the hydrogenation properties was enhanced when the ECAP processing temperature was raised from 250 to 300°C, causing a doubling of the hydrogen desorption pressure in the plateau region of the PC isotherm. A substantial increase of the hydrogen desorption rate was also found, especially in the low temperature range. The difference in hydrogenation behavior can be correlated with the degree of uniformity and the morphology of dehydrogenated powders. Indeed, the powders produced from the samples deformed at 300°C were more homogeneous and finely dispersed, and their morphology was less faceted than those obtained from the samples deformed at 250°C (Skripnyuk et al., 2009).

The effects observed can be associated with the ECAP-induced changes in the microstructure and the defect structure of the alloy. It is believed that a fairly uniform microstructure with a low number of twin boundaries and a large volume fraction of small grains was conducive for better hydrogenation kinetics. The chemistry, morphology and distribution of finely dispersed zinc–zirconium precipitates in the ECAP-processed alloy are further factors specific for alloy ZK60, which may have contributed to the increase of hydrogen desorption pressure.

A result of the study (Skripnyuk et al., 2004) most significant for practical hydrogen storage applications was a marked acceleration of the hydrogen desorption kinetics due to ECAP or ECAP+HEBM treatment, which is seen in Figure 2. The effect of ECAP conducted according to the schedule outlined above was on par with that of 15 h of HEBM. The benefits of grain refinement by any of these processing techniques in terms of the enhancement of the desorption rate are obvious. ECAP has a definite advantage over HEBM as it allows processing of bulk billets within a shorter time than HEBM. In addition to higher productivity, ECAP has an advantage of being a much safer process, as it does not require handling of potentially hazardous powder materials. More detailed data on hydrogen storage properties of ECAP-processed alloy ZK60, including the temperature dependence of the sorption kinetics were provided in Skripnyuk et al. (2009).


[image: image]

FIGURE 2. Time dependence of hydrogen desorption from ZK60 specimens treated by ECAP, HEBM, and combined ECAP/HEBM at 300°C. The data for HEBM-processed pure Mg are included for comparison. Reproduced from Skripnyuk et al. (2004) with permission from Elsevier.



Encouraged by these results, other researchers have followed suit and adopted ECAP as a means to improve the hydrogenation/dehydrogenation kinetics of Mg alloys. Thus, Krystian et al. (2011) used a different schedule of ECAP processing of alloy ZK60 and were able to reduce the average grain size to 250 nm and achieve a higher hydrogen uptake and further acceleration of the desorption kinetics, cf. Figure 2 in Krystian et al. (2011). Comparison of these results with the effect of other mechanical processing routes on the hydrogenation/dehydrogenation behavior of alloy ZK60, such as cold rolling (Wang et al., 2010), shows that ECAP outperforms the latter.

Other authors (Soyama et al., 2016) using ECAP for the same purpose, yet for an alloy with a somewhat different composition (ZK60 with added 2.5% Mischmetal) were not able to achieve similar levels of improvement of hydrogen sorption kinetics by ECAP treatment, however. An important observation made by them was that by combining ECAP with cold rolling a higher hydrogen uptake and faster sorption kinetics were attained, which was associated with a favorable (002) texture produced at the cold-working stage (Crivello et al., 2016). A similar observation was made by Asselli et al. (2015) who showed that ECAP alone (6 passes using a die with a channel angle of 110°) was not efficient and that it took extra processing by Accumulated Roll Bonding (ARB), with subsequent pulverization of the billet into small platelets, to achieve reasonably high level of hydrogen uptake and accelerated hydrogenation kinetics of ZK60.

Conditioning by ECAP processing for better hydrogen sorption performance proposed in Skripnyuk et al. (2004) was adopted for a range of other Mg alloys. While in our first exercise with ZK60 an “off the shelf” alloy was used, our next approach (Skripnyuk et al., 2007) was to use a smart alloy design. The material of choice was a eutectic Mg-Ni alloy with the Mg89Ni11 composition. The motivation behind this choice was two-fold: first, Ni was known for its positive catalytic effect on hydrogen sorption properties of Mg; second, it was hoped that the fine lamellar structure of the eutectic would be conducive for further microstructure refinement by ECAP that would boost the hydrogenation/dehydrogenation kinetics. As a matter of fact, earlier work on cold rolling of Mg and Ni sheets with subsequent hydrogenation produced Mg-Ni laminates containing nano scale magnesium hydrides with good electrochemical properties (Ueda et al., 2004; Pedneault et al., 2008). Our alternative ECAP-based approach (Skripnyuk et al., 2007) presumed that the lamellar eutectic structure, with brittle Mg2Ni phase encased in ductile lamellae of Mg-based solid solution, would lead to in situ nanostructuring of the Mg2Ni phase without disintegration of the alloy during processing. This effort did pay off both in terms of the extreme microstructure refinement (Figure 3) and the hydrogen sorption behavior. Specifically, 10 ECAP passes lifted the equilibrium pressure by about 50%. Most importantly, the desorption kinetics was improved substantially, to a larger extent than by any other known processing method. Thus, at 300°C 5% of hydrogen were desorbed within <5 min. It is interesting to note that a significantly higher level of size refinement of the Mg2Ni phase achieved by rapid solidification of a series of Mg-rich Mg-Ni alloys did not lead to any appreciable improvement of hydrogen storage properties (Bendersky et al., 2011). This demonstrates that in addition to the grain and precipitate size refinement, intrinsic defects introduced by severe plastic straining (such as non-equilibrium grain boundaries and dislocations in the Mg matrix) play an important role in improving the hydrogenation properties.
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FIGURE 3. Bright field TEM micrographs of the as cast (A,B) and ECAP-modified (C–F) Mg89Ni11 alloy: after a single ECAP pass (C,D) and 10 ECAP passes (E,F). Reproduced from Skripnyuk et al. (2007) with permission from Elsevier.



Other authors investigated the effect of ECAP on the hydrogen sorption properties of such magnesium alloys as AZ31 (Leiva et al., 2009; Chiu et al., 2018; Skryabina et al., 2019), AZ61 (Huang et al., 2018), Mg–Mm–Ni (Mm = mischmetal) (Løken et al., 2007), and Mg-Gd-Y-Zn-Zr (Lapovok et al., 2018)—with various degrees of success. Useful summaries of the results obtained by employing ECAP as a tool for tuning the hydrogen sorption properties of Mg alloys was recently provided by Wang et al. (2017) and Huot et al. (2012).



Alloys Processed by High Pressure Torsion

While the high efficacy of equal-channel angular pressing in terms of the ease of material handling and throughput is a great benefit of this method, other SPD techniques are of interest as well. High-pressure torsion (HPT) takes a special place among these techniques, as the degree of grain refinement it provides is exceptionally high, the grain sizes attainable in metallic materials often falling in the 100 nm range, cf. (Zhilyaev and Langdon, 2008; Estrin and Vinogradov, 2013). Accordingly, several research groups hold high expectations of HPT as a technique for improving hydrogen sorption in Mg alloys. A recent review of the effect of HPT on hydrogen sorption of Mg alloys was published by Edalati et al. (2018a). This work is part of a concerted effort of Japanese researchers in the area of SPD-enabled hydrogen storage material, which started with a contribution by Kusadome et al. (2007) who successfully applied HPT to enhance the hydrogenation of a Mg2Ni intermetallic. HPT, along with ECAP and cold rolling, was also employed in an attempt to enhance the hydrogen sorption kinetics of ball-milled nanocrystalline Mg2Ni powders (Révész et al., 2010). The use of HPT processing for improving the hydrogen storage performance of Mg2Ni intermetallic by Hongo et al. (2015) at Kyushu University, Fukuoka, Japan was guided by the idea that deformation-induced stacking faults may play a role similar to that of grain boundaries, thus accelerating the hydrogen sorption. To elucidate the effect of the stacking faults, the authors of Hongo et al. (2015) used two processing routes: casting and HPT (10 anvil revolutions, N = 10). In both cases, subsequent annealing at 673 K was used to produce a coarse-grained structure. The imprint of HPT was the presence of deformation-induced stacking faults that were retained after annealing. The superior hydrogen sorption kinetics of the material containing the HPT-induced stacking faults is evident in Figure 4.
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FIGURE 4. Hydrogenation kinetics of an Mg2Ni intermetallic with and without HPT-induced stacking faults. The processing and test conditions are indicated within the diagram. Reproduced from Hongo et al. (2015) with permission from Elsevier.



The Kyushu University group conducted a systematic study of the HPT-driven synthesis of binary and tertiary Mg-based alloys (Edalati et al., 2018a). It was shown that by mechanical mixing of Mg powders with powders of various elements and further processing these blends by means of HPT, nanograined intermetallics, metastable phases, or amorphous phases can be obtained, depending on the composition (Kusadome et al., 2007). An excellent potential of HPT for producing a broad range of Mg-based alloys and compounds for hydrogen storage applications was thus demonstrated.

A particular result of note is the successful fabrication by HPT of a Mg alloy with good hydrogen sorption properties at room temperature (Edalati et al., 2018b). What is quite remarkable is that the alloy was first designed in silico using first principle calculations and then synthesized by HPT. The compound they designed, Mg4NiPd, is characterized by a low hydrogen binding energy, which is the reason for its favorable hydrogen storage properties. It was produced by casting and subsequent HPT to a very large number of anvil revolutions (N = 1,500) under a pressure of 6 GPa, which resulted in a homogeneous distribution of the constituent elements in a body-centered cubic lattice of the CsCl type (Figure 5). Also shown are the hydrogen pressure vs. hydrogen content diagrams, which demonstrate reasonably good hydrogen sorption properties of the material at room temperature (305 K).
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FIGURE 5. SEM-EDS elemental mapping of HPT-processed Mg4NiPd for different numbers of anvil revolutions [frames (a) to (e)] (left) and hydrogen pressure vs. hydrogen content diagrams at room temperature (right). Reproduced from Edalati et al. (2018b) with permission from Elsevier.



The last decade saw a marked growth of activities in HPT processing of Mg and magnesium alloys for hydrogen storage applications, the Kyushu University group and other teams (Leiva et al., 2010; Botta et al., 2013; Panda et al., 2017) being the major drivers of this research. A report on HPT processing of Mg alloys (including hydrogen sorption results) published recently by Figueiredo and Langdon (2019) complements the review by Edalati et al. (2018a). Together they provide a comprehensive picture of research activities in this field. One can anticipate further developments in two directions: broadening the compositional base of HPT-induced synthesis of Mg-based alloys in a search for those with favorable thermodynamic and kinetic properties and perfecting the processing. A way to transcend the limitations of HPT with regard to the specimen size and the process throughput by employing its semi-continuous version, the so-called High-Pressure Torsion Extrusion (HPTE), was recently proposed in Omranpour et al. (2019). It was demonstrated for the case of Nb that HPTE gives rise to faster hydrogenation kinetics than ECAP. The efficacy of the process as applied to Mg based materials is yet to be evaluated.



Mg-Based Composites

One of the promising strategies to lower the reaction enthalphy of Mg-based hydrides is to combine them with other metal hydrides to composites (Dornheim et al., 2007; Crivello et al., 2016; Yartys et al., 2019). Due to their capability of enabling mixing and compaction of powders, SPD techniques are well-suited for processing composite materials targeting hydrogen storage applications. As an example, Mg-based nanocomposites were produced by HPT of stacks of disks of different materials (Figueiredo and Langdon, 2019). Another option is to produce Mg-based composites (notably, nanocomposites) with carbonaceous materials (Ruse et al., 2017; Yartys et al., 2019). With the high hydrogen storage capacity of carbon nanotubes and their expected catalytic effect on hydrogen sorption in magnesium in sight (Ruse et al., 2017), we synthesized a Mg-based composite with 2 wt.% of multiwall carbon nanotubes (MWCNT). The as-sintered composite was processed by one or two ECAP passes. The hydrogen storage properties of the as-sintered and the ECAP-processed composites were determined by volumetric method and compared with those of pure Mg. The observed effects of the addition of MWCNTs to Mg consisted in an appreciable enhancement of hydrogen desorption rate, the disappearance of the pressure hysteresis, and an increase in the slope of the pressure plateau in the PCIs measured at 573 K. Compared with pure Mg, the hydrogen desorption pressure for the as-sintered composite was by some 50% higher. Against our expectations based on earlier observations of the effect of ECAP on the hydrogen sorption/desorption, the hydrogen desorption pressure was lowered by ECAP processing of the as-sintered composite. Based on transmission electron microscopy observations, it was conjectured that this negative effect owes to ECAP-induced defects in MWCNTs and changes in the morphology of Mg-MWCNT interfaces.

A recently obtained insight into hydrogenation mechanisms of Mg-MWCNT composites processed by HEBM can be useful for understanding some aspects of the effect of SPD on hydrogen storage properties of Mg alloys (Popilevsky et al., 2017). It was found that prolonged milling transforms the MWCNTs into chains of carbon nanoparticles. The latter serve as preferential sites for the nucleation of hydride phase, resulting in its oblong morphology and a microstructure consisting of interpenetrating networks of metal and hydride phases (Popilevsky et al., 2017). This network allows rapid supply of hydrogen to the metal-hydride interface during the late stages of hydrogenation, since the diffusion coefficient of hydrogen in the Mg metal phase is several orders of magnitude higher than in the hydride phase. Also, a percolating network of the metal phase retained up to the late stages of the metal-hydride transformation ensures high thermal conductivity of the composite, which is essential for rapid removal of heat generated by the exothermic hydrogenation reaction. This example demonstrates that detailed studies of the microstructure of the SPD-processed Mg-based alloys at various stages of hydrogenation may hold a key to understanding the positive effects of SPD. For example, the SPD-induced crystal lattice defects may lower the barriers for nucleation of the hydride phase and change its growth morphology.




CONCLUSION

In summary, while the SPD has only a moderate effect on the thermodynamics of Mg-hydrogen interaction, its influence on the kinetics of hydrogenation is substantial and is comparable with that of HEBM. Also, the SPD-based methods can significantly shorten the time needed for initial activation of the Mg-based alloys, or eliminate it altogether (Botta et al., 2013). This is a very important factor that can significantly reduce the overall cost of a commercial hydrogen storage system. As for the thermodynamics of Mg-H interaction, realistic estimates indicate that its significant change by crystal lattice defects, surfaces, interfaces, and internal stresses is unlikely (Berube et al., 2008; Chung et al., 2012). We are of the opinion that the most promising way of improving the thermodynamics of the Mg-H system is to combine the SPD techniques with multicomponent alloying, preferably with light elements. The effect of alloying on the thermodynamics of the Mg-H system is well established (Chung et al., 2012; Skripnyuk and Rabkin, 2012), and employing the computational thermodynamics methods (such as CALPHAD) may be helpful in identifying the most promising alloying elements and alloy compositions. While the detailed mechanisms underlying the improved kinetics of hydrogen absorption and desorption of SPD-processed Mg alloys still need to be unraveled, it is undoubtable that they are associated with a high concentration of crystal lattice defects (or even partial or full amorphisation of the material), cf. (Skripnyuk et al., 2004; Edalati et al., 2018a). Dislocations and grain boundaries generated as a result of severe plastic deformation provide fast diffusion pathways for hydrogen and alloying elements that may have a catalytic effect on the hydrogen sorption properties. The role of these defects in facilitating the nucleation of the hydride phase and in optimizing its growth morphology is to be considered as well. It should also be mentioned that SPD processing may generate channels for ultra-fast diffusion, which is more rapid than what could be expected from an increased area of a grain boundary network in a grain-refined material (Divinski et al., 2010, 2011). Texture effects may also be at play (Crivello et al., 2016).

We believe that SPD processing of Mg based alloys has a great potential as a pathway to producing efficient hydrogen storage materials. Even if we are still far away from developing such materials for automotive applications, the available data show that the groundwork made so far promises breakthroughs in the realm of stationary hydrogen and heat storage facilities. The benefits of using SPD techniques over ball milling include much lower health hazards, greater amounts of material produced, relative ease of implementation at industry scale, and much higher energy efficiency (Yartys et al., 2019). Some concerns about the limited applicability of the mentioned SPD processing techniques relating to the discontinuous nature of ECAP or small quantities of material produced by HPT (Estrin and Vinogradov, 2013) could be allayed owing to some developments of SPD technology. Specifically, integration of ECAP with other processing techniques, such as Conform (Raab et al., 2004) or direct extrusion (Orlov et al., 2011), turns the process in a semi-continuous one. Similarly, a modification of the conventional HPT technique combining it with extrusion (Ivanisenko et al., 2016) makes it possible to produce long billets with ultrafine-grained structure. These upscaled SPD methods can be employed to fabricate ultrafine-grained Mg alloys targeting hydrogen storage applications. Thus, what began as a first exercise in improving hydrogen sorption properties of a Mg alloy by SPD (Skripnyuk et al., 2004) has developed to a thriving area of research with a great promise for viable industrial applications.
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The development of microstructure and texture during flat product extrusion of magnesium alloys differs significantly from those of rolled sheets. It has especially been shown that the range of microstructures and textures is broad in the case of extrusion which allows significant variations of the resulting textures. Three wrought magnesium–zinc alloys with texture modifying elements Nd (ZN10), Ca (ZX10), and Al (AZ31) have been used to extrude flat band profiles with varied processing parameters. This allowed a variation of grain sizes and textures of the extrudates. The impact on the mechanical properties and the forming behavior (Erichsen values IE) is revealed and discussed with respect to the microstructure and texture. It can be shown that a weak alignment of basal planes is preferred for enhanced formability over a distinct alignment of basal planes even if oriented preferentially for basal slip.
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INTRODUCTION

Making use of the full advantage of magnesium as a lightweight material also requires the production of larger thin-walled components such as sheets. However, the formability of magnesium alloys at room temperature is restricted due to their hexagonal lattice structure and the related limited number of available or easily activated slip systems (Mordike and Ebert, 2001; Beausir et al., 2009). The ability to form related parts includes the underlying manufacturing process of the sheet, e.g., rolling, as well as the sheet forming process. Conventional sheet rolling is carried out with high technical effort as the degrees of deformation per rolling pass need to remain low (Friedrich and Mordike, 2006). Processing of sheets via extrusion has also been described, which requires (and allows) a single high deformation processing step (Hsiang and Kuo, 2003; Bohlen et al., 2016, 2018a; Wang et al., 2016). This enables forming microstructures and textures that could not be produced by conventional production methods like casting or rolling (Gall et al., 2013).

Several earlier studies on the relationship between microstructure and mechanical or formability properties (Bohlen et al., 2007; Stutz et al., 2011; Suh et al., 2015) have highlighted that the formation of strong textures, i.e., with distinctly aligned basal planes parallel to the sheet plane, is one drawback for enhanced formability. Alloying with rare earth or calcium has been emphasized for texture weakening and for enhancing the formability during sheet rolling (Bohlen et al., 2007, 2015; Al-Samman and Li, 2011; Liu et al., 2016).

Typically, extruded magnesium alloys in the form of round bars develop a fiber texture with a pronounced prismatic <10[image: image]0> component parallel to the extrusion direction (ED) (Dillamore and Roberts, 1965). Fully recrystallized materials also tend to develop a tilting component with a rotation of up to 30° around the c-axis of the lattice structure, thereby concentrating the orientations around the <11[image: image]0> pole intensity parallel to ED (Yi et al., 2010). In all cases, these textures represent a distinct preference for basal planes aligned parallel to ED. It has been shown that alloying magnesium with rare earth elements or Ca leads to distinct texture changes if the extruded profile is a round bar with a rotational symmetry around ED (Stanford and Barnett, 2008b; Stanford, 2010a). The resulting textures of these extruded alloys are also rather weak. In these cases a so-called “rare earth texture component” has been identified, often along with a <11[image: image]1> pole parallel to ED, thus tilting basal planes out of ED. Geometrically, an easier activation of basal slip during mechanical testing parallel to ED is then realized and an increase in the ductility of these materials enabled (Stanford and Barnett, 2008b; Zhou et al., 2013; Jiang et al., 2016). However, in the case of extrusion of flat profiles (without the rotational symmetry) also such alloys tend to form strong textures even if the alignment of basal planes may not preferentially be parallel to the sheet plane (Gall et al., 2013; Bohlen et al., 2018a). To give an example, extruded sheets from rare earth alloys ZE10 and ME21 in Bohlen et al. (2016) show strong textures, while extruded round bar counterparts of the same or comparable alloys showed weak textures (Bohlen et al., 2010; Nascimento et al., 2010). Flat bands (or sheets) with such strong textures can perform reasonably in deep-drawing cases or tensile testing but significantly lack formability in stretch forming cases.

In a recent work, possibilities for controlling the texture development during extrusion of flat bands (virtually representing sheets) have revealed the ability to significantly change the texture during extrusion as a result of the adjustment of the extrusion parameters (Bohlen et al., 2016). Based on an example of a magnesium alloy ZN10 (Mg+ 1 wt.% Zn+ 0.6 wt.% Nd) this corresponds directly to the dynamic recrystallization and grain growth behavior during extrusion. Especially, if the temperatures are very high during extrusion the rare earth specific texture development can even be overcome, resulting in a classical alignment of basal planes along the sheet plane. It is noteworthy, that the latter effect is also consistent with the texture development of rare earth containing round bar extrusions at high temperature (Stanford, 2010b). A similar effect like Nd on the texture development of extruded flat products has been shown for Ca-containing alloys, e.g., ZX10 (Mg+ 1 wt.%, Zn+ 0.2 wt.% Ca) in Bohlen et al. (2018b).

In this work, texture modification during direct extrusion and annealing of a flat band with different extrusion speed is investigated on two magnesium alloys with Nd (ZN10) and Ca (ZX10) in comparison to a classical benchmark magnesium alloy AZ31. It is suggested that the extrusion speed has a direct impact on the dynamic recrystallization behavior whereas annealing will cause static recrystallization. The differences in the microstructure and texture development are revealed and related to the mechanical properties from tensile tests as well as to the formability in biaxial Erichsen deepening tests.



MATERIALS AND METHODS

The chemical composition of the three magnesium alloys, AZ31, ZX10, and ZN10 has been measured by using spark emission spectroscopy (SPECTRO, SPECTROLAB M). Results are collected in Table 1. The alloys were prepared by using a modified gravity casting technique including directional solidification in a crucible. Details on this process can be found elsewhere (Elsayed et al., 2011). Billets were machined to a diameter of 49 mm to fit the 50 mm container of the extrusion press and to a length of 150 mm. Solid solution annealing of the cast billet was carried out for 16 h at 500°C (ZN10) and 16 h at 400°C (ZX10 and AZ31).


Table 1. Chemical composition of the alloys in this study; values in wt.%; Mg balance.
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Extrusion experiments were carried out using a 2.5 MN automatic extrusion press of Müller Engineering (Müller Engineering GmbH & Co. KG, Todtenweis/Sand, Germany). The extruded bands have a width of 40 mm and a thickness of 2 mm, which corresponds to an extrusion ratio of 1:24.5. Processing temperatures were 300°C for AZ31 and ZX10 and 350°C for ZN10 in order to meet a reasonable range for material flow during extrusion. The extrusion speed (ram speed) was varied between 0.6 and 2.4 mm/s, respectively, which refers to rather low profile exit speeds of 0.9 or 3.5 m/min.

Additional annealing of the flat bands after extrusion for 10 min has been applied in order to track the microstructure development. AZ31 and ZX10 were heat treated at 400°C and ZN10 at 450°C. All bands were air-cooled after annealing.

The initial microstructure of all the materials were observed by light optical microscopy. The samples were polished with fine SiC papers (#800, #1200, and #2500), diamond suspension and OPS (oxide polishing suspension). The polished samples were etched for several seconds in standard picric acid solution of 20 ml H2O, 7 ml acetic acid, 200 ml Ethanol, and 6 g of picric acid (as reported in Kree et al., 2004). Orientation maps on polished longitudinal sections of the extruded profiles have been measured using electron backscatter diffraction (EBSD) in a scanning electron microscope (Zeiss Crossbeam 550 L) and corresponding software to reveal grain orientations and grain characteristics. The orientation data are used to visualize the texture of the measured surface section as well as fractions of the microstructure. The nature of different grains is separated by using a grain property of the orientation distribution, the grain orientation spread (GOS). In this approach a concept from earlier works (Bohlen et al., 2015, 2016; Basu and Al-Samman, 2019) is repeated, assuming that recrystallized grains as a result of a nucleation and growth mechanism due to dynamic recrystallization will exhibit a low variation of their orientation. However, grains which did experience active slip glide typically will show a higher orientation spread. In this work a separation of both fractions, assumed to represent a recrystallized and an unrecrystallized fraction of the microstructure, is based on a constraint of GOS = 1°. For texture measurements samples of the flat bands were ground to their midplane and polished. An X-ray diffractometer (PANalytical X'Pert PRO MRD) with Cu Kα radiation and a beam size of 2 × 1 mm2 was employed to measure six pole figures up to a tilt angle of 70°. Normalized and background-corrected pole figures were completely recalculated from the orientation distribution function by using an open-source code MTEX (Bachmann et al., 2010). The recalculated (0002)- and (10[image: image]0)-pole figures are used in this study to reveal the texture of the samples.

The tensile properties of the extruded alloys were measured using dog-bone-shaped specimens with a gauge length of 24 mm and a width of 5 mm. Tensile tests were carried out on a universal tensile testing machine (Zwick Z050) at room temperature with a constant initial strain rate of 10−3 s−1 parallel to the extrusion direction. The stretch forming behavior was investigated by using Erichsen tests on full sections of the extruded bands with a lubricant (OKS 352) at room temperature. The punch radius was 10 mm and the forming rate (punch displacement) 5 mm/min.



RESULT

Table 2 collects extrusion forces at the beginning, during (the middle) and the end of the extrusion experiments. As a result of the direct extrusion process the detected force includes a fraction required for the material flow (according to the flow stress) as well as a fraction for the friction between the billet and the container wall. Therefore, the force will continuously decrease during the extrusion experiment when the area of friction decreases due to the decreasing length of the remaining billet. The changing of this force in the middle range of the extrusion, i.e., the range on the flat band where samples were taken from, is averaged and it is shown that the variation is small for all six experiments.


Table 2. Extrusion forces revealed from the extrusion experiments; peak force at the beginning of material flow (start of extrusion); force—middle of profile averaged from the center part of the profiles ranging over the part of the sample selection, and force—end of extrusion at the end of the extrusion experiment.
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The peak force is associated with the beginning of the material flow during the extrusion experiment. In the case of AZ31 there is a visible increase of this force with the increase of the extrusion speed, indicating that higher force is required if the deformation rate is higher. During the experiment, the gap between the force levels decreases and vanishes at the end of the extrusion, thus indicating that there is no remaining difference in the force required for material flow (i.e., the flow stress will be the same). In the case of ZX10 and ZN10 the gap in the peak force does not even exist, indicating a low rate dependence of the flow stresses. Furthermore, at the end of the extrusion experiments, the forces will be even lower if the extrusion speed is higher. If only the higher deformation rate is considered, this finding appears counterintuitive, as higher strain rate would typically be associated with a higher flow stress (Atwell and Barnett, 2007; Liu et al., 2007). A deformation related heating of the sample is hypothesized which will also affect the microstructure development of the extrudates.

Figure 1 shows the microstructure from the longitudinal section and the corresponding pole figures of the extruded bands. Resulting grain sizes are collected in Table 3. An increase of the extrusion speed leads to grain growth. The two as-extruded conditions of AZ31 (Figures 1a,c) are compared to their counterparts after annealing for 10 min at 400°C (Figures 1b,d). After slow extrusion with 0.6 mm/s (Figure 1a) a bimodal microstructure with non-recrystallized grains elongated parallel to extrusion direction (ED) is found. Fast extrusion with 2.4 mm/s (Figure 1c) qualitatively leads to an increase of the recrystallized fraction of the microstructure, however still maintaining elongated grains. The average grain size is 9 μm. The annealing of both as-extruded conditions does not show a visible effect on the microstructure, which remains mostly unchanged compared to the as-extruded condition. Furthermore, the texture of the four conditions of AZ31 also does not vary much, maintaining a strong alignment of basal planes parallel to the band surface (i.e., c-axis parallel to the normal direction ND), and a broader angular tilt of basal planes to the extrusion direction rather than to the transverse direction. A tendency to develop split peaks between ND and a tilt toward the ED is visible after fast extrusion or after annealing. Prismatic planes are randomly distributed parallel to the ND of the flat band. The variation of the intensities is small. This texture results are typical for AZ31 and compare well to those of rolled or extruded sheets of this alloy (Styczynski et al., 2004; Yi et al., 2006; Victoria-Hernandez et al., 2014; Bohlen et al., 2018a).


[image: Figure 1]
FIGURE 1. Micrographs from longitudinal sections (ED horizontal) and pole figures (ED vertical) of the extruded flat bands of AZ31: (a) 300°C and 0.6 mm/s; (b) 300°C and 0.6 mm/s and additional heat treated (HT); (c) 300°C and 2.4 mm/s; (d) 300°C and 2.4 mm/s and additional HT; ZX10: (e) 300°C and 0.6 mm/s; (f) 300°C and 0.6 mm/s and additional HT; (g) 300°C and 2.4 mm/s; (h) 300°C and 2.4 mm/s and additional HT; ZN10: (i) 350°C and 0.6 mm/s; (j) 350°C and 0.6 mm/s and additional HT; (k) 350°C and 2.4 mm/s; (l) 350°C and 2.4 mm/s and additional HT.



Table 3. Grain size, Erichsen value (IE), and mechanical properties from tensile test in extrusion direction (ED) at room temperature of the extruded flat bands (TYS, tensile yield stress; UTS, ultimate tensile stress).
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ZX10 was extruded and annealed with the same conditions as AZ31. Microstructure and texture results are shown in Figures 1e–h. After slow extrusion at 0.6 mm/s, the microstructure is homogenous and almost completely recrystallized with a small grain size of 4 μm. With fast extrusion at 2.4 mm/s, grain growth is observed, leading to an increase of the grain size to 15 μm. Additionally, an influence of the heat treatment on the microstructure is shown in both initial states of ZX10, resulting in a distinct grain growth (23 μm) after slow extrusion and a slightly lower grain size (21 μm) after fast extrusion. Obviously, the annealing procedure dominates the microstructure development rather than the initial microstructure of the as-extruded condition of this alloy. The texture is fully different compared to AZ31 but the variations are also quite small. Split peaks of basal planes with a tilt toward ED are found. They are slightly more pronounced after fast extrusion but also weaken somewhat during annealing. Correspondingly, the prismatic planes are randomly distributed perpendicular to the two peak orientations of the basal poles, revealing a certain alignment parallel to ED (intensities at transverse direction TD) but no prismatic component or fiber in ED. This kind of texture of a calcium- or rare earth-containing Mg alloy has been described as a typical result for flat band extrusions and has been associated with fully recrystallized microstructures of such samples (Bohlen et al., 2018b; Brokmeier, 2018).

ZN10 (Figures 1i–l) exhibits a partially recrystallized microstructure after slow extrusion with a distribution of very small grains embedded into elongated unrecrystallized grains. During heat treatment, significant grain growth is observed, leading to the coarsest grained microstructure of this study with an average grain size of 29 μm. After fast extrusion, the microstructure is completely recrystallized (12 μm) but during annealing grain coarsening is also found (25 μm). Although the microstructure development is generally very similar to ZX10, it appears that recrystallized grains remain smaller during extrusion, although the extrusion temperature was higher. Furthermore, the impact of the higher annealing temperature is rather small when the grain size development of ZN10 is compared to ZX10. The texture development has also many similar features, e.g., maintaining the split peaks of basal plane orientations and the distribution of prismatic planes. Especially after fast extrusion, the texture of ZN10 compares well to the same condition of ZX10. Only the maximum intensities are lower but remain unchanged during annealing. However, after slow extrusion the split peaks of basal planes remain very weak with maximum intensities of 4.2 m.r.d. and basal planes also exhibit a broader angular distribution toward TD. This transversal spread corresponds to a prismatic component in the (10[image: image]0) pole figure along with ED, which also leads to higher intensity. After the heat treatment, the prismatic component is still visible but the split peaks of basal planes with tilt to ED are stronger. Additionally (hypothetically as a result of the transversal spread of basal planes in the as-extruded condition), two weak split peaks with tilt to TD are visible. This difference of the texture development corresponds to the partly recrystallized nature of the ZN10 sample after slow extrusion.

EBSD orientation maps of the extruded profiles are collected in Figures 2–4. Exemplarily, results for AZ31 after slow extrusion as well as after the corresponding heat treatment are shown in Figures 2A,B. In the as-extruded condition (Figure 2A) a grain structure with a tendency in elongation along the extrusion direction (vertical) is visible, therefore repeating the finding in Figure 1a. The corresponding pole figures more clearly reveal an alignment of basal planes with the band plane but with a preferential tilt in the form of split peaks toward the ED. While this tilt is not clearly visible in the rather small fraction of the unrecrystallized grains (GOS > 1°), the recrystallized fraction (GOS <1°) is consistent with this finding. A separation of these recrystallized grains into smaller (e.g., <5 μm) and larger (e.g., >10 μm) fractions does not show any change and therefore no development tendency of orientations during grain growth. The heat treated counterpart in Figure 2B repeats these findings in a slightly coarser grained structure but with a stronger alignment of the basal planes, e.g., the split peaks are not visible any more in the (0001) pole figure. The separation into smaller and larger grains suggests a more visible basal alignment in the larger grains rather than in the smaller recrystallized grains, aiming toward a certain growth advantage of these grains and therefore strengthening the basal alignment. Such a behavior has often been reported for rolled sheets of AZ31 (Huang et al., 2012; Victoria-Hernandez et al., 2014). Figures 3A,B show the EBSD results for slowly extruded ZX10 and its heat treated counterpart, respectively. Even in the as-extruded condition the microstructure appears almost fully recrystallized, leaving only a few grains exceeding a GOS of 1°. While the overall texture repeats the extended basal split peak texture from Figure 1e, the few unrecrystallized grains appear again with a more distinct alignment along the surface of the extruded band. For the smaller and larger recrystallized grains, again no difference in the texture is found. In Figure 3B very similar findings are presented for a fully recrystallized microstructure and the same split peak texture. This texture again is confirmed for all distinguished grain size fractions from the smallest grains (e.g., in the extended band of very small grains) as well as in the very large grains of this sample. The significance of the split peak texture seems stronger in the larger grains, thus corresponding to a growth advantage. Figure 4 compares the EBSD results for the four tested samples of alloy ZN10. The slowly as-extruded condition in Figure 4A reveals a distinct fraction of unrecrystallized microstructure. This high fraction exhibits a texture (see GOS > 1°) with split peaks toward the TD. Furthermore, a corresponding four peak alignment in the prismatic (10[image: image]0) pole figure together with a strong prismatic peak in the ED is found. Obviously, an overemphasis of this fraction in the measured area leads to a clear difference of this texture compared to the one shown in Figure 1i. If only recrystallized grains are considered (GOS <1°) the textures compare well, however, more distinctly showing the basal split peaks toward ED as well as a transverse spread including split peaks toward TD. A certain grain size tendency may be a higher significance of this component in the smaller recrystallized grains rather than in the larger ones. The prismatic component along ED is maintained at lower significance. The heat treatment of this sample, Figure 4B, allows maintaining both texture components with a certain emphasis of the ED split peak component in the larger grains. However, a clear TD spread component is not revealed any more in the fraction of the larger recrystallized grains. For the samples after fast extrusion and heat treatment, respectively, Figures 4C,D, again fully recrystallized microstructures are found with a possible strengthening of the ED split peak component in the larger grain fractions.


[image: Figure 2]
FIGURE 2. Orientation maps from EBSD measurements on longitudinal sections of the extruded profile (ED vertical; pole figures: ED vertical, TD horizontal; color code and intensity levels see Figure 4B; GOS, grain orientation spread), (A) AZ31 after extrusion 0.6 mm/s at 300°C, (B) the same after heat treatment.



[image: Figure 3]
FIGURE 3. Same as Figure 2 but for (A) ZX10 after extrusion 0.6 mm/s at 300°C, (B) after heat treatment.



[image: Figure 4]
FIGURE 4. Same as Figure 2 but for (A) ZN10 after extrusion 0.6 mm/s at 350°C, (B) after heat treatment, (C) ZN10 after extrusion at 2.4 mm/s at 350°C, (D) after heat treatment.


Stress–strain diagrams from tensile tests parallel to ED are shown in Figure 5. The corresponding mechanical properties are collected in Table 3. In case of AZ31 only small variations can be seen. The yield stress (TYS) varies between 144 and 153 MPa. It slightly decreases with increasing extrusion speed but during annealing there is no clear tendency. The same is found for the maximum stress (UTS) between 256 and 265 MPa and the uniform elongation which averages at about 18.7% strain. The fracture strain is also comparable at 26%. Classical strain hardening with a continuous decrease of the slope is seen in the stress–strain diagrams. ZX10 reveals a much lower TYS (62–127 MPa) and UTS (185–213 MPa). After slow extrusion the lowest grain size corresponds to the highest stress levels followed by the fast extruded condition. The annealed samples with largest grain sizes also show the lowest stress levels. It is noteworthy that only the stress–strain-curve of the slowly extruded sample exhibits a flow instability at the yield point whereas all other conditions exhibit typical strain hardening behavior, obviously higher compared to AZ31. This also results in higher uniform strains as well as fracture strains. Both properties benefit from annealing but somewhat decrease with increasing extrusion speed.


[image: Figure 5]
FIGURE 5. Stress–strain diagrams in ED for the extruded bands for alloy. (A) AZ31. (B) ZX10. (C) ZN10.


Also for ZN10, the stress levels (TYS and UTS) correspond to the grain size of the samples. They are even higher in the as-extruded conditions compared to ZX10 but comparable in the annealed condition although grain sizes are larger. This indicates an advantage of ZN10 if initial higher stress levels are envisioned at comparable grain sizes. The curves indicate a special strain hardening behavior of the slowly as-extruded samples, which corresponds well to their partly recrystallized microstructure. The increase of stress during strain hardening remains low, which also corresponds to the lowest uniform strain and fracture strain in this study. Again, uniform strains and fracture strains benefit from the annealing after extrusion. However, both values remain lower in comparison to ZX10 (but higher than for AZ31).

The results from Erichsen cupping tests are collected in Figure 6 in the form of exemplary drawing force—drawing path curves. The presented curves reveal the increase of the force after attaching the punch to the sample surface and the beginning of the deformation while forming the cup. The drawing path is then shown as the resulting depth of the formed cup. This force increase is continued until a sudden drop due to sample cracking. The respective force level does not vary much for the four conditions of AZ31, it decreases only slightly with increasing extrusion speed but does not change due to the annealing of the samples. This finding is in good agreement to the strength considerations of this alloy as revealed from the tension tests. In the case of ZN10 and ZX10 the slowly as-extruded samples exhibit a steeper increase of the force levels compared to the other conditions, including the fast extruded samples as well as their annealed counterparts. This indicates principle strengthening of the samples as a result of the extrusion conditions. Consistently, the force levels of AZ31 remain higher than those of ZX10 and ZN10, although the maximum forces are lower due to early fracture of the samples.


[image: Figure 6]
FIGURE 6. Drawing force—drawing path curves from Erichsen cupping tests at room temperature. (A) AZ31. (B) ZX10. (C) ZN10.


The results from Erichsen cupping tests are collected in Table 3 in the form of the Erichsen value (IE). This single value corresponds to the drawing length up to fracture of the samples, i.e., the depth of the formed cup as a result of biaxial stretching. For AZ31, the processing variations and the subsequent heat treatment show no influence on IE and remain at a very low level between 2.8 and 3.0 mm. This result compares well with the overall missing variation in the microstructure and texture development as well as with the tendency revealed for the mechanical properties. ZX10 shows a clearly higher IE between 4.9 and 6.1 mm. The maximum value is found for the annealed condition after slow extrusion and corresponds to the highest strain properties of this alloy. Interestingly, this is not associated with a fine-grained microstructure but it corresponds to the weakest texture of this alloy, which does not vary much between the four investigated conditions. In case of ZN10, the variation of the IE is larger, varying between 4.0 and 7.2 mm. Again, the highest value is found for the annealed condition of the slowly extruded band at rather large grain size but also with the highest strain levels revealed for this alloy. With the exception of the partly recrystallized condition after slow extrusion the IE are higher for ZN10 compared to ZX10. Noteworthy, in case of the strain properties from tensile tests the finding was vice versa. However, in tendency this corresponds to slightly weaker textures of ZN10. Furthermore, especially after slow speed extrusion and its annealed counterpart the textures are very weak. Thus, the highest IE corresponds to a sample with a weak and broad orientation distribution of basal planes and a fully recrystallized (not necessarily fine-grained) microstructure. In summary, these Erichsen values are among the higher levels of state of the art magnesium alloy sheets (Chino et al., 2009; Lee et al., 2014; Wang et al., 2018).



DISCUSSION


Microstructure and Texture Development

High degrees of deformation for the extrusion of profiles lead to heating during the material flow through the die. Earlier works have reported on measurements of a deformation heating, which is also influenced by the applied extrusion speed (Liu et al., 2007; Yu et al., 2013). Thus, an increase of the extrusion speed (and corresponding strain rate) leads to a steady state temperature increase due to deformation heating. The resulting change in the flow stress will then have a direct impact on the extrusion force as measured at the end of the extrusion process where it is not superimposed by a friction component. A mechanism, which has a determining influence on the resulting flow stress (and extrusion force, respectively) is the dynamic recrystallization during forming. If the tendency to recrystallization is enhanced the flow stress/extrusion force will decrease. In this regards, the data from the extrusion forces in Table 2 show a tendency of such a decrease with the increase of the extrusion speed, from AZ31 (−0.03 MN) to ZN10 (−0.16 MN) and to ZX10 (−0.27 MN). The same alloy tendency is found in the form of an increasing average grain size in Table 3 for AZ31 (+2.6 μm) to ZN10 (+8.6 μm) and to ZX10 (+10.9 μm). A further comparison of the microstructure development of the alloys does not seem appropriate as the initial extrusion temperatures needed to be varied for the different alloys in order to meet the extrusion windows. Still, the increase of the extrusion speed is associated with an enhancement of dynamic recrystallization and an alloy specific significance.

Furthermore, the resulting average grain sizes of ZN10 are lowest in this study at the highest initial billet temperatures, indicating a general retardation of recrystallization in this alloy compared to ZX10 or AZ31. The slowly extruded sample of ZN10 appears only partly recrystallized whereas both samples of ZX10 reveal fully recrystallized microstructures. For AZ31, the partly recrystallized microstructure still result in recrystallized grains grown much further than their ZN10-counterparts. This indicates a distinct difference in the recrystallization mechanisms. Such a difference has been investigated in related works, including an alloy specific change of the type of the dynamic recrystallization mechanism. A continuous type of recrystallization due to rearrangement and rotation of low angle grain boundaries toward high angle boundaries has been suggested instead of a dominating grain nucleation and growth mechanism (Barrett et al., 2017). Also particle stimulation of recrystallization is known as a specific mechanism of grain structure formation (Ball and Prangnell, 1994; Al-Samman, 2013; Liu et al., 2018).

In order to understand the impact of recrystallization on the microstructure development is appears worthwhile to compare the textures of extruded round bars of magnesium alloys with those textures obtained from shaped flat profiles. Three important texture components of round bars can be repeated as follows: A strong prismatic fiber with high intensity in the (10[image: image]0) pole figure along the ED has been associated with the remains of strong deformation textures in basically all magnesium alloy extrusions (Dillamore and Roberts, 1965; Stanford and Barnett, 2008b; Yi et al., 2010). A lattice rotation of up to 30° favors high intensity in the (11[image: image]0) pole figure along ED for recrystallized extruded bars. A component exemplarily concentrating with high intensity in a (11[image: image]1) pole figure is found in rare earth or Ca containing alloys, leading to a tilt of basal planes out of the ED. Retardation of recrystallization and corresponding new orientations developing as a result of deformation related orientation development include an impact of twins (Hantzsche et al., 2010; Al-Samman, 2013; Stanford, 2013; Minárik et al., 2019) and shear bands (Stanford and Barnett, 2008a; Zeng et al., 2019). Correspondingly, the textures of flat band extrusions from various magnesium alloys have been described with respect to the specific shape given by the profile (Brokmeier, 2018). Figure 7 collects sketches of such alloys representing the texture components of the samples of this study. Figure 7A shows a texture with an alignment of basal planes parallel to the band surface, also revealing high prismatic intensity in ED in the 6 peak symmetry of the prismatic pole figure. Note, that this texture is specifically expected if a deformation texture is hypothesized which is also visible from the texture of unrecrystallized grains (GOS > 1°) of AZ31 in Figures 2A,B. Basically the same alignment of basal planes is found in the recrystallized fraction of the microstructure but the six peak symmetry in the prismatic pole figure vanishes toward a rotational distribution of prismatic planes. This is the same reorientation as found in round bar extrusions as a result of recrystallization and the concurrent 30° reorientation of prismatic planes. The texture component in Figure 7B is based on two split peaks with tilt toward ED. It reveals an orientation which is not in accordance with prismatic pole intensity in ED but tilted. Note, that the recrystallized grain fractions in Figures 3A,B for ZX10 and in Figures 4C,D for ZN10 do not exactly match with this description but again better with a 30° rotation of the prismatic planes which makes this texture component well comparable to the “rare earth texture component” described for RE containing round bar extrusions. In conclusion this ED tilted basal split peak texture component is consistent with a modified rare earth texture component and its appearance in a profile without the rotational symmetry of a round bar is confirmed.


[image: Figure 7]
FIGURE 7. Texture components found in flat band extrusions considering crystallographic lattice relationships, (A) basal component, (B) ED split peak component, (C) TD split peak component.


Figure 7C shows a component with two split peaks tilted toward TD. Correspondingly, a peak intensity in the prismatic pole figure along ED is visible. This component is very comparable to the one shown in Figure 7A if an additional TD tilt of the basal planes is acknowledged. It is only revealed for the partly recrystallized sample of ZN10 in this study, Figure 4A. Interestingly, the visibility of this specific orientation requires a shaped profile and cannot be distinguished for a round bar. In such a case it is consistent with a deformation related texture component, therefore in agreement with the unrecrystallized fraction of the microstructure for ZN10. Then the origin of this texture component requires an impact of different deformation mechanisms, especially other than in the case of AZ31. Although the specification of the nature of this effect is beyond the scope of this study, it has been shown that preferential prismatic slip instead of preferential basal slip is in accordance with such effects during sheet rolling (Styczynski et al., 2004).



Mechanical Properties and Formability

Experiments with two different strain paths' were applied for the presentation of the mechanical behavior of the extruded bands. Tensile tests parallel to ED feature positive strain along the extrusion direction but corresponding free contraction along TD and ND. On the other hand, Erichsen cupping tests reveal the principal formability of the samples in operations with biaxial strain. In this condition, positive strain is enforced along ED and TD but contraction (thinning) is only freely enabled along ND. These two different procedures of plastic deformation are correlated to the microstructure and texture of the materials of this study. Both tests are not expected to meet the same microstructure requirements for enhanced formability or ductility. In a simple consideration of dislocation driven deformation the ability of strain accommodation is related to the activity of the mechanism based on their activation (e.g., the critical resolved shear stress) as well as the orientation distribution of the respective lattice planes, i.e., described by the texture (Agnew et al., 2001; Bohlen et al., 2007; Hadorn et al., 2011; Miller et al., 2016; Chaudry et al., 2019). Thus, it appears worthwhile to concentrate on the contribution of basal slip with its low CRSS value and their orientation distribution (Chapuis and Driver, 2011; Wang et al., 2011; Kim et al., 2016; Liu et al., 2017) if texture effects are addressed, but not the initial effect of alloying elements on the ability of other (non-basal) slip modes to contribute to strain accommodation (Bohlen et al., 2007). In the case of a strong alignment of basal planes in the band plane like in AZ31 there is less ability for activation of basal slip in the uni-axial-tension case as well as in the stretch forming case. Therefore, stress properties remain comparably high and strain levels low as the strain hardening ability of the samples is limited. In cases with a tilt of basal planes toward ED slip activation is enhanced in the uni-axial case and the ability for strain accommodation increases. This is typically found for ZX10 and ZN10 in this study. Interestingly, the significance of such a component does not have a distinct effect on the strain accommodation. However, the yield stress remains lower in those cases if it is not also influenced by an unrecrystallized fraction of the microstructure which hypothetically can be assumed to be a harder fraction of the microstructure as a result of dislocation hardening during extrusion (e.g., slowly as-extruded conditions of ZX10 and ZN10), see discussion below.

In case of the biaxial test positive strain enforcement in all in-plane directions leaves material flow with negative strain along ND. Accommodation of such strain may require the same orientation considerations as above, but they are especially needed homogeneously in all in-plane directions. Although sample dimensions in this study did not allow revealing the mechanical behavior along the transverse direction, it has been shown in earlier work on extruded sheets that a strong anisotropy of the mechanical behavior is often correlated to limited stretch formability (Bohlen et al., 2018a). Forming limit curves revealed low formability in stretch forming conditions on the right side of the forming limit diagram but high formability on the left side, which in the context of this study compares to a strain path of the uni-axial tension test.

The split peak texture with tilt of basal planes appears to be beneficial for the strain properties in the tension test as well as for the stretch forming Erichsen cupping test and within each material a direct correlation can be found. Only in the case of ZN10 with especially weak distribution of basal planes and a concurrent further orientation component with tilt toward TD an additional increase of strain during the Erichsen cupping test is enabled. On the other hand, the weaker alignment of basal planes is not anymore beneficial for achieving very high uniform strains (and corresponding fracture strains) which leaves the strain levels of ZN10 lower compared to ZX10 as revealed from the tensile tests. This simple texture approach allows concluding that weak textures with a more isotropic distribution of basal planes are required, especially to increase the stretch formability of magnesium sheets.

Such texture considerations do not include other microstructure related properties of the extruded and heat treated materials on the mechanical properties. Especially, the partly recrystallized microstructures may impose an impact on the strength properties of the samples, especially in the case of AZ31 and the slowly extruded ZN10. Together with the slowly extruded ZX10 (proven to be almost fully recrystallized in Figure 3) these samples exhibit high stress levels (TYS and UTS) compared to the fully recrystallized counterparts. Furthermore, if the ability to strain hardening is considered as the increase of stress from TYS to the UTS (Table 3) similar levels are found for AZ31 (~113 MPa) in accordance with the unchanged nature of the microstructure. In the case of ZX10 and ZN10, however, the lowest increase is clearly found for the slowly as-extruded samples, especially low for ZN10 (~60 MPa) with its clearly partly recrystallized microstructure. Although the quantitative fraction of the unrecrystallized microstructure cannot be directly resolved, the correlation of this strain hardening limitation to the degree of the recrystallized microstructure (and thus a partly strain hardened condition of the samples) becomes obvious. For the strain levels (uniform strain and fracture strain) this is directly confirmed for the partly recrystallized ZN10 after slow extrusion, not very distinct in case of ZX10 and again, not resolved for AZ31 based on the unchanged nature of the microstructures. Furthermore, it is also in agreement with the higher drawing forces required for Erichsen deepening in Figure 6 as well as comparably lower Erichsen values, Table 3.

Figure 8 shows the TYS plotted vs. the inverse square root of the average grain size (following the Hall–Petch relationship (Mann et al., 2004). This plot has also been suggested in an earlier work (Stanford, 2013) to not only see the impact of grain boundary strengthening but also to visualize any deviation from the expected linear increase of TYS with the respective function of the grain size. In this plot, the above mentioned insignificance in the microstructure variation of AZ31 becomes visible in a very small range for the grain size function and no clear resolvable tendency for the variation of the TYS. The more pronounced broader range for the grain structures of the ZX10 and ZN10 alloys is in comprehensive agreement with a grain size related strengthening mechanism. While the variation of TYS for ZX10 and ZN10 is somewhat comparable at higher grain sizes (on the left-hand side of the diagram) the variation for both alloys at smallest grain size is significant. Again, this is in agreement with the above discussed fraction of unrecrystallized grains of this condition due to strain hardening. Furthermore, the slightly higher TYS of AZ31 in the respective grain size range in comparison to an interpolated assumption for ZX10 and ZN10 corresponds well to the strong basal textures of this alloy and the resulting limitation of slip activation.


[image: Figure 8]
FIGURE 8. Tensile Yield stress parallel to ED from tensile tests vs. the inverse square route of the average grain size of the results collected in Table 3 (Hall–Petch plot).


A potential impact of precipitates as strengtheners of the extruded samples as well as their heat treated counterparts would impose a further strengthening mechanism likely to occur at least in ZX10 and ZN10. However, in the context of the solid solution annealing of the lean alloy billets prior to extrusion this effect may not be very significant for the samples of this study (Nie, 2012) and especially not resolved within the complexity of the above mentioned microstructure variations. In a consideration of the ability to design preferred mechanical properties of the alloys of this study, particle strengthening would enable a post-forming adjustment of the material strength, thereby maintaining a preferential formability after extrusion.

In combination, the enhancement of these strengthening mechanisms, orientation strengthening, partly recrystallized microstructure (and potential precipitation strengthening) counteract to an improved formability of the materials of this study. The same is concluded for a respective grain size strengthening if the corresponding microstructure development results in partly recrystallization, e.g., in the case of ZN10 compared to ZX10 after slow extrusion. Furthermore, the design of textures which lead to preferential forming properties during extrusion is based on partly recrystallized microstructures because the resulting texture needs to be weak. This is accessible if the dynamic recrystallization is retarded in a way that not only a strong recrystallization texture is obtained. Interestingly, the texture development as a result of static recrystallization during heat-treatment differs from the texture development at higher extrusion speed, a result of dynamic recrystallization. This is especially obvious in the case of ZN10. Still, annealing is required to increase the degree of recrystallization of this material, i.e., softening the samples.




CONCLUSIONS

Direct extrusion of flat bands has been used to study alloying and processing effects on the microstructure and texture development. An increase of the extrusion speed is used to induce deformation heating during extrusion and concurrently enhanced dynamic recrystallization. Besides a comprehensive behavior of increased degree of recrystallization and/or grain growth, significant variations in the texture development are found, ranking from classical strong basal textures for AZ31, strong alignments of basal planes with tilt toward ED for ZX10 and the same for the Nd containing ZN10 alloy if the samples are fully recrystallized. This texture has been associated with the typically weak textures obtained in rare earth or Ca containing round bar extrusions. A distinct texture variation becomes possible if a partly recrystallized microstructure is realized during extrusion which includes a texture component typically not visible in round bar extrusions. During heat treatment, i.e., static recrystallization, this texture component can be maintained.

The mechanical properties in tensile tests and Erichsen cupping tests reveal that for biaxial testing especially weak textures allow increasing the formability. Such weak textures are with no preferred alignment of basal planes parallel to the surface but a tilt out of this orientation. Furthermore, a rotational symmetry of this tilt around ND increases the formability. Contrary, this is not preferred for uni-axial testing where strong tilt peaks of basal planes lead to increasing ductility. Alloying elements such as Nd in ZN10 allow materials with such textures to be obtained after extrusion. In the case of the Ca containing ZX10, recrystallizations was not restricted enough to pronounce this and in the conventional magnesium alloys like AZ31 no hint for the ability to change the texture has been observed. Thus, retardation of dynamic recrystallization by alloying and adjusting the processing parameters (followed by static recrystallization during heat treatment) allows the extrusion of flat profiles with excellent forming properties. The resulting Erichsen values for flat bands (sheets) of ZX10 (6.1 mm) and ZN10 (7.2 mm) are among the higher levels revealed for magnesium sheets.
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In addition to AZ- and AM-series magnesium alloys, which are mainly used at ambient temperature, there are also die-cast magnesium alloys developed for use at elevated temperatures. This paper examines the compressive creep resistance of several aluminum-containing magnesium high-pressure die-cast alloys, including the commercially available AE42, AE44-2, AE44-4, MRI230D alloys and newly developed DieMag series, i.e., DieMag211, DieMag422, and DieMag633. Compressive creep is the common load case for automotive powertrain components such as transmission housings, engine blocks or oil pans, which are typically mounted with steel or aluminum bolts that have lower thermal expansion than magnesium alloys. When the components heat up, there is a compressive load in the area around the bolt. The compressive creep experiments are accompanied by microstructure investigations. It is shown that MRI230D and the two high-concentrated DieMag alloys have the best creep resistance at 200°C. Similar results are also observed in the tensile tests at room temperature and 150°C, with DieMag633 showing outstanding strength.

Keywords: magnesium alloys, creep, high-pressure die casting, microstructure, density


INTRODUCTION

Magnesium alloys are predominantly cast (Avedesian and Baker, 1999). Only a small proportion of the alloys used are formed, e.g., rolled, extruded, or forged. The proportion of magnesium processed in high-pressure die casting (HPDC) is also comparably high compared to other casting processes such as sand-casting or gravity die casting. Magnesium high-pressure die casting alloys therefore account by far for the largest proportion of magnesium materials used. This market is divided between the common room temperature alloys AZ91 and AM50/60 and the creep-resistant alloys that can be used at higher temperatures. With very few exceptions, these alloys contain aluminum as an alloying element to assist with castability. The temperature difference between liquidus and solidus temperatures, and thus the melting range of the aluminum-containing alloys is large, which enables subsequent feeding during HPDC despite the rapid cooling. The disadvantage of an aluminum content of 3–10% is the formation of the β-phase Mg17Al12 during solidification. It has a melting point of only 437°C and is therefore responsible for the poor creep resistance of AZ and AM alloys. Since the aluminum is needed during casting, but the β-phase hinders the creep resistance, strategies have been developed to bind the aluminum in intermetallic phases with the help of further alloying elements. These phases should have the highest possible melting points and fine distribution to increase the strength of the alloys (Pekguleryuz and Celikin, 2010). For example, rare earths (AE alloys; Powell et al., 2002; Moreno et al., 2003; Kielbus and Rzychon, 2010; Zhu et al., 2012), silicon (AS alloys; Dargusch et al., 2004; Zhang, 2005; Zhu et al., 2013), strontium (AJ alloys; Kunst et al., 2009; Kielbus and Rzychon, 2010) or calcium (AX alloys, MRI; alloys; Backes et al., 2009; Xu et al., 2009; Jiang et al., 2015) are used.

Some of the creep resistant alloys investigated in this paper are die cast specimens previously investigated by Zhu et al. (2015). The alloys are AE42, AE44-2, AE44-4, and MRI230D. Usually a misch metal consisting of Ce, Nd, La, and Pr is used for the addition of rare earths. The alloy AE44-4 indeed contains these four rare earths as alloying elements. For cost reasons and because of the decreased availability of Nd, there are also variations of this alloy containing only Ce and La. This alloy (AE44-2) is cheaper and is also investigated in this study. These commercial alloys are compared with DieMag alloys, which have an aluminum-barium-calcium proportion of 2:1:1. They differ only in the absolute content of alloying elements and were produced under the same conditions and casting parameters via HPDC (Dieringa et al., 2013).

In contrast to Zhu et al. (2015), the creep tests were not carried out under tensile stress but under compressive stress. This is the loading direction which represents the more common load case for cast light metals. Typically, gearbox housings, pump housings, motor blocks, oil pans, or similar temperature-loaded components are manufactured from the alloys investigated. These components are under compressive stress in the areas where they are bolted together. When heated to operating temperature, the magnesium undergoes expansion with a coefficient of thermal expansion (CTE) of 26–32 × 10−6 K−1. The aluminum or steel screw has a large CTE (~20–24 × 10−6 K−1 or ~10–12 × 10−6 K−1) and this leads to compressive stress in the magnesium component (Cverna, 2002). In the worst case, this can result in the area under the bolt joint experiencing significant creep at an assumed high temperature of 200°C. Additionally, after cooling to room temperature, which is associated with the same greater thermal contraction, the tightness of an oil pan or a gear part is reduced. In this paper the compressive creep resistance of all alloys at 200°C and different stresses between 60 and 100 MPa shall be investigated. These are approximately the maximum temperatures and stresses that outer areas of an engine block must withstand under a bolt load. The determination of the minimum creep rate and threshold stress with which a true stress exponent can be calculated allows for the combination of experimental creep tests with physical metallurgical models to describe the rate-determining deformation mechanisms during creep. The creep tests are accompanied by optical and electron microscopy in combination with an investigation of intermetallic phases to elucidate the mechanism of deformation.



MATERIALS AND METHODS

The magnesium alloys AE42, AE44-2, AE44-4, and MRI230D are commercially available. The DieMag alloys were made of pure magnesium, aluminum, barium, and calcium and were then die-cast. The composition of the alloys measured with ICP-OES or Arc Spark OES is summarized in Table 1. Specimen material was cast from the individual alloys in a 250 ton TOSHIBA cold chamber die casting machine. During the melting process and the holding time during casting, the molten surface was covered with HFC-134a inert gas in a CO2 carrier gas. None of the alloys showed burning on the surface.


Table 1. Chemical compositions (wt.%) of die-cast alloys in this investigation analyzed by ICP-OES or Arc Sparc OES (Dieringa et al., 2013; Zhu et al., 2015).
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The castings consist of three cavities containing two “dumb-bell” and one flat test sample, the dimensions of these castings are given by Easton et al. (2008). From the dumb-bell samples, cylinders with a diameter of 6 mm and a length of 15 mm for compressive creep testing were produced by electric discharge machining. The compressive creep tests were performed at a constant temperature of 200°C and constant stresses of 60, 70, 80, 90, and 100 MPa using an ATS Lever Arm Creep Machine. The dumbbell specimens were tested at room temperature and 150°C in tensile tests. A screw-driven Instron 4505 with a 100 kN load cell was used for the tests. A cross-head speed of 5 mm/min and an extensometer with a measuring length of 25 mm were applied. Four tests were carried out for each alloy.

Density measurements according to the Archimedean principle were carried out on all alloys before and after the creep testing using a Sartorius laboratory balance, in which the sample was weighed in air and ethanol. Creep samples were used for the density measurement, both in as-cast condition and after the creep tests. At least eight samples of each alloy were tested.

Optical micrographs for grain size measurement were taken from 3 regions near the centre of each alloy to obtain the average grain sizes. A Leica DM LM optical microscope was used to capture these regions. The grain sizes were measured using the line intercept method on AnalysisPro software. Further investigation of alloy microstructures where performed on a TESCAN Vega3 SEM equipped with an EDXS detector.



RESULTS AND DISCUSSION


Density

The average densities of the alloys in the as-cast condition and after creep testing are shown in Table 2. The first column contains density measurements from gravity castings for the respective alloys. These values are used for comparison to the density of the same alloys produced via HPDC. The density of the gravity casting samples can be regarded as a pore-free microstructure, since a laminar flow of the melt does not cause any gas inclusions and the solidification was performed without stress. We calculate the porosity as the relative difference of the densities of the materials compared to gravity casting. MRI230D shows the highest porosity with 3.5%. The AE-based alloys follow with 2.4 to 3.0%. Only DieMag211 and DieMag633 achieve porosities of <2% with the lowest value of 1.5% for DieMag633, which is a very low percentage for high-pressure die casting. The same is true for the densities of the crept samples. The pores are compressed during creep, which reduces porosity. It should be noted that DieMag633 stands out with a porosity of only 1%, which is of course also due to the lowest value in the as-cast state.


Table 2. Densities of as-cast and crept materials and grain size measurements of as-cast alloys.
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Tensile Tests

Tensile tests at room temperature and 150°C show a broad range of mechanical performance for the various alloys, as summarized in Table 3. At room temperature, the AE42 has the lowest yield strength with only 121.6 MPa, but good tensile strength with almost 240 MPa. The two AE44 variants are slightly higher for both values and differ only slightly to each other, but show the best ductility of all the alloys tested. With almost 180 MPa, the MRI230D has a significantly higher yield strength, but does not show much further strain hardening up to a tensile strength of 220.9 MPa and moderate ductility. The three DieMag alloys show an increasing strength with increasing content of alloying elements. DieMag422 has similar properties to MRI230D, but DieMag633 which has a yield strength of more than 200 MPa exhibits excellent properties, but at the expense of ductility.


Table 3. Tensile properties at RT and 150°C.
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At 150°C, AE42 again shows the lowest strength, followed by the two AE44 alloys. The MRI230D is significantly better with a yield strength of 140.2 MPa and a ductility of 6.3%. Again, DieMag422 is in the range of MRI230D and slightly exceeds it. With a yield strength of 160 MPa and a tensile strength of almost 200 MPa, DieMag633 shows the best properties, again at the expense of ductility of only 3.2%.



Compressive Creep

Creep curves of compressive creep tests at 200°C and 60, 70, 80, 90, and 100 MPa are shown in Figures 1A–E. Figures 1F–J shows the creep rates from Figures 1A–E, the creep strain curves. All figures show that the AE42 always has the fastest deformation rate and thus the worst creep properties. The slowest deformation is shown by the AE44-4 at low stresses and the DieMag633 at higher stresses.


[image: Figure 1]
FIGURE 1. Creep strain curves (A–E) and creep rate curves (F–J) of creep tests at 200°C and 60–100 MPa applied stress.


Equation (1) describes the dependence of the minimum creep rate on the temperature (473.15 K), and the applied stress (60–100 MPa).

[image: image]

In Equation (1), A is a material dependent constant, b is the Burgers vector, G is the shear modulus, k is the Boltzmann constant, and D is the diffusion coefficient for which Equation (2) applies.

[image: image]

In Equation (2), D0 is the frequency factor, QC is the true activation energy for creep, and R is the gas constant. From the curves in Figures 1F–J, the minimum creep rates [image: image]are extracted and plotted according to the Norton-Arrhenius Equation (1) as plots of the minimum creep rate over the applied stress σ at constant temperature T (Figure 2A). It is clear that the AE42 together with the AE44-2 has the worst creep resistance at 200°C. They are followed by DieMag211, MRI230D, and DieMag422, which show lower minimum creep rates in this temperature range. The lowest values of the minimum creep rate and thus the best creep resistance at 200°C at the lower stresses of 60, 70, and 80 MPa was found to be for AE44-4 and at the higher stresses of 90 and 100 MPa was DieMag633.


[image: Figure 2]
FIGURE 2. Minimum creep rate over (A) stress applied during creep tests at 200°C and (B) true stress calculated with concept of threshold stresses at 200°C.


The stress exponents are between 8 and 15 (Table 4). They appear very high according to the values expected to correlate with the rate-determining deformation mechanisms, but such high values are often reported in metal matrix composites or particle- or precipitate-strengthened alloys (Park et al., 1990; Pandey et al., 1992; Gonzalez-Doncel and Sherby, 1993). A stress exponent of n = 1 represents diffusion-controlled creep (Harper and Dorn, 1957; Ardell and Lee, 1986), n = 3 represents viscous gliding of dislocations (Weertman, 1957a; Sherby and Burke, 1968; Mohamed and Langdon, 1974; Mohamed et al., 1992), n = 5 represents dislocation climbing at higher temperatures (Weertman, 1957b; Sherby and Burke, 1968; Mohamed et al., 1992) and n = 7 represents dislocation climbing at lower temperatures (Robinson and Sherby, 1969). For these particle- or precipitation-strengthened materials, a threshold stress σthr was defined, which describes the minimum stress at which creep deformation still occurs at a certain temperature. While the existence of this threshold stress is unquestioned in literature, there are various mechanistic explanations for its origin. A common explanation of the threshold stress σthr is the existence of an additional stress needed to bend dislocations between the obstacles, the Orowan stress (Orowan, 1954). Another explanation is to associate the threshold stress with the stress needed to disconnect a dislocation from an obstacle (Arzt and Wilkinson, 1986; Arzt and Rösler, 1988). An additional back-stress for climbing over an obstacle is also considered to be the origin of the threshold stress (Arzt and Ashby, 1982).


Table 4. Stress exponent n, threshold stress σthr, and true stress exponent nt from compressive creep tests at 200°C.
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This threshold stress can be determined by extrapolating the double-logarithmic plot of minimum creep rate over applied stress (Figure 2A). According to a method described by Li and Langdon (1997), the stress is extrapolated to a creep rate of 10−10 s−1, which corresponds almost to a zero deformation (1% deformation in 3 years) and represents approximately the lowest deformation that can be measured in creep tests. This value is the threshold stress σthr listed in Table 4 for all alloys. With the introduction of the threshold stress, Equation (1) changes to that shown in (3):

[image: image]

If the true stress exponents nt are calculated, as shown in Figure 2B, values between 3.1 and 7.4 are obtained, which is consistent with the rate determining deformation mechanisms during creep deformation. True stress exponents are listed in Table 4, as well. A stress exponent of 3.1 for the AE44-4 shows that dislocation gliding is the rate determining deformation mechanism for creep deformation at 200°C. Higher values, as seen in DieMag alloys and the MRI230D, indicate a transition to a higher proportion of dislocation climbing in combination with dislocation glide as the deformation mechanism. For the AE42 and AE44-2, with a stress exponent of 6.1 and 7.4, only dislocation climbing can be determined as the rate determining deformation mechanism.



Microstructure Analysis

The microstructures of the seven die cast alloys are shown in Figure 3. The optical micrographs in Figure 3 are representative of the grain morphology of each alloy. The average grain sizes are shown in Table 2.


[image: Figure 3]
Figure 3. (A–G) Micrographs of as-cast AE42, AE44-2, AE44-4, MRI230D, DieMag211, DieMag422, and DieMag633.


A more detailed view of the microstructure of the newly developed DieMag alloys and those of the AE and MRI alloys under investigation is presented in Figures 4A–D. The variations of the AE alloys (Figures 4A–C) all have relatively similar microstructural morphologies, a lamellar eutectic at grain boundaries and a sporadically distributed (near grain boundaries) irregularly shaped intermetallic phase. Powell et al. (2002) showed that the intermetallic phase in the eutectic was Al11RE3 and the irregularly shaped phase was Al2RE. Zhu et al. (2012) confirmed that the 2 intermetallic phases present in the AE44 alloys were also Al11RE3 and Al2RE.


[image: Figure 4]
Figure 4. (A–G) SEM BSE micrographs of as-cast AE42, AE44-2, AE44-4, MRI230D, DieMag211, DieMag422, and DieMag633.


MRI230D (Figure 4D) has a continuous intermetallic phase and a brighter (as viewed via BSE on SEM) intermetallic phase and irregularly shaped phase present at grain boundaries. The two intermetallic phases present in MRI230D have been shown to be (Mg,Al)2Ca and CaMgSn (Zhu et al., 2015). The (Mg,Al)2Ca phase, which was shown to also have, in part, a lamellar-like appearance by Luo et al. (2002), corresponds to the continuous phase in MRI230D. The brighter irregularly shaped phase was shown to be that of CaMgSn (Zhu et al., 2015).

Figures 4E–G shows a relatively consistent morphology between DieMag211, DieMag422, and DieMag633, with exception to grain size in DieMag633. For each DieMag alloy, EDXS measurements were obtained from the intermetallic phases present. Representative EDXS measurements of each phase in the three DieMag alloys are given in Table 5. From these measurements it can be verified that the lamellar phase has little to no Ba, which correlates to the Al2Ca phase and the white blocky continuous phase has a significant concentration of Ba, which indicates it is the Mg21Al3Ba2 phase. These results match the investigation by Dieringa et al. (2013), which showed that DieMag422 contained two distinct intermetallic phases, a bulk intermetallic phase with Al2Ca and a lamellar intermetallic phase with Mg21Al3Ba2.


Table 5. EDXS point measurements (wt.%) of Al2Ca or Mg21Al3Ba2 intermetallic phases in DieMag alloys.
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CONCLUSIONS

The aluminum-containing, creep-resistant magnesium alloys were successfully produced by high-pressure die casting. None of the alloys showed any noticeable burning. Compressive creep tests at 200°C, metallography, density measurements and tensile tests at RT and 150°C were carried out on the samples in as-cast condition. The following results were obtained:

- The density measurements can be seen as a measure for the die-castability of a magnesium alloy. DieMag211 and DieMag633 have the lowest porosities with only 1.8 and 1.5%, respectively.

- The alloys with the best creep resistance, displaying the lowest minimum creep rate values at 200°C, in combination with low stresses of 60, 70, and 80 MPa was AE44-4 and in combination with the higher stresses of 90 and 100 MPa was DieMag633.

- The mechanical properties at room temperature show varying results. With nearly 180 MPa, the commercial MRI230D had approximately the same yield strength as DieMag422, although its tensile strength is slightly lower. DieMag633 had the highest yield strength at over 200 MPa, and also the highest tensile strength. However, this is at the expense of ductility. It was remarkable to find DieMag633 had a significantly higher yield strength compared to an aluminum alloy A380, which is also used for engine components in automotive engineering. Their yield strength was approximately 165 MPa with a ductility of 3% (Bronfin et al., 2008).

- The mechanical properties at 150°C showed a similar trend. The MRI230D and DieMag422 showed comparably good properties and were only exceeded by DieMag633 with a yield strength and a tensile strength of 160 MPa and ~200 MPa, respectively. The yield strength was again above that of an aluminum alloy A380, which is approximately 150 MPa (Bronfin et al., 2008).

- Microstructure as well as phase analysis of the creep-resistant magnesium alloys revealed the various intermetallic phases in the high-pressure die cast structure, which were also present in casting processes with lower cooling rates. They help to improve the creep resistance of the alloys by preferentially forming during solidification and thus avoiding the formation of the thermally unstable Mg17Al12, which has been shown to be detrimental to elevated temperature creep resistance.
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We have investigated short-range order (SRO) clusters of solute atoms in a Mg97Zn1Gd2 alloy which forms a long-period stacking/order (LPSO) phase, based on aberration-corrected scanning transmission electron microscopy (STEM) observations and first-principles calculations. High-angle annular dark-field (HAADF) STEM provides directly the individual Gd atom positions through significant atomic-number dependent Z-contrast, and their averaged image-processing have immediately shown up the representative SRO-Gd configurations being in favor of the second-nearest networks in the hcp-Mg structure. Interestingly, Zn atoms seem to be essentially placed at the particular sites within the SRO-Gd configurations to form D019-like ZnGd3 clusters, a validity of which are verified by STEM image simulations and first-principles calculations. These D019-like ZnGd3 clusters in the hcp-Mg matrix are likely to be a precursor sub-structure to the L12-type Zn6Gd8 clusters that are embedded in the local fcc layers in the LPSO structure. In fact, we find that these D019-like ZnGd3 clusters seem to form a layered atmosphere prior to the LPSO formation, providing an important clue on how the LPSO phases nucleate and grow.

Keywords: Mg alloys, long-period stacking/order (LPSO) phase, solute clusters, scanning transmission electron microscopy, first-principles calculations


INTRODUCTION

Since Mg has the lowest density among practical metals, it is expected to use for transportation equipment such as aircraft and automobiles for improving their energy efficiency (Egami et al., under review). Owing to a low strength and a poor ductility of Mg, it is practically alloyed with a trace amount of additive elements. Rare earth elements (hereinafter denoted as RE) have been known as one of the effective alloying elements that significantly improve the mechanical properties of Mg alloys (Homma et al., 2009; Nie, 2012; Sandlöbes et al., 2014), which are originated from such as the texture weakening by solute segregations or the age hardening due to fine precipitations of the Mg-RE compounds. However, adding a large amount of RE impairs the lightness of Mg alloys, so many studies have been conducted on alloy designs with a limited amount of RE additions.

In recent years, Mg alloys with a small addition of RE and transition metals (TM) have attracted wide attentions because they exhibit excellent mechanical properties (Kawamura et al., 2001; Itoi et al., 2004; Yamasaki et al., 2005; Honma et al., 2007; Kawamura and Yamasaki, 2007; Hagihara et al., 2010). In these ternary alloys, various kinds of precipitates form depending on the additive elements and the heat-treatment conditions (Honma et al., 2005; Matsushita et al., 2016; Fujita et al., 2018; Gu et al., 2018; Koizumi et al., 2018). In particular, Mg-Zn-RE ternary alloys have been focused as one of the candidates for next-generation lightweight alloys, which indeed show excellent mechanical properties due to the presence of the long period stacking/order (LPSO) phase (Abe et al., 2002, 2011; Kawamura and Yamasaki, 2007; Zhu et al., 2010; Egusa and Abe, 2012; Kim and Kawamura, 2013; Saal and Wolverton, 2014; Egami and Abe, 2015; Yamashita et al., 2019) as a strengthening phase via kink deformation (Kawamura and Yamasaki, 2007; Homma et al., 2009; Shao et al., 2010; Egusa et al., 2013; Yamasaki et al., 2013; Xu et al., 2015; Garcés et al., 2018; Hagihara et al., 2019; Inamura, 2019). The LPSO structures consist of stacking order as well as chemical order with respect to the hexagonal close-packed (hcp) Mg structure. A distinctive structural-unit represented by Intrinsic-II type stacking faults (I2-SF) forms a local face-centered cubic (fcc) stacking environment, in which the additive Zn/RE elements are commonly distributed (Abe et al., 2002, 2011). The solute-enriched I2-SF (SESF: solute-enriched stacking fault) is a basic-unit of the LPSO phases, and the isolated SESFs can be distributed randomly in the hcp-Mg matrix (Yamasaki et al., 2007; Nie et al., 2008; Egami et al., under review). In addition, further analysis on the LPSO structure showed that Zn and RE are ordered to form the L12-type cluster embedded within the fcc-SESF (Yokobayashi et al., 2011; Egusa and Abe, 2012; Ma et al., 2013; Saal and Wolverton, 2014; Okuda et al., 2015; Hosokawa et al., 2018; Nishioka et al., 2018), which indeed plays an important role for increasing thermodynamic stability of the SESF (Egami et al., under review).

It is known that these Mg-Zn-RE systems are classified into Type I (RE = Y, Dy, Ho, Er, Tm) and Type II (RE = Gd, Tb) according to formation of the LPSO phase during solidifications or aging processes (Kawamura and Yamasaki, 2007). Mg-Zn-Gd alloys, classified into Type II, precipitate the LPSO phase during an isothermal annealing, whose behaviors were experimentally summarized as a time-temperature-transformation (TTT) diagram (Yamasaki et al., 2007). Solute-enriched platelet zones (Guinier-Preston like zone) are formed at relatively low temperatures (< ~500 K) (Nishijima et al., 2008; Saito et al., 2011; Koizumi et al., 2018). On the other hand, the LPSO phase and SESFs are formed in the α-Mg matrix at relatively high temperature (Jono et al., 2013; Gröbner et al., 2015). It should be noted here that Zn is essential for the formation of these various precipitates/zones, which have never been available for the Mg-Gd binary alloys (He et al., 2006; Nishijima and Hiraga, 2007).

Clustering of solute elements and the introduction of the I2-SF are essential events for formation of the LPSO structure. Recent studies have suggested two possible formation processes of the LPSO structures; one driven by the introduction of the I2-SF, and the other driven by spinodal-like phase separation which involves clustering of solute atoms (Yamamoto et al., 2013; Umebayashi et al., 2014; Okuda et al., 2015, 2017; Egami et al., under review). Okuda et al. investigated precipitation processes of the LPSO phase from the amorphous Mg-Zn-RE alloys in the quenched ribbon sample by in-situ synchrotron X-ray observations (Okuda et al., 2017). They reported that there is a short-range order (SRO) of solute element at the initial stage of the LPSO phase formation, whose sizes are corresponding to about a solute dimer in the amorphous state, and they grow in the crystalline hcp-Mg state. Photoemission spectroscopy investigations also supported formation of the solute SRO clusters at the initial stage of the LPSO phase formation, suggesting that the SRO is a precursor phenomenon to form the L12-type clusters (Hosokawa et al., 2018). Such precursor phenomenon significantly affects on the thermodynamics of the LPSO phase formation; however, the detailed structures and spatial distributions of such SRO clusters are not clarified yet. In the present study, we investigate the precursor SRO clusters in the hcp-matrix of a Mg-Zn-Gd alloy based on direct observations using advanced electron microscopy, and discuss their detailed structures and spatial distributions in terms of the LPSO phase formation.



MATERIALS AND METHODS

A nominal composition of the alloy used in the present study was Mg97Zn1Gd2 (at. %). Master alloy ingots were prepared by high frequency induction melting of pure metals in an argon atmosphere. In order to control ordering and distributions of the SESF, the alloy ingots were solution treated at 793 K for 2 h, followed by water quench, and then annealed at 573 K for 10 h (Yamasaki et al., 2007). All the heat treatments were performed using a Pyrex tube in an argon atmosphere after evacuation to pressures lower than 3 × 10−3 Pa. Microstructures of the samples were observed by scanning electron microscopy (SEM, JEM-7900F) using backscattering electron (BSE) detector at the accelerating voltage of 15 kV. For atomic-resolution high-angle annular dark-field (HAADF)-scanning transmission electron microscopy (STEM) observations, we used an aberration-corrected 200 kV STEM (JEM-ARM200F) that provides a minimum probe of ~0.8 Å with a convergence semi-angle of 22 mrad. For HAADF imaging, the annular detector was set to collect the electrons scattered at angles higher than 90 mrad, which is sufficiently high to reveal a chemical sensitive Z-contrast. Thin foils for STEM observations were prepared by standard Ar-ion milling. Image simulations were carried out using the xHREM software based on the fast-Fourier-transform multi-slice algorithm (Ishizuka, 2002). First-principles calculations were performed to evaluate formation energies of the hcp-Mg crystals containing solute atoms. The super cell size for calculations was 5 × 5 × 4 with respect to the primitive hcp-Mg structure, containing 200 atoms. Structural optimizations were performed by using the Vienna Ab initio Simulation Package (VASP) code within the framework of density-functional theory (Kresse and Furthmüller, 1996), based on generalized gradient approximation (Perdew et al., 1992), and ultrasoft scalar relativistic pseudo-potentials (detailed conditions for calculations are described in the Figure 4 captions).



RESULTS

Figure 1a shows a SEM-BSE image obtained from a heat-treated Mg97Zn1Gd2 alloy. Bright-contrast regions in the image correspond to the (Mg,Zn)3Gd compound and the LPSO phase, as denoted in the image. The (Mg,Zn)3Gd compound does not fully dissolve and remains even after the solution-treatment (Jono et al., 2013). The (Mg,Zn)3Gd compounds are surrounded by the LPSO phases, suggesting that the LPSO phase has formed from the Zn/Gd-rich compound during the heat-treatment. In addition, a large number of thin bright lines in the α-Mg matrix can be seen clearly, which correspond to the SESF and/or very fine platelet LPSO precipitates. Figure 1b shows a HAADF-STEM image obtained around the (Mg,Zn)3Gd compound and the LPSO phase. The LPSO phase is continuously formed from the (Mg,Zn)3Gd compound, and the SESFs are grown from the edge of the LPSO phase, as clearly seen in Figure 1c. We below investigate details of solute arrangements in the α-Mg matrix.
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FIGURE 1. (a) SEM-BSE image taken from a heat-treated Mg97Zn1Gd2 alloy. (b,c) HAADF-STEM images of the multiple-phase coexisting regions of the (Mg,Zn)3Gd compound, the LPSO phase and the α-Mg phase with essential SESFs. (d,e) Atomic-resolution HAADF-STEM images of the 14H-type LPSO phase and the α-Mg matrix along the [1010]hcp directions, respectively. c* denotes the c-axis of the matrix crystals. Blue and green dotted rectangles in (e) correspond to the enlarged areas shown in Figures 3a, 7a, respectively. (f) EDP and (g) PS calculated from the LPSO phase images of (d), and (h,i) represent those for the α-Mg matrix image of (e) in the same manner, respectively. The indices of the major reflections in EDPs and PSs are given based on the hcp-Mg structure.


Figures 1d,e show HAADF-STEM images of the 14H-type LPSO phase and the α-Mg matrix, taken along the [1010]hcp directions. The corresponding electron diffraction patterns (EDP) and the power spectra (PS) of the images of Figures 1d,e are shown in Figures 1f–i, respectively. HAADF imaging provides a significant atomic-number dependent contrast, so that bright dots in the images represent the Zn and/or Gd enriched atomic columns. White arrowheads in the LPSO structure image of Figure 1d indicate characteristic bright-dot configurations representing the L12-type Zn6Gd8 clusters, which are successfully imaged in the [1010]hcp projection. The L12- Zn6Gd8 clusters can be arrayed in an ordered manner within the SESF (i.e., in-plane order) due to inter-cluster interactions (Kimizuka et al., 2014; Yamasaki et al., 2014; Yamashita et al., 2019). For the present LPSO phase, the number of weak peaks between 0000 and 1210 reflections in the EDP (Figure 1f) indicates 6 × (1210) order in average. In addition, note that weak diffuse peak appears in the corresponding PS (Figure 1g) as indicated by the arrowhead, representing the Zn/Gd SRO due to presence of the L12-type clusters. The diffuse peak is not obvious in the EDP but significantly enhanced in the PS, since the latter has been reconstructed from the HAADF image whose information is highly weighted to heavy-atom configurations (i.e., highly sensitive to the SRO structures composed of heavy atoms).

By looking the image of Figure 1e, there also appears the characteristic L12-type SRO contrast within the SESF such as indicated by arrowheads, suggesting the L12-type cluster formation even in the isolated SESF (Egami et al., under review). Note that there are no significant peaks between 0000 and 1210 in the DP (Figure 1h), but there indeed appears a diffuse peak in the PS (Figure 1i), as indicated by the arrowhead. This is again due to a significant atomic-number weighted Z-contrast of the HAADF imaging, which is able to enhance largely the hidden heavy-atom structures if any. Therefore, the solute SRO cluster formation can be highly anticipated within the α-Mg matrix, details of which will be discussed later.

In order to clarify the solute SRO structures, we first attempt simulations on how the single Zn/Gd atoms in the α-Mg matrix are imaged by an aberration-corrected HAADF-STEM. Figure 2A shows simulated HAADF-intensity profiles constructed by varying a depth position of the single solute atom in the atomic column, as schematically drawn in Figure 2B. Simulations are performed for the hcp-Mg crystal projected along the [1010]hcp, and the specimen thickness is set to be 16.8 nm based on electron-energy-loss spectroscopy (EELS) log-ratio measurements (Malis et al., 1988). The image intensity is normalized with respect to that of the pure Mg atomic column. Both for the Zn and Gd atoms, the intensity profiles show the highest values when the solute atom is located at the depth of 2.7 nm from the surface, and the intensity becomes almost constant when the solute atoms are located beyond the depth of 8.9 nm. Figure 2C shows the focused electron-beam channeling behaviors propagated along the [1010]hcp direction in the hcp-Mg crystal. Due to dynamical diffraction effects with a wide convergence angle of the modern aberration-corrected STEM, the beam intensity exhibits a certain maximum at a few nanometers below the surface and oscillates along the propagating direction (Mittal and Mkhoyan, 2011). By comparing the intensity profiles (Figure 2A) and the beam propagations (Figure 2C), it immediately turns out that the column intensities show their maxima when the solute atoms are placed at the depth position relevant to the beam-flux maximum. Therefore, the column-intensity variations in the hcp-Mg matrix (e.g., see Figure 1d) are governed by the individual solute atoms placed at a certain depth range. Figure 2D shows the representative simulated images with the solute atoms placed at 0.5, 2.7, and 8.9 nm in depth positions, respectively, which correspond to those indicated by blue arrows in Figure 2A. Again, the column intensities are sufficiently strong when the solute atoms are located at the depth near the surface, and become hardly distinguishable when the solute atoms are at the deeper positions. Since the composition of the present hcp-Mg matrix is sufficiently dilute (Mg-0.3at.%Zn-0.8at.%Gd by SEM-EDS analysis), we assume that there is almost no plurality of solute atoms in the same atomic column for a thin specimen (~17.0 nm for the present case), leading that the column intensities higher than 1.8 are likely to represent the single Gd atoms in the hcp-Mg matrix (i.e., individual single Gd atoms placed at the depth up to 6.1 nm are detected in the experiment).
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FIGURE 2. (A) Simulated HAADF-intensity profiles of the Mg atomic columns containing single solute atom, showing solute depth-position dependent change; green and red profiles for Zn and Gd, respectively. The simulations are performed for the hcp-Mg crystal projected along [1010]hcp, the model of which is schematically drawn in (B), where the single Zn or Gd atom is placed at the left-middle column with a certain depth position. Simulation conditions are; spherical aberration coefficient Cs = 0 mm, specimen thickness = 16.8 nm, defocus = 0 nm, beam-convergent semi-angle α = 22 mrad. (C) Incident electron-beam propagation along the [1010]hcp direction of the hcp-Mg crystal, calculated with the above conditions. (D) Representative simulated HAADF images for the different solute Zn/Gd depth positions, each of which corresponds to the depth at those indicated by arrows in (A).


Figure 3a shows a HAADF-STEM image obtained from the α-Mg matrix at the position indicated by the dotted blue-rectangle in Figure 1e. Intensity variations at each of the columns in the image directly represent the distribution of individual solute atoms, as governed mostly by Gd atoms. Figure 3b shows an auto-correlation pattern constructed from Figure 3a, reflecting the spatial correlation of the bright dots in the STEM image. The strong spots indicated by white arrowheads suggest directly the SRO correlations by the solute atoms, corresponding to the second- and/or third-nearest neighbor atomic sites projected along [1210] direction. Note that there are some characteristic configurations of the bright dots, such as indicated by the dotted rectangles in Figure 3a (see the figure caption for the yellow/white representations). Figure 3c exemplifies the two typical configurations, denoted as “vertical” and “horizontal,” whose details will be discussed later. In order to evaluate the column-intensity distributions, we have extracted the intensity of the individual atomic columns and applied gaussian fitting. Figure 3d shows the intensity distribution measured from 3,149 atomic columns in the α-Mg matrix image. As demonstrated in Figure 2A, the normalized intensity of the Zn-containing column appears about 1.2 at the highest, suggesting that Zn distributions can hardly be distinguished solely by HAADF intensity. Therefore, the intensity distributions are supposed to be two groups, i.e., the most columns are with pure Mg and containing single Gd atom. The red and blue profiles in Figure 3d correspond to the gaussian-fitted results of the column intensity distributions, respectively. Based on the fitted result with the reasonably high R-square value of 0.987, the average intensity of the columns containing single Gd atom is estimated as 1.46 with respect to the pure Mg columns, the value of which fairly matches to the image simulations (Figure 2). According to the above analysis, the number of columns with the intensity higher than 1.8 turns out to be 349, which is about 11% for the total number of the measured atomic columns (3,149). The intensity level of 1.8 is relevant to the single Gd atom located up to the depth of 6.1 nm from the surface; i.e., single Gd atom per 10 Mg atoms can be roughly estimated based on the hcp-Mg crystal in the [1010]hcp projection (see Figure 2). Therefore, the solute Gd fraction in the α-Mg matrix is derived as being about 1.1at.% (11%/10), which is not largely deviated from the estimated matrix composition (0.8at.%Gd by SEM-EDS analysis) and hence support the validity of imaging individual Gd atoms.
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FIGURE 3. (a) Enlarged HAADF-STEM image of the blue-box region in Figure 1d. c* denotes the c-axis of the matrix hcp crystal. (b) Auto-correlation pattern obtained from the image of (a). (c) Representative local STEM images showing characteristic bright-dot arrangements, which are enlargements of those indicated by yellow dashed squares in (a), being with scale bars of 2 Å. By using yellow-square regions as the references, the similar contrast regions indicated by white dashed squares have been selected according to cross-correlation evaluations. Details are described in the text. (d) Intensity distributions of the atomic columns in the image of (a). Total number of the columns measured is 3,149. Blue and red lines represent gauss-fitting results; mean values, and standard deviations for each fitted-profile are 1.00 ± 0.23 and 1.46 ± 0.42, respectively.




DISCUSSION

Presence of the SRO clusters is directly indicated by STEM observations, as shown in Figure 3c. Here, we investigate possible SRO structures by comparing formation energies of various Gd atom arrangements using first-principles calculations. Figure 4A shows a model for placing two Gd atoms in the hcp-Mg structure. Position of the first Gd atom is fixed at the center of the polyhedron represented by orange planes, and the second Gd atom is placed at the positions denoted by capital letters from A to H. Figure 4B shows the calculated formation energies for the two Gd atom configurations. Energy base-line is set to the one calculated when the Gd atoms are sufficiently separated (apart more than 1 nm) and hence their interactions can be sufficiently negligible. The lowest formation energy is obtained when the second Gd atom is placed at the C site, whose configuration is inserted in Figure 4B. Two Gd and four Mg are located at the octahedral sites, and the Gd-Gd configuration corresponds to the second-nearest neighbor in the hcp-Mg structure. Note that the second-nearest neighbor RE arrangements represents a partial structure of a D019-type order, which is commonly observed in various Mg-RE compounds (Nie, 2012). We termed the pair of these Gd configurations as “dimer” hereafter. In fact, dimer RE configurations appear to be frequent in the observed STEM image (Figure 3); though, further extended SRO configurations, such as indicated in Figure 3c, turn out to be also prominent in the present alloy.
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FIGURE 4. First-principles calculations of the Gd (A,B) dimer and (C,D) trimer embedded in the hcp-Mg structure. Calculations were made with a hcp-base 5 × 5 × 4 supercell containing 200 atoms. Atom positions used for the second and the third Gd atoms are denoted by capital letters in (A,C), respectively. Calculated formation energies of the Gd (B) dimer and (D) trimer at the each position in (A,C), respectively. For the both cases, representative energy-minimized Gd configurations are inserted. For computations, the cut-off energy is chosen as 350 eV, with a 3 × 3 × 3 k-mesh. Calculations are performed by non-fixed conditions both for atomic positions and a unit-cell volume.


Figure 4C shows a model for placing triple Gd atoms in the hcp-Mg structure, in which two Gd atoms are already fixed at the stable dimer environments, and the third Gd is placed at the positions denoted from A to F. Figure 4D shows calculated formation energies of the models. The energy-base is also set when the Gd atoms are sufficiently separated (more than 1 nm) in the super cell. There are two positions that give local minima for the formation energy, D and F, whose Gd arrangements are inserted in Figure 4D. We termed these Gd configurations as “vertical trimer (TV)” and “horizontal trimer (TH)” for the models with the third Gd atom at the D and F sites, respectively (note that the “D” site already appears as an energetically favorable position during dimer considerations; namely, the simultaneous Gd atoms both at the C and D sites in Figure 4B provide the Tv configuration). For the both trimers, the third Gd atom to the dimer is placed at the second-nearest neighbor to the other Gd atoms. It should be noted here that the Gd configurations in TV and TH are relevant to the bright-dot arrangements those frequently observed in Figure 3a, as indicated by dashed squares denoted with V and H, respectively. Also, the bright-dot appearances in the auto-correlation pattern (Figure 3b) can be explained by these two types of the Gd trimer, TV and TH, supporting that these trimer configurations are representative solute-atom SRO clusters in the α-Mg matrix. For the present Mg-Zn-Gd ternary alloys, it is anticipated that the TV/TH SRO clusters intrinsically accompany the Zn atoms, and hence we further examine the possible Zn positions that are energetically favored within the Gd trimmers.

Figure 5A shows the models placing a single Zn atom within the Gd trimer structures (TV and TH), and the formation energies calculated for each of the Zn positions are summarized in Figure 5B. For the both TV and TH, the Zn at the A sites appear to be the lowest formation energies with a significant energy gain about 398 and 447 meV/cell, respectively. Note that the Zn at the A sites show the energy differences larger than 100 meV/cell even compared with the next energetically-favored B sites, indicating that the Zn atoms at the A sites significantly stabilize the TV/TH structures. Hereafter, we denote these TV/TH SRO configurations of Zn/Gd atoms as a D019-like ZnGd3 cluster. It should be noted that the atomic positions in the ZnGd3 cluster are relaxed from the ideal hcp-Mg structure; average Gd-Gd interatomic distances in the TV- and TH-ZnGd3 clusters are estimated to be 4.40 and 4.46 Å, respectively, which are smaller than the relevant distance of 4.50 Å in the ideal hcp-Mg structure. It is worth mentioning here that, for the LPSO phase, the Gd-Gd interatomic distance in the L12-type Zn6Gd8 cluster becomes 3.93 Å, being significantly shorter than that of the present ZnGd3 clusters. This is perhaps originated from the strong condensations between the Zn/Gd atoms, causing significant relaxations whose displacements are likely to depend on a total number of the constituent solute atoms in the clusters.
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FIGURE 5. (A) First-principles calculations of a single Zn atom effect for the Gd trimmers, TV, and TH, embedded in the hcp-Mg structure. Calculations were made with a hcp-base 5 × 5 × 4 supercell containing 200 atoms. Atom positions used for the Zn atoms are denoted by (left) black and (right) blue capital letters, respectively. (B) Calculated formation energies of the Zn-containing Gd trimmers, black and blue lines correspond to TV and TH, respectively. The capital letters represent the Zn positions in accordance with (A). The origin of the formation energy is set to the one when the Zn atom is placed sufficiently far from the Gd-timer centers in the super cell. Conditions for the computations are the same as those described in Figure 4.


The presence of the D019-like ZnGd3 clusters can be verified from the local intensity analysis of the HAADF-STEM images. Figure 6A shows the experimental and the simulated images of the TV-ZnGd3 SRO clusters. The experimental image is an averaged one that has been reconstructed by searching automatically the similar TV-SRO contrast regions over the image (Figure 3a), according to the cross-correlation evaluation of the local contrast variations; e.g., as shown in Figure 3a, given yellow-square regions as the references, the similar contrast regions of white dashed squares have been selected (template-matching, see for details the supplement in Egami and Abe, 2015). Note that the TV-SRO cluster has three variants and differently appear in the <1210> projections, and hence the extracted image of Figure 6A represents one of the variants. The image simulations are performed for the TV-Gd3 (Figure 4D) and the TV-ZnGd3 (Figure 5A), whose intensity profiles are taken across the X-Y direction of each image and compared with that of the corresponding experiment image, as shown in Figure 6B. It is evident that the TV-cluster with Zn provides significantly better fit to the observed intensity, confirming that the present TV-SRO clusters are essentially a ternary ZnGd3. We should also note that the slight peak-shift of the Gd position is also reproduced fairly well by the simulation with the Zn atom, as indicated by an arrowhead, supporting strongly the presence of the Zn atom that causes relaxation for the TV-Gd3 configurations and provides a considerable energy gain (Figure 5B). Figures 6C,D show a series of analysis for the TH-type SRO cluster, as being made along with the same manner for the TV-type SRO cluster described above. The experimental profiles are also reproduced significantly better by the simulation with the Zn-containing cluster, confirming that the TH-type SRO cluster also forms as a ternary ZnGd3.
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FIGURE 6. (A) Experimental and simulated STEM images of the TV-SRO cluster. The experimental image has been reconstructed by averaging over the 26 local images in Figure 1d, by automatically selecting the similar contrast regions according to the autocorrelation search. Image simulations are performed for the TV-SRO cluster with and without Zn atom, and the TV-SRO clusters are placed at the 4 nm in depth from the surface of the supercell. The conditions for simulations are the same as those described in Figure 2B. (B) Intensity profiles across X-Y in the dotted rectangles in the images in (A). (C) Experimental and simulated STEM images of the TH-SRO cluster. The 23 local images have been extracted and used for the reconstruction of the experimental image, and the averaging procedure and the simulation conditions are the same as those described in (A). (D) Intensity profiles across X-Y in the dotted rectangles in the images in (A).


Now that the SRO-ZnGd3 clusters appear to be a D019-like configuration, which prompts the notion about structural similarity with the L12-type Zn6Gd8 cluster in the LPSO phase. In the both clusters, Gd atoms are placed at the second-nearest neighbor in the original hcp-Mg sites or the local fcc environment sites in the intrinsic-II type stacking fault (Egusa and Abe, 2012), and Zn occupies the first-nearest neighbor to these Gd atoms. This similarity in local structures supports an idea that the D019-like ZnGd3 cluster can be a precursor to the L12-type SRO cluster. To complete the transformation, the D019-like ZnGd3 clusters more than two are necessary to aggregate to form the L12-type Zn6Gd8 cluster, and the process must accompany the local hcp-fcc stacking change. With this in mind, we here focus on the spatial distribution of the ZnGd3 clusters in the α-Mg matrix. Figure 7a shows an enlarged HAADF-STEM image of Figure 1d (green-rectangle region), where the single SESF is formed in the α-Mg matrix. A large number of bright spots clearly show up in the image, some of which indeed represent the ZnGd3 clusters as described before. By carefully looking at the image, the bright spots seem to not distribute uniformly but form weak layered atmosphere. By tracing the entire intensity profile along the c-axis, as shown in Figure 7b, weak local maxima indeed appear at the positions indicated by arrowheads. Interestingly, these positions are at the distance from 7 or 14 atomic layers from the SESF, whose modulation length is equivalent to the c-axis correlation of the 14H-LPSO structure. As confirmed by the STEM image of the relevant region taken along the [1210] direction (Figure 7c), there is no change in the stacking sequences except for the single SESF. Therefore, the observed intensity modulations imply that the D019-like ZnGd3 clusters form a layered solute atmosphere in the hcp-Mg matrix around the SESF, being prior to the introduction of stacking faults into the hcp-Mg matrix (similar phenomena was also reported for the Mg-Al-Gd system; Kishida et al., 2013). It should be noted here that the layered-atmosphere modulation across the c-axis is extended longer than a nanometer-scale, which may require long-range solute interactions significantly longer than those for the short-range clusters. At present, it is difficult to clarify the origin of such long-range correlations based on first-principle calculations with a limited number of solute atoms. The origin might be interpreted by solute interactions with the multiple L12-type clusters embedded within the SESF, the details of which will be described elsewhere.


[image: Figure 7]
FIGURE 7. (a) Atomic-resolution HAADF-STEM image of the α-Mg matrix with a single SESF, taken along the [1010]hcp direction. c* denotes the c-axis of the hcp crystal. A part of the 14H-type LPSO structure image is inserted for comparison, where the ordered arrays of the SESF are seen clearly. (b) Intensity profile of the entire image of (a) along the c-axis direction, in which weak intensity maxima are indicated by arrowheads. (c) HAADF-STEM image of the α-Mg matrix with a single SESF, taken along the [1210]hcp direction. Stacking sequences are unambiguously identified, as shown by the schematic model inserted.




CONCLUSION

In the present study, we have investigated the possible SRO clusters of solute Zn and Gd atoms formed in the annealed Mg97Zn1Gd2 alloy, based on aberration-corrected HAADF-STEM observations. The SRO structures have been successfully determined with the aid of STEM image simulations and first-principles calculations. The main results are summarized as follows.


1. HAADF-STEM imaging has confirmed presence of the solute-atom SRO clusters in the α-Mg phase as well as the LPSO phase. Quantitative image analyses with the aid of simulations show that the observed intensity variations indeed reflect single Gd atom distributions. Characteristic SRO-related contrasts have been directly extracted from the image, emerging characteristic SRO configurations composed of three Gd atoms; vertical and horizontal trimers.

2. First-principles calculations have shown that the energetically-favored SRO configurations are the two types Gd trimer, which are represented as TV- and TH-SRO clusters and in good accordance with the STEM observations. Comprehensive investigations on possible Zn sites within the Gd-trimer clusters have shown that the Zn atoms are essentially involved both in the TV- and TH-SRO Gd clusters; D019-like ZnGd3 clusters have emerged as significantly energy-stabilized configurations.

3. It has been found that the D019-like ZnGd3 clusters seem to form weak layered-atmosphere around the isolated SESF. This may imply that, during the transformation from the hcp-Mg to the LPSO structure, the composition modulations along the c-axis take place prior to the introduction of the I2-SFs.
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Deformation behavior of two Mg–Zn–Y magnesium alloys, having a different fraction of the long-period-stacking-ordered (LPSO) phase, has been investigated at room temperature and 200°C by a combination of in-situ neutron diffraction (ND) and acoustic emission (AE) measurements. The results indicate that the twinning in the magnesium matrix and the kinking in the LPSO phase strongly depend on the composition of the material and the testing temperature. Further, active deformation mechanisms and particularly the load transfer from the magnesium matrix to the LPSO phase define the mechanical properties of the investigated alloys.

Keywords: twinning, kinking, neutron diffraction, acoustic emission, LPSO phase


INTRODUCTION

Wrought magnesium (Mg) alloys belong to the most promising lightweight materials in the transportation industry. However, there are many technological challenges, including tension-compression asymmetry in yielding and low formability at ambient temperature, which have to be solved for further expansion of Mg alloys usage. The rapid degradation of the mechanical properties with increasing temperature also significantly limits the application field. These issues have been addressed recently by developing Mg alloys with long-period-stacking-ordered (LPSO) phase, which is a periodic arrangement of close-packed atomic layers enriched by rear-earth elements and transition metals in the Mg lattice (Abe et al., 2011; Egusa and Abe, 2012). The presence of the LPSO phase significantly alters the deformation behavior of the material. Consequently, this class of alloys exhibits exceptional mechanical performance at room and high-temperature tests comparing to the commercial wrought Mg alloys (Inoue et al., 2001; Kawamura et al., 2001, 2006; Yamasaki et al., 2011). Owing to their higher Young modulus, the LPSO phase can bear the majority of the applied stress. Thus, the Mg-LPSO alloys behave like short-fiber-reinforced composites. Besides the dislocation slip and twinning, additional deformation mechanism, called kinking (sharp bending of the LPSO phase) is activated during the plastic deformation. All of them significantly depends both on materials parameters (volume fraction and orientation of the LPSO phase, the grain size of Mg matrix) and experimental conditions (loading direction, temperature etc.). There are numerous works investigating deformation mechanisms of such alloys at room temperature (e.g., Kishida et al., 2014; Garcés et al., 2018). Nevertheless, an in-depth understanding of deformation mechanisms (dislocation slip, kinking, and twinning) in Mg-LPSO based alloys as a function of temperature and volume fraction of the LPSO phase is still essential.

In this work, the microstructure evolution as a result of deformation behavior during uniaxial compression of two extruded Mg–Zn–Y alloy was investigated as a function of amount of the LPSO phase and the testing temperature. The neutron diffraction (ND) and concurrently recorded acoustic emission (AE) response were used to obtain detail information about active deformation mechanism in the alloys. The novelty of this work consists in comprehensive characterization of the activity of deformation twinning, kinking, and dislocation slip by a blend of in-situ methods. According to our current knowledge, this is the first ND study in the literature provided at elevated temperature on Mg-LPSO alloy. The results of the in-situ tests are completed by microstructure observation by light and scanning electron microscopy, particularly electron-backscatter diffraction (EBSD).



EXPERIMENTAL

Mg-3 at.% Y−1.5 at.% Zn and Mg-7 at.% Y−6 at.% Zn alloys extruded at 350°C with extrusion ratio 1:10 and ram speed of 2.5 mm/s were investigated. The volume fractions of the LPSO phase in the investigated materials are 32% (Mg-3 at.% Y−1.5 at.% Zn) and 85% (Mg-7 at.% Y−6 at.% Zn), hereafter referred as S32 and S85 alloys, respectively. Both, the initial and deformed microstructures were examined by confocal light (Lasertec C-130) and scanning electron microscopes (SEM, JEOL, and JSM-7001F) equipped with EDAX/TSL EBSD system. The specimens for the light microscopy observation were prepared by grinding and polishing down to 0.25 μm diamond paste, followed by etching in picric acid for a few seconds. For EBSD measurements the final step of the preparation specimens after polishing using 0.25 μm diamond paste was ion-milling (JEOL Cross Section Polisher SM-09010). For compression deformation tests, cylindrical specimens with a gauge length of 16 mm and diameter of 8 mm were machined along extrusion direction (ED). Loading was performed at a constant strain rate of 0.1 mm/min at room temperature (RT) and 200°C. The compression direction was parallel to ED and deformation test was terminated around 12% of strain in order to maintain the specimen's integrity. ND experiments were performed in-situ during compression using the engineering neutron diffractometer TAKUMI at Japan Proton Accelerator Research Complex (J-PARC). The specimens were fixed horizontally to a deformation rig with its axial direction at +45° to the incident neutron beam, and two detector banks are used to collect the diffracted neutron patterns at +90° and −90° relative to the incident beam, respectively. Concurrently, the AE activity was monitored by a MICRO-II AE system (Physical Acoustics Corporation) in hit-based mode, where the threshold level was set as 32 dB. A preamplifier of 60 dB and sensors: a piezoelectric PICO S/N 7549 and a S9215 high temperature sensor for room and elevated temperature tests, respectively, were used.



RESULTS AND DISCUSSION


Initial Microstructure

The initial optical micrographs of the S32 and S85 alloys are presented in Figure 1. In both alloys the extrusion process resulted in an elongated microstructure: some non-recrystallized grains in S32 alloy and LPSO laths in both alloys are oriented parallel to ED. Nevertheless, LPSO laths are wavy and, in some cases, do not follow perfectly ED. Moreover, in the S85 alloy due to higher alloying content, i.e., higher volume fraction of a LPSO phase, LPSO laths are naturally larger comparing to one in the S32 alloy. Figure 2 presents EBSD maps for S32 and S85 alloys, including Kernel Average Misorientation (KAM) maps for entire scan area and separated orientation maps for the α-Mg and LPSO phase together with calculated texture for each fraction. The black areas in the particular maps correspond to the other phase or unclear identification of the phase by software. The KAM maps indicate high internal strain (green color) in the LPSO laths and large non-recrystallized grains (e.g., marked by the white circle in Figure 2A), while the majority of α-Mg grains are characterized by low values of KAM (blue color). Therefore, it can be concluded that α-Mg grains in both alloys are mainly recrystallized one.


[image: Figure 1]
FIGURE 1. The initial microstructure of the S32 (A) and S85 (B) alloys obtained by confocal light microscope along and perpendicular to ED.



[image: Figure 2]
FIGURE 2. EBSD maps for the S32 (A) and S85 (B) alloy in the as-extruded state: KAM analysis for entire map; separated orientation maps for the α-Mg and LPSO phase together with calculated texture for each fraction.


In general, both alloys are characterized by prismatic fiber texture, having basal planes oriented parallel to ED. From Figure 2A it can be seen that α-Mg grains in S32 alloy are characterized by weak texture with a distribution of intensities along the arc between the <10.0> and <11.0> poles with maximum intensity at (10.0) pole. In the case of S85 alloy, amount of α-Mg phase is dramatically reduced comparing with the S32 alloy. Therefore, presented orientation map for α-Mg grains (Figure 2B) has a rather informative character due to relatively small scan area caused by the small grain size of those grains in contrast to LPSO laths in this material. Nevertheless, those grains are characterized by rather random orientation similar to α-Mg grains in S32 alloy. The LPSO phase in both alloys is characterized by their prismatic {10.0} plane oriented perpendicular to the ED. Therefore, it can be seen that the major texture components for each phase are comparable for both investigated alloys. Thus, the effect of texture on mechanical properties in the present study is strongly linked to the volume fraction of the respective phase.



Deformation Test

The strong influence of the LPSO content and temperature on mechanical properties is obvious from Figure 3. At room temperature, the yield strength (YS) of S85 specimen is more than 30% larger (525 vs. 357 MPa) than that for S32 alloy. However, the character of the deformation curve is different. The S32 specimen exhibits an S-shape curve, characteristic for wrought alloys deformed in compression along ED, when the moderate hardening region (plateau) after the yield point is followed by a secondary hardening stage. At 200°C the value of YS decreases for both alloys (S32−305 MPa, S85−420 MPa), but the degradation of mechanical properties is moderate (10 and 15%, respectively). In both materials softening occurs above 6% of strain.


[image: Figure 3]
FIGURE 3. True stress—true strain curves for S32 and S85 alloys tested in compression at room temperature and 200°C.




Microstructure After Deformation

The microstructure of the S32 and S85 alloys after deformation at RT and 200°C is presented in Figure 4. In the S32 alloy after RT deformation non-recrystallized grains are highly twinned (Figure 4A). The S32 alloy contains low fraction of LPSO phase, which has wavy, prolonged shape owing to the extrusion process. The kinking at room temperature in S32 alloy is less developed, and it appears mostly in form of bended LPSO laths (cf. Figure 14 in Garcés et al., 2018). This can be hardly distinguished from the initial wavy form of the LPSO phase in the presented optical micrographs. In contrast, deformation of the S85 alloy at RT is characterized by significant kinking (Figure 4B). At higher testing temperature (at 200°C) kinking has been clearly observed also in the S32 alloy (detailed SEM image in Figure 4C). Moreover, with increasing deformation temperature, besides twinning and kinking, traces of the recrystallization process is observed (Figures 4C,D). Figure 4D includes a detailed EBSD map of the S85 alloys after deformation at 200°C showing small grains with low values of KAM, i.e., the DRX phenomenon for this alloy.


[image: Figure 4]
FIGURE 4. Microstructure of the S32 (A,C) and the S85 (B,D) specimen obtained by confocal light microscope and SEM along ED after deformation at RT and 200°C, respectively. White arrows indicate kinking, white circle—recrystallization. (C) Includes detailed SEM image of kinking observed in the S32 alloy after deformation at 200°C. (D) Includes EBSD map with KAM analysis of recrystallized grains observed in the S85 alloy after deformation at 200°C.




Acoustic Emission Testing

The acoustic emission was measured in the hit-based regime, when the raw acoustic emission signal was parametrized using a pre-set threshold level (30 dB) and hit definition time (800 μs). The evolution of the count rate (number of crossing the threshold level by signal per second) with time is plotted for the particular specimens and testing temperatures in Figure 5. The AE response follows the characteristic behavior in Mg alloys. Already in the elastic regime there is a steep increment of the AE signal and after reaching the YS, a significant drop of AE is observed. Closer analysis of the AE signal shows that it consists of large amplitude burst-type events. The “LPSO specific” feature is that the maximum of the AE count is reached far below the macroscopic yield. This behavior is characteristic for both investigated alloys and tested temperatures. It is obvious, that during RT loading maximum of AE count rate is higher for S32 alloy than that for S85 alloy. At 200°C the AE signal is weaker but the overall character of its behavior remains for both alloys.


[image: Figure 5]
FIGURE 5. The evolution of the AE count rate with time during compression loading of the S32 and S85 alloys at RT (A,B) and at 200°C (C,D, respectively).




Neutron Diffraction Measurements

The results of the ND experiments are presented in Figure 6, where for a particular specimen and temperature the stress-strain curves, stress dependence of lattice strains both for LPSO and α-Mg phases are shown in one plot. Additionally, relative intensity changes for {10.0} Mg and {01.8} LPSO peaks are shown. The reason for the selection of these peaks is given by the relationship of (00.2)-{10.0} peak pairs with twinning in α-Mg phase (Gharghouri et al., 1999) and high intensity (i.e., good statistics) and no overlapping of {10.8} LPSO peak with other Mg peaks. In S32 specimen at RT both the Mg and LPSO phase follows the line of the ideal elastic response up to 300 MPa. Above this level, a microplasticity can be observed in Mg phase, connected most probably with the onset of the extension twinning and basal slip. At 360 MPa significant relaxation of the lattice strain in Mg phase takes place. At the same time, the intensity of the {10.0} Mg peak sharply decreases, which is a clear sign of the massive twin growth. The stress dependence of the lattice strain on the LPSO planes indicates that the majority of the applied stress is bear by the LPSO phase. The behavior of the S85 specimen at RT is quite different (Figure 6B). Above 200 MPa the LPSO phase exhibit plastic behavior, whereas the lattice strain evaluation of Mg phase is linear up to 480 MPa. In line with these findings, the intensity of the {01.8} LPSO peak decreases above 200 MPa, which can be associated with the onset of the kinking process. At the same time, the change of relative intensity for {10.0} peak is minimal comparing to that for S32 alloy and goes along with changes of intensity of the {01.8} LPSO peak. Therefore, the decrease of the relative intensity of {10.0} Mg peak in S85 alloy can be associated with kinking rather than with twinning. It is obvious, that the intensity change caused by kinking is less sharp than that due to twinning. This is given by the gradual rotation of the lattice during the kinking in contrast to the 86.3° lattice re-orientation during extension twinning.
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FIGURE 6. Macroscopic stress-strain curves, the axial lattice strains as a function of the applied stress and evolution of the intensity of the major diffracted peaks of the α-Mg and LPSO phase during compression loading of the S32 and S85 alloy at RT (A,B) and at 200°C (C,D, respectively).


At 200°C in S32 specimen the (micro)plasticity starts already below 100 MPa (Figure 6C), which is in good agreement with our previous results (El-Tahawy et al., 2019). The behavior of the LPSO peaks indicates temperature enhanced dislocation activity: lattice strains deviate from a linear response at lower stress comparing to RT case, what theoretically can promote kinking. Due to small amount of LPSO phase, the relative intensity of {10.8} LPSO peak does not show significant difference comparing to that at RT. At the same time, an intensity of the {10.0} Mg peak sharply decreases at yield point indicating twinning activity. Moreover, the deviation of lattice strain for LPSO and α-Mg phases from linear behavior may be affected by the recrystallization process. In the case of the S85 alloy, thermal activation also plays an important role. Gradual deviation from linearity is observed for LPSO peaks from the beginning of deformation, and for the Mg phase, a significant change for relative intensity of {10.0} peak is observed after reaching 200 MPa (Figure 6D). Similar to RT loading, deviation of relative intensity change of the {10.0} Mg peak is accompanied by changes of the {01.8} LPSO peak with little delay (one measuring point). Therefore, it can be concluded that changes of {10.0} Mg peak are related to the kinking process.




DISCUSSION

It is clearly seen that the volume fraction of the α-Mg (non- and recrystallized grains) decreases with the increasing volume fraction of the LPSO phase, which strongly depends on the amount of alloying elements. Both investigated alloys are characterized by prismatic fiber texture. The alignment of the (10.0) plane in the ED can be explained by the lattice rotation due to non-basal slip with the <11.0> slip direction during extrusion process (Mayama et al., 2011). Such texture is usually given by elongated worked grains having <10.0> axis parallel to ED, as it was previously reported for common wrought Mg alloys (Sillekens and Bohlen, 2012) as well as for Mg-LPSO materials (Hagihara et al., 2010a; Jono et al., 2013). In our case, most of an elongated worked grains experienced recrystallization during the extrusion process, and only a minority of non-recrystallized grains remains in the microstructure. Despite the fact that the majority of α-Mg grains in the S32 alloy are fine recrystallized grains having preferentially a random orientation, a general characteristic of the texture persists. In the case of S85 alloy, detail EBSD maps indicate a random texture of recrystallized grains. Further, due to the concentration of high KAM values in non-recrystallized α-Mg grains and LPSO laths, S32 alloy is characterized by significantly lower overall internal stress, comparing to that in S85 alloy containing 85% of LPSO phase. The described difference in internal strain has an impact on active deformation mechanisms. The high internal strain in the grains leads to increased stress values for slip activation (Farkas et al., 2017), i.e., high yield stress can be reached as in case of S85 alloy.

The main sources of the AE in the Mg-LPSO alloys are the collective dislocation motion, twinning, kinking and failure mechanisms (cracking, delamination) and they are connected with the presence of the LPSO lath and its properties (volume, size, orientation etc.). For investigated alloys at both tested temperatures characteristic for Mg alloys AE count rate peak at the vicinity of yield point is observed. Usually, it has been explained by collective dislocation motion of dislocation (Heiple and Carpenter, 1987a) e.g., basal <a> dislocations as the easiest for activation due to lowest CRSS within deformation mechanism for Mg alloys (Bakarian and Mathewson, 1943). With the proceeding of plastic deformation, dislocation density increases and therefore, the free path of moving dislocation decreases, what leads to decrease of AE response. In the case of twinning activity, twin boundaries are also obstacles for freely dislocation movement and propagation of AE. However, it should be noted that twin nucleation itself (including propagation, i.e., growth in length) is an excellent source of AE (Toronchuk, 1977; Heiple and Carpenter, 1987b; Drozdenko et al., 2019) producing burst events with high amplitude, while twin growth (twin thickening) does not produce detectable AE (Vinogradov et al., 2016; Drozdenko et al., 2019). It was explained by the fact that the twin propagation is several order faster process than the twin growth (Vinogradov et al., 2016). At the same time, statistical analysis of AE signal in Mg-LPSO alloys has shown that kinking has similar characteristics to twinning (Garcés et al., 2018) and it can be also a source of burst high amplitudes AE events. Therefore, observed high amplitude burst AE events originate in twin nucleation and kinking. Moreover, recently Vinogradov et al. (2019) proposed a phenomenological approach for explanation the origin of AE count rate maximum around yielding through the relationship between AE power and dislocation density during dislocation-mediated plastic deformation in some face-centered cubic metals with different stacking fault energies. Thus, dislocation kinetics in investigated Mg-LPSO alloys in present work can explain the appearance of AE peak already before yielding.

The AE data analysis presented here does not allow to separate the signals from the different sources. Nevertheless, it can serve as an indicator of the onset of the particular deformation mechanisms. In the case of the S32 alloy deformed at both RT and 200°C, the strong AE at low stresses is connected with the twinning. The twin nucleation starts in the non-recrystallized grains and continues in small recrystallized one. Grain size dependence of twin nucleation studied by AE have been reported previously for Mg- (Dobron et al., 2011; Drozdenko et al., 2016) and Mg-LPSO alloys (Garcés et al., 2018). In case of S32 alloy deformed at RT, the maximum of AE count rate around 150 MPa (Figure 5A), whereas the lattice strain relaxation takes place in Mg phase grains above 300 MPa (Figure 6A). Later, a decrease of AE count rate begins around 300 MPa, where the intensity of the {10.0} peak connected with the twinning starts to change. This difference in the detection of the twinning by AE and ND can be explained as follows: the AE can detect signal from a very low number of twins (2-3) even in bulk specimen. However, as it was mentioned above only the twin nucleation can be detected by AE. In contrast, the ND detect only twin growth and owing to the uncertainty in diffraction peak determination a larger specimen volume has to be twinned in order to reveal the twin growing process. Consequently, since these two methods detect the various stage of the twinning process, the appearance of its contribution in AE and ND results are shifted (AE count rate peak appears before a characteristic change in ND data). Finally, the results of AE and ND measurements are supported by microstructure observation (Figure 4A) showing highly twinned microstructure in S32 alloy deformed at RT.

During deformation at a higher temperature, recrystallization and twinning are active concurrently. In this case, twins can be a nucleus for the recrystallization process (Basu and Al-Samman, 2015, 2017; Guan et al., 2019). In Mg-LPSO alloys a particle-stimulated nucleation (PSN) process can control the recrystallization process (Oñorbe et al., 2012). With increasing temperature CRSS for other deformation mechanisms decreasing, therefore, twinning loses its dominance. Suppressed twining activity at higher temperature results in decreased AE count rate maximum (Figure 5C). Moreover, the decrease in AE response with increasing testing temperature is a commonly observed phenomenon in Mg alloys (Mathis et al., 2006) and can be explained by temperature promoted activation of other deformation mechanisms. It should be admitted, that with increasing deformation temperature, progressed kinking can be observed in S32 alloy. It is supposed that temperature promoted dislocation slip stimulates kinking.

Owing to the initial texture the basal slip is difficult for both alloys. In case of S32 alloy with majority α-Mg grains, twinning as an additional deformation mechanism plays an important role in plastic deformation. In Mg alloys with a high volume fraction of LPSO twinning is rather rarely observed (Kishida et al., 2014). Therefore, in our S85 alloy with 85% of LPSO twinning is not expected deformation mechanism. In this case, high stress concentration is necessary for another than basal slip initiation—most probably prismatic slip. The prismatic slip in S85 alloy causes crystal rotation of basal planes toward the axial detector (Mayama et al., 2011). It can explain the deviation of LPSO peaks already before yielding (Figure 6B). Further, the first order {10.1}<1-1.3> pyramidal slip becomes active, which causes peak shift and deviation of lattice strain of {10.10} LPSO peak. As it was shown by Matsumoto et al. (2013), the pyramidal slip activates basal slip, which finally leads to kinking. Thus, load transfer from the α-Mg matrix in S32 alloy to the LPSO phase in S85 alloy: from twinning to kinking as a dominant deformation mechanism, defines the mechanical properties of the investigated alloys, particularly higher YS in S85 comparing to S32 alloy. Kinking requires collective movement of a large number of basal dislocations (Hagihara et al., 2010b), thus it is followed by high emission of elastic waves. Consequently, kinking can explain a gradual change of lattice strain of LPSO peaks as well as concurrently recorded high amplitude AE. At the same time, owing to the kinking process, the diffracted planes come out from their Bragg position and the relative intensity of {01.8} LPSO peak decreases.

The similar tendency is observed at the deformation of S85 alloy at 200°C. However, changes in relative intensity of {10.0} Mg peak and {01.8} LPSO peak become significant at lower stress values comparing with RT test. It should be noted that the change in {10.0} Mg peak at 200 MPa does not relate to twinning activity, but to kinking. Therefore, it can be concluded that indeed temperature promoted dislocation slip stimulates kinking. Similar to S32 alloy, recrystallization also takes a place. The non-basal slip plays here an important role, and more detailed analysis of diffraction and AE data is necessary.

Obtained results show that temperature promoted changes in the dominant activity of deformation mechanisms (promoted dislocation slip and kinking, suppression of twinning) result in only moderate degradation of mechanical properties with increasing temperature. For instance, the S32 alloy with 32% of LPSO exhibits yield stress of 305 MPa, what is still acceptable value for Mg alloys. It stimulates further investigation of Mg-LPSO alloys as potential material for usage at high temperature.



CONCLUSIONS

The deformation behavior of two Mg-LPSO alloys having 32 and 85% LPSO volume content was investigated by in-situ neutron diffraction and acoustic emission methods. The following conclusions can be drawn:

• Temperature increase results in only moderate degradation of mechanical properties;

• load transfer from the α-Mg matrix to the LPSO phase, i.e., from twinning to kinking as a dominant deformation mechanism, defines the mechanical properties of the investigated alloys, particularly higher yield strength in alloys having 85% of LPSO comparing with alloy having 32% of LPSO;

• with increasing temperature recrystallization takes place α-Mg in both materials;

• in Mg-LPSO with 32% of LPSO twinning is the main deformation mechanisms in α-Mg, and with increasing deformation temperature other deformation mechanisms become active at the expense of twinning due to reducing their CRSS;

• kinking is the main deformation mechanism in alloy with 85% of LPSO. Neutron diffraction data indicated that thermally activated dislocation slip is supposed to promote activation of kinking at lower stress.
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The influence of rolling and annealing on the resulting mechanical properties and forming behavior of Mg-Zn-RE and Mg-Zn-Ca alloys produced via twin roll casting is investigated. After hot rolling followed by an annealing treatment, both alloys develop a fine-grained microstructure with average grain sizes <10 μm. A distinctive development of a texture with a pronounced split of the basal poles in the transverse direction, so called TD-split, is observed in both alloys during the annealing. Due to the fine microstructure and weak texture, which enhances the activation of basal <a> slip, both alloys show large ductility with fracture strain higher than 30%. However, due to the TD-split texture, a high asymmetry of the yield stress is observed, where the yield stress in rolling direction is significantly higher than the yield stress along 45° and the transverse direction. Both alloys show high stretch formability at room temperature with Erichsen index around 7. Despite a low planar anisotropy and high stretch formability, the Mg-Zn-RE alloy shows undesirable earing behavior, while the Mg-Zn-Ca alloy fractures during warm deep drawing. Moreover, the deep drawing operation using the as-rolled sheet of Mg-Zn-RE alloy can be successfully done. It is observed that the earing behavior can be effectively reduced by deviating from the TD-split texture. In this regard, cold rolling was explored to reduce the anisotropy of the ductile and formable alloy.

Keywords: Mg alloys, twin roll casting, rolling, texture, formability, anisotropy


INTRODUCTION

For the last two decades, wrought Mg alloys have been in constant development to improve their formability, corrosion resistance and recyclability. In 2001 the forecast of using Mg alloys was positive, especially in the automotive industry (Mordike and Ebert, 2001). So far, the relatively poor formability at low temperatures of wrought Mg alloy has still hindered its extensive use. Ways to improve the formability of Mg alloys, especially at temperatures lower than 200°C (i.e., “low temperature formability”), have been investigated and two approaches are of significant interest. The first approach is the utilization of different thermomechanical treatments to modify the crystallographic texture and, therefore, enhance the potential to activate more deformation modes during forming (Suh et al., 2015). In this regard, severe plastic deformation techniques are effective to enhance the ductility, strength of Mg alloys (Agnew et al., 2004; Biswas et al., 2010, 2013). For instance, it has been shown that alternative processing routes are effective for the enhancement of the microstructure, i.e., grain size and texture, resulting in a decrease anisotropy of Mg alloys (Biswas and Suwas, 2012; Han et al., 2016; Suh et al., 2016). The second approach is the design of the microstructure based on changes in the chemical composition. The use of selected alloying elements has led to significant improvements in the ductility, mechanical properties and formability of wrought Mg alloys (Chino et al., 2008; Al-Samman and Li, 2011; Sandlöbes et al., 2017). Among the elements that have shown the best effects on improving the formability are the rare-earth (RE) elements. RE elements can modify important aspects on the microstructure, e.g., changes in the stacking fault energies (Sandlöbes et al., 2011, 2017), distinctive crystallographic textures (Mackenzie and Pekguleryuz, 2008; Yi et al., 2010), and precipitation which can significantly strengthen the alloys (Liu et al., 2016; Bian et al., 2017). Crystallographic textures of rolled Mg-RE alloys are normally weak and tend to develop a broad scatter of basal poles with two peaks split toward the transverse direction (TD) in (0 0 0 1) pole figure (Mackenzie and Pekguleryuz, 2008). Such textures are linked with an improvement of the low-temperature stretch formability (Chino et al., 2010a; Yi et al., 2010; Al-Samman and Li, 2011; Stutz et al., 2011a). Nevertheless, in recent years, there is a tendency to produce RE-free Mg alloys. In this regard, Ca is an effective element, which can modify the microstructure, crystallographic texture and mechanical properties in a similar way to the Mg-RE alloys (Chino et al., 2010b, 2011; Yuasa et al., 2015; Victoria-Hernandez et al., 2019). Recently, Klaumünzer et al. (2019) showed the potential of using such RE-free alloy sheets produced by twin roll casting (TRC) for the successful production of complex automotive parts for which the forming temperature can be reduced to 160°C.

Despite the good progress in improving the forming capabilities of these alloy systems showing a TD-split texture, there are only a few works dealing with the effect of this distinctive crystallographic texture on the anisotropic forming behavior. Yi et al. (2010) have shown undesirable earing during deep drawing operations of ZE10 alloy at elevated temperature. As an important forming process, deep drawing is of industrial significance and the analysis of the effect of processing parameters on the attenuation of the undesirable earing behavior is of prime importance. In this context, we conducted experiments in order to assess the forming capabilities of the Mg-Zn-RE and Mg-Zn-Ca alloys during deep drawing. Special attention has been paid to the possible reduction of the earing phenomenon by the utilization of strain-hardened blanks used directly after hot and cold rolling, i.e., without a recrystallization heat treatment. The present work gives more insights into the potential of optimizing processing parameters to enhance the forming performance of texture-weakened Mg alloys.



MATERIALS AND METHODS

TRC strips of ZEW200 (1.81Zn-0.1Nd-0.1Ce-0.05La-0.2Y in wt.%) and ZXK (0.6Zn-0.6Ca-0.1Zr in wt.%) alloys with a thickness of 5.3 mm were hot rolled (HR) to the final gauge of 1.8 mm at 400 and 370°C, respectively. The rolling schedule consists of four rolling passes with the first one applying a degree of deformation of φ = 0.25 (true strain) and φ = 0.3 for the last three passes. Before the first rolling pass and at intermediate steps, the sheets were heated at the respective rolling temperature for 15 min. After the final rolling pass, the samples were air-cooled. A part of the ZEW200 sheets received two additional cold rolling (CR) passes at room temperature at φ = 0.1 each. In order to recrystallize the microstructure, ZEW200 samples were annealed at 350°C and ZXK samples at 370°C for 30 min.

Microstructural examination was performed by optical microscopy and electron backscatter diffraction (EBSD) on planes parallel to the normal direction (ND) and the rolling direction (RD). Samples were ground with emery paper (grit 800–2500) and polished with a water free suspension of silicon oxide (OPS 0.5 μm). The polished samples were chemically etched with a picric acid solution (150 ml of ethanol, 40 ml distilled water, 6.5 ml acetic acid and 3–4 g picric acid). The average grain size of the optical microstructures was calculated using the linear intercept method. In the case of EBSD samples, after mechanical polishing, the samples were electropolished using Struers AC2™ solution at 16 V for 70 s at −25°C. EBSD measurements were performed in a field emission gun scanning electron microscope equipped with an EDAX-TSL OIM™ system. An acceleration voltage of 15 kV and a step size of 0.3 μm were used. Energy-dispersive X-ray spectroscopy (EDS) was performed on the mechanically polished samples to reveal the type and chemical composition of the secondary phase particles near the fracture surface in a deep drawn cup.

Quantitative texture measurements were carried out using a Panalytical™ X-ray diffractometer in reflection geometry using Cu-Kα radiation. Six pole figures (0 0 0 1), (1 0 −1 0), (1 0 −1 1), (1 0 −1 2), (1 0 −1 3), and (1 1 −2 0) were measured up to a tilt angle of 70°. The orientation distribution function (ODF) was calculated using the MTEX toolbox (Hielscher and Schaeben, 2008).

Tensile samples were machined according to the standard DIN 50125-H and were tested in a universal testing machine. The tensile tests were performed along the RD, 45° and TD at room temperature, and the Lankford parameter (r10-value) were determined at ε = 10%. Tensile tests were performed at 10−3 s−1 of constant strain rate to the fracture. This was ensured by employing a clip-on extensometer that allowed the continuous calibration of the strain rate during the experiment.

Room temperature stretch formability was evaluated by the Erichsen test using an Erichsen™ 145–30 sheet metal testing machine according to the ISO 20482. Molykote™ was used as a lubricant. The punch diameter and test speed were 20 mm and 5 mm/min, respectively. Blanks (diameter of 60 mm) cut from the as-rolled and annealed sheets were used for the tests.

Deep drawing tests were performed in the same Erichsen machine using a punch with the diameter of 50 mm at 100, 150, and 200°C. The test speed and blank holder force were set to 20 mm/min and 5 kN. Blank diameters of 85 and 100 mm were cut from the rolled sheets for two different deep drawing ratios (DR) of 1.7 and 2.0. To minimize friction between the blank, the punch, the walls of the die and the samples were coated with boron nitride spray.



RESULTS AND DISCUSSION


Microstructure

The micrographs of the rolled and annealed sheets are presented in Figure 1. In general, the as-rolled microstructures for the three different materials, presented in Figures 1a–c, show deformed grains containing twins. As expected, the microstructure of the cold-rolled ZEW200 shows a more deformed grain structure. Such a microstructure is difficult to etch chemically due to the predominance of the preferred crystallographic orientations of the grains. The ZEW200 alloy in both hot and cold rolled conditions show the presence of secondary phase particles distributed homogeneously along with the microstructure. The stinger-like precipitates contain a high amount of Zn, Ce, and Y. The rolled ZXK alloy also shows coarse precipitates. They were identified as Mg2Ca phase. They are located along grain boundaries. Some of them are fragmented and elongated toward RD, developing stringer-like structures. The microstructure of all annealed sheets show the development of a homogeneous, fine, twin-free and recrystallized microstructure with a grain size below 10 μm.


[image: Figure 1]
FIGURE 1. Optical microstructures of (a) hot rolled ZEW200 alloy, (b) cold rolled ZEW200 alloy, and (c) hot rolled ZXK alloy in as-rolled (top) and annealed (bottom) conditions, respectively.




Texture

Figure 2A depicts the texture of the hot rolled ZEW200 alloy. In the as-rolled condition, the sheet shows a relatively weak deformation texture with an intensity of 4.1 multiples of random distribution (m.r.d.). As a characteristic, two main peaks representing (0 0 0 1) crystallographic planes tilted away from the ND toward RD and the <1 0 −1 0> pole parallel to RD are observed. A broad scatter of basal poles inclined toward the TD is also evident. The annealed sheet shows a weaker texture in comparison to that of the rolled one. Moreover, the transition from the RD-split of the basal pole to a TD-split texture is observed. In this condition, the basal poles are mainly tilted by ~35° toward the TD. The texture component of <1 0 −1 0> parallel to RD is retained during the annealing. Such a tendency of the texture development, i.e., weak recrystallization texture with the basal pole split into the TD, is ascribed to the activation of non-basal slip systems and retarded recrystallization kinetics in Mg-Zn-RE and Mg-Zn-Ca alloys (Kim et al., 2017; Zeng et al., 2019). Cold rolling strengthens the texture components, which were formed after hot rolling and annealing (see Figure 2B). However, no qualitatively different texture development is observed in comparison to the hot rolled sheet.


[image: Figure 2]
FIGURE 2. Crystallographic textures in terms of the (0 0 0 1) and (1 0 −1 0) pole figures for the (A) hot rolled ZEW200 alloy, (B) cold rolled ZEW200 alloy, and (C) hot rolled ZXK alloy in as- rolled (top) and annealed (bottom) conditions, respectively.


The deformation texture of the ZXK alloy also shows similar peaks compared to that of the ZEW200 alloy and a broad distribution of basal planes toward TD (see Figure 2C). This texture is slightly stronger than the hot rolled ZEW200 alloy. A weaker texture with the basal pole split toward TD is formed after annealing, while a symmetric distribution of the basal poles is observed in a ring-like fashion around the ND, at the tilting angle of ~37°.



Mechanical Behavior

Figure 3 plots the engineering stress-strain curves of samples in the as-rolled and annealed states. The corresponding tensile properties are listed in Table 1. The hot rolled ZEW200 alloy in the as-rolled condition shows an overall high strength level in all planar sheet directions. However, anisotropic behavior is observed with the strength values in the RD being the highest. Interestingly, the ductility is relatively high for a strain-hardened Mg alloy with elongations higher than 20% along both the 45° and TD, and 19% in RD (see Figure 3A). After annealing, the sheet shows an increase in ductility along all directions with the fracture strain higher than 35%. The annealed sheets show a distinct yield phenomenon. Various mechanisms of the occurrence of yield phenomenon in Mg alloys have been reported, e.g., twinning (Barnett et al., 2012), activity of non-basal slip (Koike et al., 2003) or dislocation interaction with solute atoms (Zhang et al., 2010). A high planar anisotropy is observed also in the annealed sheets. The sample tested parallel to the RD shows high strength and rapid work hardening in comparison to 45° and TD samples. The cold rolled samples in the as-rolled state show even higher strength, exceeding 300 MPa in the RD. Surprisingly, a drop in the ductility is not observed when contrasted to the hot rolled samples. The material remains ductile in all directions as shown in Figure 3B. The annealed samples after the cold rolling show a high planar anisotropy, while an increase in ductility is observed (larger than 40% along 45° and TD). The improvement of mechanical properties can be mainly attributed to the grain refinement as displayed in Figure 1b, since the texture is rather similar to the hot rolled sheets.


[image: Figure 3]
FIGURE 3. Engineering stress-strain curves for the (A) hot rolled ZEW200 alloy, (B) cold rolled ZEW200 alloy, and (C) hot rolled ZXK alloy in as-rolled and annealed conditions, respectively.



Table 1. Tensile properties at room temperature of as-rolled and annealed samples tested along RD, 45° to RD and TD (YS, tensile 0.2% yield stress; UTS, ultimate tensile stress, εu, uniform elongation; εf, elongation to fracture, r10 Lankford parameter).

[image: Table 1]

Recently Shi et al. (2019) have reported the possibility to reduce the planar anisotropy of Mg-Zn-Y-Zr alloy sheets by applying the final rolling pass with a high reduction degree. It was shown that the anisotropic effect of the TD-split texture was attenuated by increasing the deformation and controlling the post-annealing. In the present study, however, the reduction in the planar anisotropy determined by tensile tests was not observed even after cold rolling.

In contrast to the behavior of the ZEW200 alloy, the ZXK alloy shows a more moderate planar anisotropy, where the differences in yield stress, UTS and fracture strain are generally smaller compared to the ZEW alloy (see Figure 3C). The reduced anisotropy at the annealed state is to be related to the texture of the ZXK alloy and the relatively uniform scatter of basal planes, which develop a ring of basal poles around the ND.

The r-values strongly vary upon heat treatments. Especially for ZEW200 alloy along the TD, the r-value decreases after annealing, which can be related to the development of a more pronounced TD-split in the texture (see Figures 2A,B). The average [image: image]-values and planar anisotropy Δr were calculated at each condition, according to the following relationships:

[image: image]

where rRD, r45, rTD are the r-values determined in RD, 45° to RD and TD, respectively. The calculated values are listed in Table 1. It is observed that the [image: image]-values of the ZEW200, even after the cold rolling, are lower than those of the ZXK alloy. These results indicate that the material flow in the thickness direction is easier in the ZEW200, while the ZXK sheets with the [image: image]-values close to 1 show a comparable material flow in the thickness and width directions. The uniform distribution of basal planes with a ring-fashioned texture in the ZXK sheet leads to a reduction of the anisotropy, and less pronounced earing is expected during deep drawing. Based on the magnitude of planar anisotropy (Δr), e.g., Δr = −0.10 and −0.25 in the annealed ZEW200 HR and ZXK HR sheets, respectively, the ZXK alloy would have a higher propensity of earing. However, the r-values of the ZEW200 sheet show a higher variation along the sheet planar direction, comparing to those measured from the ZXK sheet. Such inconsistency results from the fact that the planar anisotropy in Mg alloys is different to that in the cubic structured materials.

For example, Yi et al. (2010) reported that the earing is observed at 60° to the RD of a deep drawn cup of ZE10 sheet, such that the asymmetric deformation behavior of Mg alloy sheets would not be completely expressed by the r-values measured at the RD, TD, and 45° to the RD. It should be noted that the r-value analysis in the present study corresponds to an approximate estimate, as the r-values of some samples were determined at rather low uniform strain, e.g., samples marked with asterisk.



Formability
 
Erichsen Tests

To evaluate the stretch formability at room temperature, Erichsen tests were performed using blanks in as-rolled and annealed conditions. Samples after Erichsen tests are shown in Figure 4. Even in the as-rolled condition, the hot rolled ZEW200 alloy showed a relatively high Erichsen index (IE) of 5.1. The IE of the ZEW200 alloy increases in the annealed condition to 7.4 (see Figure 4a). Upon cold rolling, the stretch formability for the as-cold rolled ZEW200 alloy decreases to the IE of 3.1, which increases significantly after annealing to the IE of 8.4. This is one of the highest values recorded for conventionally rolled Mg alloys and it shows the potential to improve the sheet formability by means of altering the processing route, such as cold rolling.


[image: Figure 4]
FIGURE 4. Samples after Erichsen test (a) hot rolled and (b) cold rolled ZEW200 alloy, (c) hot rolled ZXK alloy. Samples tested in as-rolled (top) and annealed (bottom) conditions, respectively.


For the hot rolled ZXK alloy the average IE of 3.7 and 6.2 were obtained at the as-rolled and annealed conditions, respectively. Despite the fact that the ZXK alloy showed the lowest texture intensity and a ring scatter of basal poles around the ND in the annealed condition, the recorded IE is lower than those of annealed ZEW200 alloy. Other microstructural factors, such as the presence of Mg2Ca particles and Mg oxides, could be related to the crack initiation or ease propagation during stretch forming. Nevertheless, the present results confirm that the stretch formability at room temperature is enhanced with the formation of the characteristic TD-split texture in the Mg-Zn-RE and Mg-Zn-Ca alloys.



Deep Drawing at Warm Temperatures

The deep drawability of the hot rolled and annealed ZEW200 and ZXK alloys was assessed at 100, 150, and 200°C and a DR of 1.7. Representative samples deformed at these conditions are displayed in Figure 5. In the case of the ZEW200 alloy, deep drawing can be successfully conducted at 100°C (see Figure 5a). There is, however, the development of fractures, which occurred at the top part of the wall of the sample. Yi et al. (2010) have attributed the development of these kinds of defects to the non-optimized process parameters, such as blank holder force or clearance. In addition, the temperature gradient in the sample during the test could affect the sample thickening toward the top area of the cup wall, leading to increased friction between the sample and the die (Ghosh et al., 2014). Yet, the present result supports that the deep drawing is feasible at 100°C, if the parameters are properly adjusted. By increasing the temperature, successfully drawn cups are obtained. There is the development of slight earing on both cups, which seem to be similar in number (4), height and position (~63° to RD). This undesirable phenomenon seems to be independent on the forming temperature.


[image: Figure 5]
FIGURE 5. Deep drawn cups formed at different temperatures with a DR = 1.7. (a) Hot rolled and annealed ZEW200 alloy and (b) hot rolled and annealed ZXK alloy.


Despite the good stretch formability shown at room temperature by the ZXK alloy, the deep drawability is rather poor. Samples deformed at 100°C develop catastrophic failures at the shoulder of the cup, which propagates to the flange of the cup. This behavior is also observed for samples deformed at 150°C. In contrast, samples deformed at 200°C showed slightly better behavior in comparison to the previous two cases. Yet, fractures at the top of the wall are observed (see Figure 5b). This result is interesting, considering that both alloys have a similar initial microstructure, i.e., grain size and, in principle, crystallographic texture. It is found, however, that coarse precipitates of Mg2Ca and oxides seem to have relationship with the brittle behavior at warm temperatures of the ZXK alloy. Figure 6a depicts an optical micrograph of a polished sample; it shows a fracture front of a sample drawn at 150°C. The approximate position of the analysis is marked with the white-filled arrow in Figure 5. The accumulation of particles is found at the crack front, marked as dotted square in Figure 6a. An SEM-image at this area shows the fragmentation of such particles (see Figure 6b). An element mapping using EDX showed that those particles mainly consist of Ca and O (see Figures 6c,d). The presence of those elements correlate well with high amount of hard and brittle Mg2Ca Laves phase, in addition to the presence of MgO and/or CaO. The fragmentation and respective void formation around these particles are, therefore, related to the ease nucleation and propagation of crack during the warm deep drawing of the ZXK alloy. It was reported in Jahedi et al. (2018) that the shearing of eutectic particles and concomitant void formation lead to catastrophic failure of WE43 alloy. In such work it is discussed the more influential effect of void formation (due to particle shearing) than the texture effect during deformation. The fragmentation of particles, e.g., Mg2Ca and oxides, and resulting void formation can be also correlated with the lower IE of ZXK alloy in the present study.


[image: Figure 6]
FIGURE 6. (a) Optical micrograph showing a close up near the fracture front indicated by the white arrow in Figure 5b, (b) SEM micrograph showing an enlarged area of interest inscribed in the dashed rectangle in (a), and EDX chemical element mapping of the same area for (c) calcium and (d) oxygen.


In order to gain more insight into the deformation behavior of the examined alloys, the microstructure at the wall was analyzed by means of EBSD. Figure 7 exhibits the EBSD orientation maps of samples deformed at 100 and 200°C of the ZEW200 and ZXK alloys. The approximate position of the measurement is marked by the dotted squares in Figure 5. The ZEW200 sample deformed at 100°C presents a highly deformed microstructure with the presence of twins (Figure 7A). The identified twinning mode mainly corresponds to {1 0 −1 2} extension twins covering an area fraction of around 7.4%. Other detected twinning modes, such as {1 0 −1 1} contraction twins and {1 0 −1 1}–{1 0 −1 2} secondary twins are seldom detected and the area fraction covered by these two systems is <1%. A strengthening of the texture toward basal type texture is also observed. Tests conducted at 200°C show similar microstructures (Figure 7B). The extension twin fraction is also high, covering about 6.5% of the microstructure. In this case, there is the tendency to strengthen the texture but the broad scatter of basal planes toward TD is still high. Yi et al. (2010) explained this phenomenon by the profuse activation of prismatic <a> slip.


[image: Figure 7]
FIGURE 7. EBSD orientation maps at the cup walls of (A) hot rolled and annealed ZEW200 alloy deep drawn at 100°C, (B) hot rolled and annealed ZEW200 alloy deformed at 200°C, (C) annealed ZXK alloy deformed at 100°C and (D) annealed ZXK alloy deformed at 200°C. Approximate positions of the EBSD measurements are indicated by dotted squares in Figure 5.


Despite the significantly lower deformation degree attained by the ZXK samples, a similar tendency in microstructure and texture development is observed. That is, {1 0 −1 2} extension twins are profusely activated, and a basal type texture develops at 100°C, while the broad scatter of basal planes toward TD is formed at 200°C (see Figures 7C,D, respectively). The present result once again shows the similarities of the involved deformation mechanisms in both alloys. Therefore, it might be feasible to improve the formability of the ZXK alloy by optimization of the alloy composition and processing parameters to control the amount, size and distribution of the brittle Mg2Ca particles.

The earing behavior of the cold rolled ZEW200 alloy was investigated by using the blanks of 100 mm in diameter at 200°C (DR = 2) in the as-rolled and annealed conditions. Representative drawn cups are shown in Figure 8. Cups could be drawn fully using blanks even in the as-rolled condition. Moreover, the earing behavior is reduced by the use of the blanks in the as-rolled conditions, Figures 8a,c. To describe the degree of earing, the average percentage of earing height (Z) was calculated according to the following equation. This equation, which is capable of describing earing even if local asymmetry occurs, is used based on the position of the ears which are not located at 0, 45, or 90° as it normally occurs in metals with cubic structure (Yi et al., 2010).

[image: image]

where n is the number of ears in the drawn cup, and h is the height at the peak and valleys of each ear observed in the drawn cup. The earing degrees (Z) of the hot rolled sheet is 9.7% in the as-rolled condition and 15.9% after annealing. A similar tendency is observed in the cold rolled sheet, where Z for the as-rolled sheet is 9.9% and increases to 16.8% after annealing. This means that cold rolling can strengthen the material (as observed in Figure 3), and increases the anisotropic behavior after annealing, e.g., increase in the earing behavior.


[image: Figure 8]
FIGURE 8. Deep drawn cups made out ZEW200 alloy deformed at 200°C with a DR = 2.0. (a) hot rolled/as-rolled condition, (b) hot rolled/annealed condition, (c) cold rolled/as-rolled condition, and (d) cold rolled/annealed condition.


Analogous to the analysis presented in Figure 7, the microstructures at the wall of the successfully drawn cups deformed at 200°C using hot/cold as-rolled sheets of the ZEW200 alloy are presented in Figure 9. The approximate positions of the EBSD measurements are marked with the red dashed rectangles in Figure 8. A highly deformed microstructure is found in both cases, where most of the grains are elongated parallel to the drawing direction. The formation of shear bands around the deformed grains is also evident. It is to note that the amount of recrystallized grains is maintained to a minimum despite the use of a strain hardened materials. These results indicate that the deformation is mainly accommodated by dislocation slip (in this case is hard to identify twin boundaries in the OI maps) and dynamic recovery, rather than dynamic recrystallization. This is one of the main differences compared to the deep drawing behavior of conventional AZ31 alloy, where dynamic recrystallization is an important softening mechanism that enhances the drawability at temperatures around 200°C (Yi et al., 2010; Stutz et al., 2011b). As observed in the local texture of these two as-rolled ZEW200 deformed samples, the texture is more strengthened in the as-cold rolled sheet. This could be one of the reasons for the slightly higher anisotropy as calculated by the Z factor as discussed above.


[image: Figure 9]
FIGURE 9. EBSD orientation maps of deep drawn cups made out ZEW200 alloy with a DR = 2.0. (A) Hot rolled/as-rolled condition and (B) cold rolled/as-rolled condition. The approximate position of the EBSD measurement indicated by the red-dotted squares in Figure 8.






SUMMARY

A comparative study of the mechanical behavior, room temperature stretch formability and warm drawability of Mg-Zn-RE and Mg-Zn-Ca alloys with TD-split texture were carried out. Main conclusions are drawn below:

1. Upon hot rolling and subsequent annealing, both ZEW200 and ZXK alloys develop fine-grained microstructures and the so-called TD-split texture is found. By performing cold rolling in the ZEW200 the microstructure can be refined further and a stronger deformation texture than the counterpart hot rolled sheet is observed.

2. The hot/cold rolled ZEW200 alloys show high strength and high ductility. The annealing of the cold rolled sheets improves the ductility and strength in the ZEW200 alloy, whereas a high yield stress asymmetry is observed. The ZXK alloy showed a moderate anisotropy due to its ring-fashioned texture.

3. The hot/cold rolled ZEW200 alloys show a high stretch formability, even in the as-rolled condition. The Erichsen index of 8.4 was attained for the annealed ZEW200 sheet after cold rolling. The ZXK alloy also showed good stretch formability, but IE values are lower than those of ZEW200 alloy.

4. The ZXK alloy shows a poor warm drawability. This is related to the fragmentation of hard and brittle Mg2Ca and oxide particles with the concomitant void formation and crack propagation. On the other hand, the ZEW200 alloy shows an excellent deep drawability, even though a high anisotropy is observed. The earing behavior of this alloy was attenuated by using blanks without annealing. Analysis of the deformed microstructure indicated a profuse activity of dislocation slip during the deep drawing of the as-rolled sheets. As a softening mechanism, dynamic recovery seems to be important as the occurrence of dynamic recrystallization is not observed. It is concluded that the suppression of the TD-split texture can be an effective way to reduce anisotropic behavior of these ductile Mg alloys.
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Magnesium-zinc-calcium alloys have unique advantages of being used as biomedical bone implants since their mechanical properties and biocompatibility are similar to human tissues. However, insufficient strength and poor corrosion resistance have been the major problems to stunt the application. In this paper, the changes of microstructure, mechanical properties and corrosion resistance of ternary Mg-3Zn-0.2Ca (wt.%) with different contents of Mn (0.3, 0.5, 0.7, 0.9, wt.%) are studied. With the increase of Mn content, the grain size of as-cast alloy first decreases and then increases, this indicates that the amount of Mn affects the degree of subcooling of the alloy. At the 320°C/24 h homogenizing treatment, the large and uneven dendrites are transformed into uniform equiaxed grains, the mechanical properties of alloys with different Mn contents are different on the basis of Mg-3Zn-0.2Ca (wt.%) alloy. The five alloys were extruded into bar with a diameter of 8 mm through hot-extrusion process. Quaternary Mg-3Zn-0.2Ca-XMn (X = 0.3, 0.5, 0.7, 0.9) (wt.%) alloys are investigated and the results show that 0.5 wt.% Mn alloy has the best yield tensile strength (YS) (302 MPa) and good ultimate tensile strength (UTS) (327 MPa). The reason is that the different contents of Mn restrain the dynamic recrystallization in extrusion process, which remarkedly reduced the grain size. Moreover, each alloy is investigated by electrochemical measurements at 37°C in a simulated body fluid (SBF). The electrochemical results show that the corrosion potential of Mn-contained alloys are increased compared to ternary Mg-3Zn-0.2Ca (wt.%) alloy, and 0.5 wt.% Mn-contained alloy performs the best result.

Keywords: biomedical magnesium alloys, microstructure, mechanical properties, corrosion properties, α-Mn


INTRODUCTION

With the advancement of medical science and technology, metal implants have become an indispensable technical means in clinical medicine as an important part of bone reconstruction surgery. Some studies have shown that the use of metal implants in clinical bone reconstruction surgery has significantly improved the cure rate of large femoral fractures and bone injuries (Prins et al., 2018; Han et al., 2019).

Metal implants complete the healing process by setting the skeleton in place (Ibrahim et al., 2017). Currently, metal implant materials widely used in medicine mainly include titanium alloys, CoCr alloys and stainless steels, which cannot be absorbed by themselves and need to be permanently retained in the body or removed by secondary surgery. Permanent retention in the body will produce stress shielding after the completion of bone healing, and secondary removal will make the patient suffer from the pain of surgery again and lead to complications (Best et al., 2008; Lutz and Mändl, 2010; Arifin et al., 2014; Ibrahim et al., 2017). Therefore, we hope that there can be a material that gives sufficient strength and stiffness support during bone healing. Once the bone tissue heals, it begins to degrade and be absorbed in the body (Ibrahim et al., 2017). Magnesium and its alloys not only show excellent biocompatibility and similar mechanical properties of human bones, but also can be degraded and absorbed in the body without secondary surgery, which has received widespread attention from the scientific and medical community (Kannan and Raman, 2008; Zheng et al., 2014; Witte, 2015; Jin et al., 2019). However, owing to the insufficient mechanical properties and the rapid degradation rate, magnesium alloys have limited their applications in the medical industry (Yin et al., 2013; Tian and Liu, 2015; Bian et al., 2017). Generally, the period of bone remodeling is 3–6 months, and thus improving the mechanical properties and corrosion resistance of magnesium alloys as well as ensuring their effective service have become the focus of our current research.

Previous studies usually reported the usage of alloying or microalloying to modify the microstructures and sediments to improve their comprehensive properties. In the current studies, the main alloying elements are Ca, Sr, Zn, Si, Mn, Li, Zr, Nd, Y, RE, Al (Gu et al., 2012; Li and Zheng, 2013; Yin et al., 2013; Zhou et al., 2013; Seong and Kim, 2015; Tian and Liu, 2015; Yandong et al., 2015; Cho et al., 2016; Bian et al., 2017; Gil-Santos et al., 2017; Jiang et al., 2017; Gui et al., 2018; Abdel-Gawad and Shoeib, 2019; Guo et al., 2019; Jin et al., 2019; Liao et al., 2019; Lou et al., 2019). Based on the biosafety to the human body, the biological functional elements Ca, Sr, and the essential trace elements Zn, Si, Mn can be as the main alloying elements. Ca is the main component of human bones, which is essential for chemical signal transduction in cells. The released ions of Ca as a mineral nutrient are beneficial to bone solidification (Harkness and Darrah, 2019). Du et al. (2016) found that the addition of Ca to the Mg-6Zn alloy inhibited dynamic recrystallization and grain growth during extrusion. Meanwhile, the sediments of the alloy deposited are also increased and the alloy strength was raised by 84%. Yin et al. (2013) found that the addition of Ca into the Mg-5Zn alloy was beneficial to grain refinement. The mechanical properties and biocorrosion properties of the alloy were significantly improved. High Ca would lead to good mechanical properties and low corrosion resistance and Mg-5Zn-1.0Ca exhibited excellent corrosion resistance and good biocompatibility. Another element, Zinc, is the most common and basic nutrient element in human body. It plays an extremely important role in important physiological processes such as human growth and development, reproductive genetics, immunity, and endocrine. Zhang et al. (2011) studied the effects of different zinc contents on the mechanical, corrosion and cytotoxicity of Mg–Zn–Ca alloys. It was found that the tensile strength and corrosion rate first increased and then decreased with the increase of Zn content. When the composition is <3 wt.% Zn, the component alloy is non-toxic. Mn is a basic element of the human body and can be accepted by the human body. Some reports (Jiang et al., 2016; Ibrahim et al., 2017) indicate that Mn element can refine grains by inhibiting recrystallization growth during alloy extrusion. Further, Mn element can also be combined with impurity elements during the smelting process to form a high melting point compound precipitated at the bottom of the melt to purifying the alloy. He et al. (2018) investigated the in vitro corrosion and biocompatibility of extruded Mg-6Zn-Mn alloy and found that the corrosion rate of extruded alloy was only 1.01 ± 0.10 mm/year after simulated body fluid (SBF) soaking for 1 month, and the cells were non-toxic. Yandong et al. (2015) studied the effects of different Mn compositions on the microstructure and mechanical properties of Mg–Zn–Ca alloys. It was found that the strength and elongation of as-cast and heat-treated alloys decreased with the increase of Mn content. The optimum tensile strength of heat-treated Mg-2Zn-0.5Ca-1.0Mn alloy is 205 MPa and the elongation is 15.7%. Cho et al. (2017) found that the addition of Mn has an obvious grain refining effect on Mg-4Zn-0.5Ca alloy, which greatly improved the comprehensive performance of magnesium alloy. Previous studies on alloying element Mn have been reported, but the results are different, and the mechanical properties and corrosion resistance are still relatively low. Therefore, more studies are needed to fully understand the effect of Mn on magnesium alloys.

In this work, based on the previous research reports (Lin et al., 2018a,b), this work mainly focused on the effects Mn with different contents in ternary Mg-3Zn-0.2Ca alloy, and the microstructure, mechanical properties and corrosion properties are investigated systematically, which provide a more reliable basis for the further development of biomedical magnesium alloys by optimizing Mn content to enhance mechanical properties and corrosion performance of biomedical magnesium alloys.



EXPERIMENTAL MATERIALS AND METHODS


Material Preparation

Pure magnesium ingot (99.99 wt.%), pure zinc particles (99.99 wt.%), Mg-Ca master alloy (with 25 wt.% Ca), and Mg-Mn master (with 10 wt.% Mn) alloy were used to make Mg-3Zn-0.2Ca (wt.%) (MZC), Mg-3Zn-0.2Ca-0.3Mn (wt.%) (MZC0.3Mn), Mg-3Zn-0.2Ca-0.5Mn (wt.%) (MZC0.5Mn), Mg-3Zn-0.2Ca-0.7Mn (wt.%) (MZC0.7Mn), and Mg-3Zn-0.2Ca-0.9Mn (wt.%) (MZC0.9Mn) alloys. In the process of cultivating, all of alloys used vacuum induction furnace under the protection of argon atmosphere gas for melting and casting. The furnace is first heated to 720°C, then stirred for 2–3 min, kept warm for 2–3 min, cut off the power and started casting at a constant speed until the temperature drops to 690°C. The five alloy ingots were homogenized separately to eliminate dendrites, and then extruded at 315°C on a hot-extrusion molding machine. During the extrusion, the speed is set to 2–4 mm/s.



Selection of Specimens and Observation of Microstructure

Microstructures of the as-cast alloys and homogenized alloys were observed by optical microscope (OM) and scanning electron microscopy (SEM), respectively. The grain size of five alloys are determined by GB/T 6394-2002 standards. The second phase particle size in the homogenized alloys is calculated by using the SEM ruler. Five different alloy samples must be selected at the same height and the same position for comparison. The selected position is shown in Figure 1.


[image: Figure 1]
FIGURE 1. The selected position of samples for microstructures observation.




X-Ray Diffraction and EDS Analysis

The phase composition of the detected phase was measured by X-ray diffraction at a scanning speed of 10 min, an acceleration voltage of 40 kV, a current of 100 mA and a Cu target Kα radiation (λ = 0.141618 nm). Analysis was performed by using JADE5 software to determine the presence of the second phase in the sample. The second phase in the alloy is determined by using EDS.



Mechanical Properties Test

Tensile test is carried out by using an electronic universal testing machine at room temperature. The tensile test specimens are machined according to GB/T 16865-2013 standards. The test speed is set to 0.5 mm/min. Three parallel samples are set in each group and the fracture morphology of failed specimens is analyzed by SEM.



Electrochemical Experiment

The electrochemical polarization and impedance experiments were carried out in a simulated body fluid (SBF) at 37°C by using a Zennium electrochemical workstation. The sample was used as the working electrode, graphite as the counter electrode and saturated calomel as the reference electrode to form a three-electrode assembly. Each surface exposed to the sample was smoothed by 3,000 grit water sandpaper and immersed in 37°C SBF for 30 min before the test. Three parallel samples were set in each group to ensure the accuracy. The polarization resistance (Rp) of the samples to be tested are calculated by using Equation (1) (Bakhsheshi-Rad et al., 2012).

[image: image]

In the Equation (1), βc represents the cathode Tafel slope, βα represents the anode Tafel slope, and Icorr represents the corrosion current density, respectively.




RESULTS AND DISCUSSION


Microstructure Observation

The microstructures of as-cast MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys are shown in Figure 2. Compared with the five alloys, it can be found that the addition of Mn element changed the overall solute distribution of the alloy matrix. The ellipsoidal precipitates increase and evenly disperse in the rich Mn-contained alloys. A large number of second phases are also accumulated at the grain boundaries. The morphology and distribution of these second phases may affect the subsequent mechanical properties and corrosion resistance.


[image: Figure 2]
FIGURE 2. Optical images of as-cast MZC (A), MZC0.3Mn (B), MZC0.5Mn (C), MZC0.7Mn (D), and MZC0.9Mn (E) alloys.


The average grain sizes of as-cast MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys are shown in Figure 3. The average grain size of the five alloys first decreases and then increases, and the MZC0.5Mn alloy has the smallest grain size (74.2 ± 10.1 μm). The reason may be that with the addition of Mn element, the solute at the S/L interface aggregates, causing different degrees of structural overcooling. In previous reports, the effect of the addition of Mn on the supercooling of magnesium alloys was also confirmed (Cho et al., 2017).


[image: Figure 3]
FIGURE 3. The grain size of as-cast MZC (A), MZC0.3Mn (B), MZC0.5Mn (C), MZC0.7Mn (D) and MZC0.9 Mn (E) alloys.


In order to eliminate dendrites, five alloys are homogenized and the SEM photographs of five alloys are shown in Figure 4. Compared with the MZC alloy, the ellipsoidal second phase and elongated second phase at the grain boundary of Mn-contained alloys are significantly increased. Figure 4F shows the EDS data of the ellipsoidal second phase. It can be seen that the atomic ratio Mg:Zn:Ca is closed to 6:3:2, and the ellipsoidal second phase can be inferred to be Ca2Mg6Zn3 phase (Bakhsheshi-Rad et al., 2012). Previous studies (Oh-ishi et al., 2009) have shown that the long strip-shaped second phase at the grain boundary of the ternary Mg-Zn-Ca alloy is mainly Ca2Mg6Zn3 phase. Therefore, it can conclude that the addition of Mn element greatly promotes the precipitation of the ternary Ca2Mg6Zn3 phase.


[image: Figure 4]
FIGURE 4. The field-emission scanning images of as-cast homogenization MZC (A), MZC0.3Mn (B), MZC0.5 Mn (C), MZC0.7Mn (D), and MZC0.9Mn (E) alloys and the EDS image of ellipsoidal second phase (F).


It is also found that the difference in the content of Mn has a certain influence on the distribution of the second phase and the size of the second phase in the SEM photograph. The ellipsoidal second phase particle size measured by SEM scale is shown in Figure 5. The ellipsoidal second phase of MZC0.5Mn alloy is the smallest and the dispersion is more uniform.


[image: Figure 5]
FIGURE 5. Average particle size of spherical second phase measured by using SEM scale. (A) MZC, (B) MZC0.3Mn, (C) MZC0.5Mn, (D) MZC0.7Mn, and (E) MZC0.9 Mn.


SEM photographs of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys are shown in Figure 6. The average grain sizes of the five alloys measured by SEM scale are 3.2 ± 0.30, 3.0 ± 0.63, 1.5 ± 0.43, 2.0 ± 0.06, and 1.9 ± 0.59 μm, respectively. The Mn-contained alloys after hot extrusion deformation have smaller grain sizes compared to the MZC alloy. This may be due to the fact that the α-Mn particles dynamically precipitated during the extrusion process, inhibiting the grain growth of the alloy, resulting in a decrease in the grain size of the Mn-containing alloy (Jiang et al., 2016). It can also be seen from the SEM photographs that the volume of the second phase of the Mn-contained alloys are significantly increased compared to the MZC alloy.


[image: Figure 6]
FIGURE 6. The field-emission scanning images of as-extruded MZC (A), MZC0.3Mn (B), MZC0.5Mn (C), MZC0.7 Mn (D), and MZC0.9 Mn (E) alloys.


Figure 7 shows the as-extruded X-ray diffraction patterns of MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys. The as-extruded MZC alloy mainly consists of α-Mg, MgZn2 Mg2Ca, and Ca2Mg6Zn3. Compared with MZC alloy, the amount of Ca2Mg6Zn3 in Mn-contained alloys are increased significantly. Meanwhile, the amount of Mg2Ca in Mn-contained alloys are decreased. This is probably due to the Mn element which changes the solute element distribution and causes the solute atoms Zn and Ca to aggregate in a certain region to form more ternary phase Ca2Mg6Zn3. In Mn-contained alloys, the Mn exists in the form of a simple substance of Mn and an α-Mn phase, and does not form a second phase with other elements.


[image: Figure 7]
FIGURE 7. The XRD patterns of as-extruded MZC (1), MZC0.3Mn (2), MZC0.5 Mn (3),MZC0.7Mn (4) and MZC0.9 Mn (5) alloys.


It is also found in XRD diffraction patterns that the three strong peaks of Mg of Mn-contained alloys have a small amount of left bias at the basis of MZC alloy. MZC0.9Mn alloy has the largest offset angle, which is approximately 0.1°. This may be due to the lattice distortion caused by Mn entering the gap of Mg (HCP) cells.



Mechanical Properties Analysis

Figure 8 displays the tensile stress-strain curves of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys and the local stress-strain amplification curve of the MZC alloy. Table 1 lists the room temperature mechanical properties of the five alloys. It can be seen that the MZC0.5Mn alloy exhibits the best mechanical properties. Compared with MZC alloy, the yield strength and tensile strength of MZC0.5Mn alloy are increased by 25.1 and 3.1%, respectively, and the elongation is not significantly reduced. The MZC0.5Mn alloy has the best grain refining effect, its second phase is finely dispersed and evenly distributed, and consequently the dispersion strengthening and dislocation pinning effect are obvious. Among this five alloys, MZC0.3Mn alloy has the worst mechanical properties. This is attributed to the fact that the addition of 0.3 wt.% Mn element increases the Ca2Mg6Zn3 phase while the grains are not significantly refined, and the coarse brittle phase Ca2Mg6Zn3 is unevenly distributed, which further exacerbates the yield and fracture of the sample.


[image: Figure 8]
FIGURE 8. Tensile stress-strain curve of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn and MZC0.9Mn alloys (A) and Local region of tensile stress-strain curve of as-extruded MZC alloy (B).



Table 1. Mechanical properties of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys.

[image: Table 1]

The fracture surfaces of MZC and Mn-contained alloys are further analyzed to verify the effect of Mn on the mechanical properties of MZC alloy. The fracture morphologies of five alloys are shown in Figure 9. In the fracture morphology, the observation and analysis are carried out from four aspects: the macroscopic orientation of the section, the macroscopic morphology, fracture path and fracture morphology.


[image: Figure 9]
FIGURE 9. Fracture surface morphologies of as-extruded MZC (A), MZC0.3Mn (B), MZC0.5Mn (C), MZC0.7Mn (D), and MZC0.9Mn (E) alloys.


Macroscopic fractures of as-extruded MZC and Mn-contained alloy samples are observed with the naked eye. It can be seen that fractures are dark gray fibers with a little fine crystalline particles. It preliminarily demonstrates that the fractures are mostly ductile fracture with a small part of quasi-cleavage fracture. The SEM photographs of the fracture macro morphology of five as-extruded alloys are shown in Figures A1–E2. It can be seen in Figures 9A1–E1 that the fracture section direction is at an angle of ~45 degrees with the normal stress direction, which is consistent with the direction of the maximum shear stress and corresponding to the characteristics of shear slip fracture. The typical three-zone characteristics of the ductile fracture (fiber zone, radiation zone, shear lip zone) of five alloys can be seen in Figures 9A2–E2. MZC alloy has the most obvious characteristics of the three zones and performs the best toughness.

The fracture micro morphology of five as-extruded alloys SEM photographs are shown in Figures 9A3–E5. It is apparent in the Figures 9A3–E3 that the cleavage step and tearing ridge are more pronounced in Mn-contained alloys than the MZC alloy. Figures 9A4–E5 show a large number of dimples that contain obvious second phase particles, mainly corresponding to microporous aggregate fracture. From the analysis of the fracture path, it can be seen from the Figures 9A3–E5 that the five alloys contain both transgranular and intergranular fractures. In addition, it can be clearly seen from the Figures 9B4,5 that the quasi-cleavage fracture of MZC0.3Mn alloy is most prominent and severe, and thus exhibits poor toughness. The above fracture analysis is consistent with the tensile test results.



Electrochemical Properties Analysis

Figure 10 shows the electrochemical polarization curves of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys. The corrosion current densities of the five alloys are obtained by Tafel extrapolation based on the polarization curve. The specific data is shown in Table 2.


[image: Figure 10]
FIGURE 10. The polarization curve of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys.



Table 2. Electrochemical properties of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys.

[image: Table 2]

Figure 10 indicates that the MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys have a longer yield plateau compared to the MZC alloy, which means that a more dense passivation film is formed on the surface of the alloys with Mn than the surface of the control when the sample is immersed in the SBF. The previous XRD diffraction pattern shows that the MZC alloy is mainly composed of α-Mg, MgZn2, Mg2Ca and Ca2Mg6Zn3 phases. The addition of Mn increases the precipitation of Ca2Mg6Zn3 while reduces the phase of Mg2Ca. The addition of Mn inhibits the grain growth of the alloy during the extrusion process, resulting in grain refinement of the alloy, which reduces corrosion rate compared to the MZC alloy. According to research (Bakhsheshi Rad et al., 2012), ternary Ca2Mg6Zn3 phase behaves high standard electrode potential in Ca2Mg6Zn3 and α-Mg, which means that Ca2Mg6Zn3 acts as a cathode and α-Mg acts as an anode when galvanic corrosion occurs. Comparing the yielding stages of the five alloys with the short yielding stage of the MZC alloy, it can be further determined that the dense oxide film on the surface of the alloy is mainly ternary Ca2Mg6Zn3 phase, which is consistent with the previous research (Abdel-Gawad and Shoeib, 2019).

Compared to four alloys with different Mn contents, it can be found that with the increment of Mn content, the polarization value of the alloy cathode decreases but the anode polarization value increases. It illustrates that the increase of Mn element reduces the hydrogen evolution rate of the alloy while increasing the magnesium ion concentration.

Based on these results, the MZC0.3Mn alloy exhibited the best corrosion resistance, which may be due to the segregation of solute elements in the alloy containing Mn. As we all know, the corrosion resistance of magnesium alloys is attributed to galvanic corrosion between the second phases. In polarization curve, the degree of curve smoothness represents galvanic corrosion of the alloy. It can be seen from Figure 10 that the MZC0.3Mn alloy curve is smoother than the other three Mn-contained alloys, indicating that the MC0.3Mn alloy has less galvanic corrosion and minimal segregation. When the Mn content in the alloy is increased, excessive Mn causes segregation of the alloy to be severe and the corrosion resistance of the alloy is lowered.

Figure 11 shows the impedance spectra of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys. Five alloys have two capacitor rings in the high frequency region and the low frequency region. With the addition of Mn content, the diameter of the capacitor ring in the high frequency region first increases and then decreases. MZC0.5Mn alloy has the largest capacitor ring. This is consistent with the performance of the polarization curve results. The size of the capacitor ring represents the charge transfer suppression. The larger capacitor ring display and the more obvious charge suppression effect are observed, and the formed corrosion product film layer is more stable, which ultimately leads to better protection. The reason of MZC0.5Mn alloy with good corrosion resistance is that the minimum grain size and the dispersion of the second phase particles is fine and small, which makes the galvanic corrosion less.


[image: Figure 11]
FIGURE 11. The alternating current impedance spectra of as-extruded MZC, MZC0.3Mn, MZC0.5Mn, MZC0.7Mn, and MZC0.9Mn alloys.





CONCLUSION

In this paper, the microstructures, mechanical properties and electrochemical properties were investigated to determine the effect of alloying element Mn on the ternary MZC alloy. Comparing the microstructures of the five as-cast alloys, it can be found that the alloying element Mn affected the average grain size of the alloy by changing the degree of subcooling of the alloy. Compared with as-cast MZC alloy, the average grain size of as-cast MZC0.5Mn alloy was reduced by 40.1%. Furthermore, it was found that the Mn element promoted the ellipsoidal second phase and the elongated second phase of the grain boundary, and also affected the size of the ellipsoidal second phase. The ellipsoidal second phase particle size (0.8023 μm) of MZC0.5Mn alloy was reduced by 61.9% compared with the MZC alloy. The ellipsoidal second phase was determined by EDS to be mainly ternary Ca2Mg6Zn3 phase. The SEM of five as-extruded alloys showed that Mn element inhibited dynamic recrystallization and dynamic precipitation during extrusion, and further as heterogeneous nucleation sites promoted nucleation, resulting in the grain refinement of as-extruded alloys obviously. MZC0.5Mn alloy showed the best strength in the tensile test. The yield strength and tensile strength of MZC0.5Mn alloy were increased by 25.1 and 3.1%, respectively, while the elongation did not decrease significantly compared to MZC alloy. The addition of Mn in the electrochemical experiments resulted in a denser passivation film and a lower corrosion rate. Based on the comparison of five alloys, MZC0.5Mn alloy had the best comprehensive performance and can be further optimized as a biomedical bone implant material. The further improvement of the comprehensive performance of biomedical magnesium alloys by exploring the different heat treatment processes of Mn-contained alloys can be processed in the further studies, which provide a new basis for medical bone implant materials.



DATA AVAILABILITY STATEMENT

The datasets generated for this study are available on request to the corresponding author.



AUTHOR CONTRIBUTIONS

CY, MC, and YH contributed conception and design of the study. YH organized the database and analytic result and wrote the first draft of the manuscript. CY and MC provided the experimental resources and conducted experimental supervision. YH, CY, YZ, MC, and LW did the writing-review and editing.



FUNDING

The authors acknowledge the financial support for this work from the Joint Foundation of the National Natural Science Foundation of China (U1764254) and the National Natural Science Foundation of China (51871166), as well as Major Science and Technology projects in Tianjin (No. 15ZXQXSY00080).



REFERENCES

 Abdel-Gawad, S. A., and Shoeib, M. A. (2019). Corrosion studies and microstructure of Mg–Zn–Ca alloys for biomedical applications. Surf. Interface. 14, 108–116. doi: 10.1016/j.surfin.2018.11.011

 Arifin, A., Sulong, A. B., Muhamad, N., Syarif, J., and Ramli, M. I. (2014). Material processing of hydroxyapatite and titanium alloy (HA/Ti) composite as implant materials using powder metallurgy: a review. Mater. Des. 55, 167–175. doi: 10.1016/j.matdes.2013.09.045

 Bakhsheshi Rad, H. R., Idris, M. H., and Kadir, M. R. A. (2012). Characterization and corrosion behavior of biodegradable Mg-Ca and Mg-Ca-Zn implant alloys. AMM 121–126, 568–572. doi: 10.4028/www.scientific.net/AMM.121-126.568

 Bakhsheshi-Rad, H. R., Abdul-Kadir, M. R., Idris, M. H., and Farahany, S. J. C. S. (2012). Relationship between the corrosion behavior and the thermal characteristics and microstructure of Mg−0.5Ca– x Zn alloys. Corros. Sci. 64, 184. doi: 10.1016/j.corsci.2012.07.015

 Best, S. M., Porter, A. E., Thian, E. S., and Huang, J. (2008). Bioceramics: past, present and for the future. J. Eur. Ceram. Soc. 28, 1319–1327. doi: 10.1016/j.jeurceramsoc.2007.12.001

 Bian, D., Zhou, W., Deng, J., Liu, Y., Li, W., Chu, X., et al. (2017). Development of magnesium-based biodegradable metals with dietary trace element germanium as orthopaedic implant applications. Acta Biomater. 64, 422–436. doi: 10.1016/j.actbio.2017.10.004

 Cho, D. H., Lee, B. W., Park, J. Y., Cho, K. M., and Park, I. M. (2017). Effect of Mn addition on corrosion properties of biodegradable Mg-4Zn-0.5Ca-xMn alloys. J. Alloys. Compd. 695, 1166–1174. doi: 10.1016/j.jallcom.2016.10.244

 Cho, D. H., Nam, J. H., Lee, B. W., Cho, K. M., and Park, I. M. (2016). Effect of Mn addition on grain refinement of biodegradable Mg 4Zn 0.5Ca alloy. J. Alloys Compd. 676, 466–468. doi: 10.1016/j.jallcom.2016.03.182

 Du, Y. Z., Qiao, X. G., Zheng, M. Y., Wang, D. B., Wu, K., and Golovin, I. S. (2016). Effect of microalloying with Ca on the microstructure and mechanical properties of Mg-6 mass%Zn alloys. Mater. Des. 98, 285–293. doi: 10.1016/j.matdes.2016.03.025

 Gil-Santos, A., Marco, I., Moelans, N., Hort, N., and Van der Biest, O. (2017). Microstructure and degradation performance of biodegradable Mg-Si-Sr implant alloys. Mater. Sci. Eng. C 71, 26–34. doi: 10.1016/j.msec.2016.09.056

 Gu, X. N., Xie, X. H., Li, N., Zheng, Y. F., and Qin, L. (2012). In vitro and in vivo studies on a Mg-Sr binary alloy system developed as a new kind of biodegradable metal. Acta Biomater. 8, 2363–2374. doi: 10.1016/j.actbio.2012.02.018

 Gui, Z., Kang, Z., and Li, Y. (2018). Evolution of the microstructure and fracture characteristics of a Mg-Nd-Zn-Zr-Mn alloy through heat treatment and extrusion. J. Alloys Compd. 765, 470–479. doi: 10.1016/j.jallcom.2018.06.185

 Guo, M. X., Du, J. Q., Zheng, C. H., Zhang, J. S., and Zhuang, L. Z. (2019). Influence of Zn contents on precipitation and corrosion of Al-Mg-Si-Cu-Zn alloys for automotive applications. J. Alloys Compd., 778, 265–270. doi: 10.1016/j.jallcom.2018.11.146

 Han, H. -S., Loffredo, S., Jun, I., Edwards, J., Kim, Y. -C., Seok, H. -K., et al. (2019). Current status and outlook on the clinical translation of biodegradable metals. Mater. Today 23, 59–71. doi: 10.1016/j.mattod.2018.05.018

 Harkness, J. S., and Darrah, T. H. (2019). From the crust to the cortical: the geochemistry of trace elements in human bone. Geochim. Cosmochim. Acta. 249, 76–94. doi: 10.1016/j.gca.2019.01.019

 He, R. G., Liu, R. Y., Chen, Q. B., Zhang, H. J., Wang, J. F., and Guo, S. F. (2018). In vitro degradation behavior and cytocompatibility of Mg-6Zn-Mn alloy. Mater. Lett. 228, 77–80. doi: 10.1016/j.matlet.2018.05.034

 Ibrahim, H., Esfahani, S. N., Poorganji, B., Dean, D., and Elahinia, M. (2017). Resorbable bone fixation alloys, forming, and post-fabrication treatments. Mater. Sci. Eng. C 70, 872–888. doi: 10.1016/j.msec.2016.09.069

 Jiang, H., Wang, J., Chen, M., and Liu, D. (2017). Biological activity evaluation of magnesium fluoride coated Mg-Zn-Zr alloy in vivo. Mater. Sci. Eng. C, 75, 1068–1074. doi: 10.1016/j.msec.2017.03.019

 Jiang, M. G., Xu, C., Nakata, T., Yan, H., Chen, R. S., and Kamado, S. (2016). High-speed extrusion of dilute Mg-Zn-Ca-Mn alloys and its effect on microstructure, texture and mechanical properties. Mater. Sci. Eng. A 678, 329–338. doi: 10.1016/j.msea.2016.10.007

 Jin, W., Wang, G., Qasim, A. M., Mo, S., Ruan, Q., Zhou, H., et al. (2019). Corrosion protection and enhanced biocompatibility of biomedical Mg-Y-RE alloy coated with tin dioxide. Surf. Coat. Technol. 357, 79–82. doi: 10.1016/j.surfcoat.2018.10.005

 Kannan, M. B., and Raman, R. K. (2008). In vitro degradation and mechanical integrity of calcium-containing magnesium alloys in modified-simulated body fluid. Biomaterials. 29, 2307–2314. doi: 10.1016/j.biomaterials.2008.02.003

 Li, N., and Zheng, Y. (2013). Novel magnesium alloys developed for biomedical application: a review. J. Mater. Sci. Technol. 29, 489–502. doi: 10.1016/j.jmst.2013.02.005

 Liao, H., Kim, J., Liu, T., Tang, A., She, J., Peng, P., Pan, F., et al. (2019). Effects of Mn addition on the microstructures, mechanical properties and work-hardening of Mg-1Sn alloy. Mater. Sci. Eng. A 754, 778–785. doi: 10.1016/j.msea.2019.02.021

 Lin, G, Chen, M. F., Zhao, Y., Sasikumar, Y., and Tie, D. (2018a). The mechanical properties and corrosion resistance of magnesium alloys with different alloying elements for bone repair. Cryst. 8:271. doi: 10.3390/cryst8070271

 Lin, G., Liu, D., Chen, M., You, C., Li, Z., Wang, Y., et al. (2018b). Preparation and characterization of biodegradable Mg-Zn-Ca/MgO nanocomposites for biomedical applications. Mater. Charact. 144, 120–130. doi: 10.1016/j.matchar.2018.06.028

 Lou, W. B., Xue, Z. Y., and Mao, W. M. (2019). Effect of heat treatment on the microstructure and micromechanical properties of the rapidly solidified Mg61.7Zn34Gd4.3 alloy containing icosahedral phase, Int. J. Miner. Metall. Mater. 26, 869–877. doi: 10.1007/s12613-019-1799-4

 Lutz, J., and Mändl, S. (2010). Reduced tribocorrosion of CoCr alloys in simulated body fluid after nitrogen insertion. Surf. Coat. Technol. 204, 3043–3046. doi: 10.1016/j.surfcoat.2010.01.048

 Oh-ishi, K., Watanabe, R., Mendis, C. L., and Hono, K. (2009). Age-hardening response of Mg−0.3at.%Ca alloys with different Zn contents. Mater. Sci. Eng. A 526, 177–184. doi: 10.1016/j.msea.2009.07.027

 Prins, J., Donders, J. C. E., Helfet, D. L., Wellman, D. S., Klinger, C. E., Redko, M., et al. (2018). Periprosthetic femoral nonunions treated with internal fixation and bone grafting. Injury 49, 2296–2301. doi: 10.1016/j.injury.2018.10.019

 Seong, J. W., and Kim, W. J. (2015). Development of biodegradable Mg-Ca alloy sheets with enhanced strength and corrosion properties through the refinement and uniform dispersion of the Mg(2)Ca phase by high-ratio differential speed rolling. Acta Biomater. 11, 531–542. doi: 10.1016/j.actbio.2014.09.029

 Tian, P., and Liu, X. (2015). Surface modification of biodegradable magnesium and its alloys for biomedical applications, Regen Biomater., 2, 136–151. doi: 10.1093/rb/rbu013

 Witte, F. (2015). Reprint of: the history of biodegradable magnesium implants: a review. Acta Biomater. 23, S28–S40. doi: 10.1016/j.actbio.2015.07.017

 Yandong, Y., Shuzhen, K., Teng, P., Jie, L., and Caixia, L. (2015). Effects of Mn addition on the microstructure and mechanical properties of As-cast and heat-treated Mg-Zn-Ca bio-magnesium alloy. Metal. Micro. Anal. 4, 381–391. doi: 10.1007/s13632-015-0224-2

 Yin, P., Li, N. F., Lei, T., Liu, L., and Ouyang, C. (2013). Effects of Ca on microstructure, mechanical and corrosion properties and biocompatibility of Mg-Zn-Ca alloys. J. Mater. Sci. Mater Med. 24, 1367–1373. doi: 10.1007/s10856-013-4856-y

 Zhang, B., Hou, Y. L., Wang, X. D., Wang, Y., and Geng, L. (2011). Mechanical properties, degradation performance and cytotoxicity of Mg–Zn–Ca biomedical alloys with different compositions. Mater. Sci. Eng. C 3, 1667–1673. doi: 10.1016/j.msec.2011.07.015

 Zheng, Y. F., Gu, X. N., and Witte, F. (2014). Biodegradable metals. Mater. Sci. Eng. R 77, 1–34. doi: 10.1016/j.mser.2014.01.001

 Zhou, W. R., Zheng, Y. F., Leeflang, M. A., and Zhou, J. (2013). Mechanical property, biocorrosion and in vitro biocompatibility evaluations of Mg-Li-(Al)-(RE) alloys for future cardiovascular stent application. Acta. Biomater. 9, 8488–8498. doi: 10.1016/j.actbio.2013.01.032

Conflict of Interest: The authors declare that the research was conducted in the absence of any commercial or financial relationships that could be construed as a potential conflict of interest.

Copyright © 2019 Han, You, Zhao, Chen and Wang. This is an open-access article distributed under the terms of the Creative Commons Attribution License (CC BY). The use, distribution or reproduction in other forums is permitted, provided the original author(s) and the copyright owner(s) are credited and that the original publication in this journal is cited, in accordance with accepted academic practice. No use, distribution or reproduction is permitted which does not comply with these terms.












	
	ORIGINAL RESEARCH
published: 10 December 2019
doi: 10.3389/fmats.2019.00322






[image: image2]

The Poisoning Effect of Al and Be on Mg—1 wt.% Zr Alloy and the Role of Ultrasonic Treatment on Grain Refinement

Nagasivamuni Balasubramani, Gui Wang, David H. StJohn and Matthew S. Dargusch*


Centre for Advanced Materials Processing and Manufacturing (AMPAM), School of Mechanical and Mining Engineering, The University of Queensland, St. Lucia, QLD, Australia

Edited by:
John L. Provis, University of Sheffield, United Kingdom

Reviewed by:
Wenxiang Xu, Hohai University, China
 Feng Wang, Brunel University London, United Kingdom

*Correspondence: Matthew S. Dargusch, m.dargusch@uq.edu.au

Specialty section: This article was submitted to Structural Materials, a section of the journal Frontiers in Materials

Received: 24 May 2019
 Accepted: 22 November 2019
 Published: 10 December 2019

Citation: Balasubramani N, Wang G, StJohn DH and Dargusch MS (2019) The Poisoning Effect of Al and Be on Mg—1 wt.% Zr Alloy and the Role of Ultrasonic Treatment on Grain Refinement. Front. Mater. 6:322. doi: 10.3389/fmats.2019.00322



Addition of Al—Be master alloy to a Mg—Zr alloy reduces melt oxidation, however, it has a detrimental grain coarsening effect that is believed to be caused by an unknown interaction of Be with the Zr nucleant particles. However, this study found that Al is the major cause of grain coarsening. By analysis of intermetallic phases and chemical analysis for solute Zr, it was revealed that Al reacts with the undissolved α–Zr particles forming Zr—Al intermetallic phases and reducing the amount of solute Zr both of which lead to a decrease in the grain refinement efficiency of the master alloy. Despite this negative effect of Al on grain refinement, application of ultrasonic treatment (UST) produces significant grain refinement of the Mg—Zr—Al—Be alloy demonstrating the potential for developing ignition-proof and grain refined Mg alloys.

Keywords: grain refinement, ultrasonic treatment, Mg—Zr alloy, Al—Be master alloy, nucleant poisoning


INTRODUCTION

Ultrasonic treatment (UST) applied during alloy solidification produces excellent grain refinement which is necessary to achieve improved mechanical properties of the alloys (StJohn et al., 2005, 2013; Eskin, 2014, 2017). This attractive feature of UST facilitates opportunities to explore new alloy systems for which an appropriate grain refiner is unavailable (Nagasivamuni et al., 2018). Significant grain refinement has been reported for pure metals (Nagasivamuni et al., 2018, 2019b), binary alloys without refiners (Qian et al., 2010; Srivastava et al., 2017; Wang et al., 2017b) and in the presence of potent grain refiners (Ramirez et al., 2008; Atamanenko et al., 2010; Wang et al., 2017d; Nagasivamuni et al., 2019a). The application of UST to alloys containing elements that poison nucleation has also resulted in improved refinement. For example, the exceptional grain refinement of Al alloys by the addition of Ti is poisoned by the addition of Zr (Atamanenko et al., 2010; Sreekumar and Eskin, 2016) or Si (Wang et al., 2016b). It has been reported that UST generated cavitation enhances nucleation by reducing the poisoning effect and this results in grain refinement (Atamanenko et al., 2010; Sreekumar and Eskin, 2016; Wang et al., 2016b). Similarly, in carbon inoculated commercial Mg—Al alloys the interaction of Fe or Mn with C is reported to cause poisoning of grain refinement (Easton et al., 2006; Du et al., 2010) while the application of UST results in excellent grain refinement (Ramirez et al., 2008; Nimityongskul et al., 2010).

The interaction of impurities with the added grain refiner particles are specific to the type of alloy and the grain refiner. For instance it is well-known that additions of Zr to Mg alloys that contain Al, Fe, Si (StJohn et al., 2005, 2013) is not effective in promoting grain refinement and for Mg—Al alloys (AZ series), grain refinement by carbon inoculation is affected by the presence of Fe or Mn (StJohn et al., 2005, 2013; Easton et al., 2006; Du et al., 2010). Sometimes a complex interaction might occur in these alloys due to the formation of ternary or multi-component phases that may act as nucleant particles or degrade the nucleation potential of a potent particle (Easton et al., 2006; Du et al., 2010; Huang et al., 2010). Of all these grain refiner specific impurities, Be is an interesting element which has been reported to exhibit a poisoning effect in most of the Mg alloys (Mg—Al, Mg—RE and Mg—Zr) at trace levels of <100 ppm (i.e., 0.01 wt.%, all the compositions mentioned in this paper are in wt.%) (Cao et al., 2004). The advantage of adding Be to Mg alloys at trace levels is its tendency to reduce oxidation of the melt by the formation of a non-porous BeO + MgO oxide layer which in turn reduces the amount of greenhouse gases (such as CO2 and SF6) used during Mg melting and casting (Zeng et al., 2001b; Tan et al., 2016, 2018). However, the mechanism of grain coarsening and the effective methods to refine or reduce the grain coarsening tendency have not been reported for Mg alloys that contain trace amounts of Be. Investigating the application of UST to Be containing Mg-Zr alloy melts by determining the composition of dissolved solute Zr (ZrS) and total Zr (ZrT) by chemical analysis (Qian et al., 2003; Nagasivamuni et al., 2019a) could provide a better understanding of the underlying mechanisms behind nucleant poisoning and potentially lead to the development of grain refined Be-containing, ignition proof Mg alloys.

Therefore, the present work seeks to investigate the effect of UST on the grain refinement of Mg—1% Zr alloy with 0.01% Be by applying UST in (i) the liquid stage (Mg melt containing α-Zr particles) and (ii) during solidification (from above to below the Mg alloy liquidus temperature). This study is also focused on identifying the mechanisms responsible for poisoning the grain size.



EXPERIMENTAL PROCEDURE

Commercial purity Mg (99.91 wt.%), and Mg—25Zr and Al—5Be master alloys were used to produce Mg—1Zr alloy containing 0.01% Be under the protection of cover gas at 780°C. The use of an Al—Be master alloy is the standard practice of adding Be to commercial Mg alloys and for permanent mold castings with the maximum addition being limited to 0.01% Be (Zeng et al., 2001b; Czerwinski, 2014). The addition of the 0.01% Be from the master alloy increases the Al content of the alloy to 0.2%, therefore, in this study this alloy is referred to as a Mg—1Zr—AlBe alloy. Approximately 220–240 g of Mg was melted in a boron nitride coated clay-graphite crucible. Master alloys containing Zr and Be were added to the Mg melt together and there was no significant time difference between the addition of master alloys. The melt was stirred for 2 min and then removed from the furnace after 5 min to solidify in room temperature atmosphere for the as-cast condition. UST applied above the liquidus temperature of the Mg alloy for 1 min is referred to as UST-L (750 until 660°C) and during solidification is referred to as UST-S (690–650°C) applied for 2 min. Additional details on the methods adopted and equipment used during the casting process, UST, sample preparation, composition analysis for solute (ZrS) and total Zr (ZrT) and etching procedures are described elsewhere (Nagasivamuni et al., 2019a,b). Table 1 shows the composition of the alloys investigated in the as-cast condition and after UST. All the chemical analysis samples were taken from the top region of the casting and for the as-cast alloy the composition was also analyzed from the bottom region of the sample that contains settled α-Zr particles as shown in Figure 1A. A Hitachi table top scanning electron microscope (TM3030) equipped with Energy Dispersive X-ray spectroscopy (EDS) at an accelerating voltage of 15keV and Bruker D8 Advance MKII X-ray diffraction were used to characterize the nucleant particles in the alloy.


Table 1. Chemical analysis for ZrS, ZrT and percentage of solute in Mg—1Zr and Mg—1Zr—AlBe alloy under different casting conditions.

[image: Table 1]


[image: Figure 1]
FIGURE 1. Macrostructures of Mg—1Zr—AlBe alloy in (A) as-cast (B) UST-L and (C) UST-S conditions and their corresponding microstructures (D–F) were taken from the middle region of the casting. Under similar conditions the microstructures in (G–I) represent the Mg—1Zr alloy that shows excellent grain refinement. (J) Compares the grain size of the Mg—1Zr alloy with the Mg—1Zr—AlBe alloy. The inferior grain refinement performance is explained through the loss of solute Zr (ZrS) plotted in (K).




RESULTS

Figures 1A–C show the macrostructures of the Mg—1Zr—AlBe alloy in the as-cast, UST-L and UST-S conditions and their respective microstructures are shown in Figures 1D–F. For comparison, the macro and micro structures of the Mg—1Zr alloy cast under similar conditions are shown in Figures 1G–I (Nagasivamuni et al., 2019a). Figure 1D exhibits a coarse microstructure with a smaller number of particles in the matrix due to settling of α-Zr particles to the bottom region of the casting (Figure 1A). However, under similar casting conditions and settling tendencies the Mg—1Zr alloy exhibits better refinement, Figure 1G (Nagasivamuni et al., 2019a). This settling behavior of α-Zr particles alters the alloy composition and deviates from the intended alloy composition in the as-cast condition. After UST-L and UST-S, the amount of settling is reduced in the Mg—1Zr—AlBe alloy (Figures 1B,C), however, the grain refinement trend lies above the refinement produced by the Mg—1Zr alloy as shown in Figure 1J. The best refinement conditions for the Mg—1Zr—AlBe alloy can be expressed as UST-S > UST-L > as cast.

The composition analysis shown in Table 1 is plotted in Figure 1K for ZrT against ZrS. A significant drop in ZrS is noted for the Mg—1Zr—AlBe alloy with respect to ZrT when compared to the Mg—1Zr alloy under all casting conditions. Table 1 presents the amount of ZrS in the alloy as a percentage with respect to the equilibrium solubility limit (ZrS = 0.5 wt.%). A noticeable reduction is observed in the amount of ZrS and this percent remains <20% (top region) after UST for the Mg—1Zr—AlBe alloy. It is well-known that ZrS is responsible for the activation of α-Zr particles to achieve maximum grain refinement in Mg—Zr alloys (Qian and Das, 2006; Nagasivamuni et al., 2019a). Due to the very low solute content in the Mg—1Zr—AlBe alloy the extent of refinement is significantly lower for all casting conditions (Figure 1J).

Figures 2A,B show the microstructures from the bottom region of the as-cast Mg—1Zr and Mg—1Zr—AlBe alloys. Despite a high ZrT (5.3%) and 0.33% ZrS, it is interesting to note from Figure 2B that the grains in the Mg—1Zr—AlBe alloy are much larger (1550 ± 350 μm) than the grains observed in the Mg—1Zr alloy in this region (Figure 2A with 114 ± 38 μm). Figures 2C,D show the X-ray diffractogram of the particles present in the bottom region (Figures 2A,B) separated for two ranges of 2θ to improve clarity. The base alloy contains predominantly Mg and Zr peaks. Due to their similar crystal structures most of the α—Zr coincides with α—Mg peaks. Since, the sample was taken from the bottom of the casting, crucible contamination such as Si peaks are identified.


[image: Figure 2]
FIGURE 2. Microstructures of as-cast (A) Mg—1Zr alloy and (B) Mg—1Zr—AlBe alloy analyzed from the bottom region of the casting exhibits different grain sizes due to the presence of potent and impotent particles (the black phase), respectively. Characterization of the Zr—Al intermetallic phases by an X-ray diffractogram of particles in the settled regions of (A,B). To more clearly show the data the diffractogram is divided into the range of 2θ (C) from 30 to 50 degrees and (D) from 50 to 100 degrees.


Analysis of the particles in the Mg—1Zr—AlBe alloy were limited to binary phases of Zr containing Al and Be (ternary or multicomponent interactions were ignored). From Figures 2C,D it is observed that the intensity of prominent peaks of α–Zr at 36.68°, 57.42°, 68.69° and 90.48° in the Mg—1Zr alloy were lower for the Mg—1Zr—AlBe alloy. The possible combinations of Zr—Al phase are indicated in Figure 2C and other Zr-rich phases are marked as ZrxAly because it is challenging to identify any specific Al—Zr phase at very low concentrations. A possible non-stoichiometric Zr—Al intermetallic compound is shown in Figures 2C,D because the addition of Mg—25Zr master alloy contains many α-Zr particles that can be easily affected by the dissolved Al atoms to form such phases. It should be noted at this stage (Figure 2B) that the interaction of Al with Zr has a tendency to decrease the excellent potency of Zr either by forming a different crystal structure or reducing the number of preferential planes for crystal nucleation on the surface of the α-Zr particles (Fan, 2013). Figure 2B shows a large increase in the particle size and α-Mg grain size which indicates significant growth or transformation of the α-Zr particles into Zr—Al phases. A slight enrichment of Be (0.0082%) is observed from the composition analysis in the bottom region, however, it is difficult to detect using X-ray analysis and to interpret its interaction.

Figure 3A shows the back scattered electron image of a grain (dashed line) with possible particles identified as nucleation sites (dotted circle) in the Mg—1Zr—AlBe alloy after UST-S. The elemental analysis of particles marked as A and B in Figure 3A are shown in Figure 3B. Both of these particles are rich in Zr with traces of Al. An enlarged view of Zr—Al particles in Figure 3C shows numerous small particles and few large white particles. The size distribution in Figure 3D shows that the particles present in UST-S and UST-L have an average size of 3.1 ± 1.4 μm and 2.8 ± 2.0 μm, respectively. Very fine particles <1 μm were excluded from the analysis as they are unlikely to contribute to grain refinement (Greer et al., 2000). This size distribution of particles is slightly larger than that reported for the Mg—1Zr alloy (Nagasivamuni et al., 2019a) which might be due to the formation of Zr—Al phases. Elemental mapping in Figure 3E shows two types of Zr—Al particles with one rich in Zr and the other rich in Al based on relative color intensity. For a better understanding, individual particles and clusters of particles from the microstructure samples (middle region) were analyzed in different fields after UST-S and UST-L and the EDS analysis is shown in Figures 3F,G. It is found that almost all of the Zr nucleant particles were associated with the presence of Al. Considering the limitations due to SEM-EDS interaction volumes of, for example 1–5 microns, within the sample, it is almost impossible to find a Zr particle that does not contain Al. This indicates that most of the Al is concentrated toward the vicinity of the α-Zr particles. The ratio of normalized wt.% of Al/Zr reveals that the interaction of Al varies from a ratio as low as 0.2–0.5 indicating that most of the particles are rich in Zr and only a few particles are rich in Al. Therefore, it is observed that both Zr solute and Zr nucleant particles are affected by the addition of the Al—Be master alloy.


[image: Figure 3]
FIGURE 3. (A) Back scattered electron image of Mg—1Zr—AlBe alloy after UST-S showing a grain within the dashed line and possible nucleant particles are denoted as A and B. (B) shows the corresponding EDS analysis. (C) BSD image of particles with different sizes and (D) shows their size distribution histograms. Two types of Zr—Al particles were identified in (E) with one rich in Zr and the another particle rich in Al. Almost all the α-Zr particles contain Al in (F) UST-L and (G) UST-S conditions where the Al/Zr ratio varies between 0.2 and 0.5 calculated from normalized wt.%.




DISCUSSION

Significant grain coarsening was reported by Cao et al. (2004) in Zr containing and Zr-free Mg alloys and suggested that nucleant poisoning occurs due to a Be coating formed on the surface of potent particles because any excess addition of Zr to Be containing Mg—Zr alloy did not refine the grains. However, the interaction of Al with Zr or the amount of the dissolved solute Zr in the Be added alloy was not reported in detail. The results of the present work imply that Al is the cause of nucleant poisoning rather than Be. Because, it is well-documented that Be segregates to the surface of a magnesium melt forming either BeO (Zeng et al., 2001a; Horst and Barry, 2006) or a complex (Mg, Be)O layer (Tan et al., 2016, 2018), it is expected that most of the Be diffuses toward the surface of the melt where it is converted into protective oxides. The composition analysis in Table 1 supports these observations because the Be concentration remaining in the bulk of the alloy is much lower (0.002%) than the intended composition (0.01%). Although the bottom (settled) region in the as-cast Mg—1Zr—AlBe alloy contains 0.0082% Be, after UST-S with a reduced settling effect (Figure 1C) the Be concentration in the melt is only 0.0002%. The percentage ratio of Be/ZrT essentially remains the same at 0.15% and 0.24% in as-cast and after UST-S. Therefore, the interaction of Be with Zr nucleant particles can be considered to be insignificant when compared to the effect of Al. Regarding the interaction of Be with the native nucleant particles, a grain coarsening tendency is reported as being more noticeable in commercial purity Mg than in high purity ingot (Ichikawa and Saito, 1963) and Be addition is also patented as a powerful Fe removal agent for Mg alloys (Cao et al., 2004; StJohn et al., 2005). Because the mechanism of the Fe/Mn interaction with nucleant particles is not known in Zr-free Mg alloys (StJohn et al., 2005, 2013), the grain coarsening effect of Be in those alloys needs further research.

The dissolved Al which is at a higher concentration (0.2 wt.%) than Be (0.01%), interacts with Zr in two possible ways (i) with undissolved α-Zr particles and (ii) with dissolved Zr present as solute (ZrS). Table 2 lists the possible Zr—Al phases reported for an equilibrium Al—Mg—Zr system after (Bochvar and Bulanova, 2005) in which it is stated that at least 0.05 % Al and 0.04 % Zr is required for the formation of ZrAl3. For Al concentrations below this limit intermetallic precipitates such as Zr2Al, Zr2Al3, Zr4Al3, and Zr rich phases are probable as shown in XRD analysis (Figure 2C). To compare with the chemical analysis results estimated in wt.%, the fraction of Al, Zr and the Al/Zr ratio were calculated from the molecular weight of individual intermetallic phases. The fraction of Al/Zr estimated from the normalized wt.% of EDS analysis is also included in Table 2 where it matches with the Al/Zr ratio of some of the possible Zr—Al phases. It should be noted that this normalized wt.% from the EDS analysis is based on the concentration of elements present in that region regardless of the type of crystalline phase. Therefore, EDS quantification cannot be directly approximated for the characterization of a particular intermetallic phase.


Table 2. Quantification of possible binary Zr—Al intermetallic phases according to the Al—Mg—Zr equilibrium diagrams (Bochvar and Bulanova, 2005) and from the XRD database.

[image: Table 2]

From Table 1, it is found that UST can increase the amount of solute Zr to the maximum solubility level of 0.5 wt.% in the Mg—1Zr alloy. Therefore, the precipitation of the Zr—Al intermetallic phases was assumed to occur from both dissolved Al (0.2 wt.%) and solute Zr (0.5 wt.%) and the corresponding amount (in wt.%) of different Zr—Al phases are calculated by taking Al as the reaction limiting element and presented in Table 2. From Table 2, it is interesting to note that formation of one or more combinations of Zr—Al phases could lead to severe loss of both Zr as solute and total Zr in the alloy. For instance, if it is assumed that only ZrAl3 intermetallic is formed in the melt because this intermetallic phase is often found in Mg—Zr alloys that contain Al (Lavernia et al., 1987; Fan, 2013), then the Mg—1Zr—AlBe alloy is still left with free solute of 0.3 wt.% Zr and total Zr of 0.8 wt.%. This level of solute Zr and unaffected α-Zr particles are sufficient to obtain significant refinement (Nagasivamuni et al., 2019a). However, in Mg alloys containing (3–10 wt.%) Al and (0.01–1.6 wt.%) Zr (Bochvar and Bulanova, 2005) and in AZ91 alloy (Kabirian and Mahmudi, 2009), ZrAl2 and Zr2Al3 were identified and no ZrAl3 phase was reported. According to Table 2, the formation of ZrAl2 and Zr2Al3 could almost deplete the amount of solute Zr present in Mg—1Zr alloy (consuming 50% of total Zr). For even richer Zr phases (Al/Zr < 0.30) such as Zr4Al3 and Zr3Al2, complete consumption of Zr occurs and the melt is left with only impotent nucleation substrates of Zr—Al particles. For instance, the formation of tetragonal ZrAl3 phase has a lattice misfit of 12.55% with α—Mg compared to potent α—Zr particles with a misfit of only 0.67% (Fan, 2013). Interestingly, the values of ZrS and ZrT become negative if one or more combinations of Zr rich phases occurs in the melt consuming all the Zr added to the alloy. It should be noted that the formation of more Zr-rich phases at very low concentrations of Al can consume 2–16% of Zr and this explains the important reason why any excess addition of Zr to Mg alloys containing Al is not effective in promoting significant grain refinement. The calculation indicates that most of the Zr—Al constituents in Table 2 fall below 2% therefore, no strong peak was observed in the XRD graph to characterize a particular intermetallic other than α—Zr, Zr0.95Al0.05, and Zr0.96Al0.04. Although some possible phases based on the high intensity lines were characterized as Zr3Al2 and Zr5Al3 marked as 1 and 2, respectively in Figure 2C, which also matches closely with the EDS and chemical analysis results of ZrS.

It should be noted that the above discussion is based on the assumption that dissolved Al and solute Zr results in Zr—Al phase formation. However, in order to form a Zr—Al intermetallic from dissolved constituents, a substrate is needed to facilitate nucleation and growth (Wang et al., 2017a). In the case of the Mg—1Zr—AlBe alloy, the melt initially contains numerous α-Zr particles that could readily serve as nucleation sites for the Zr—Al phases. Therefore, it is necessary to understand the interaction of the dissolved Al with undissolved α-Zr particles in the melt. Figures 4A,B show the BSD image of the Mg—1Zr and Mg—1Zr—AlBe alloys from the bottom region in the as-cast condition. Figure 4A shows Zr as bands of fine particles segregated along the grain boundary regions and a larger undissolved α-Zr particle with an approximate size of ~25 μm. After the addition of Al—Be master alloy, several Zr—Al particles are observed within the Zr segregated regions and these particles are distinctly identified as faceted structures. The magnified insert image in Figure 4B shows these Zr—Al intermetallic particles more clearly. Figure 4C shows a typical cluster of α-Zr particles in the Mg—1Zr—AlBe alloy. EDS analysis at point 1 shows the presence of Al and Zr while at point 2 the cluster is rich in Zr with very low Al. This might be a larger Zr particle similar to that shown in Figure 4A, which is surrounded by numerous fine Zr—Al phases after the addition of the Al—Be master alloy. Therefore, it is more likely that the α-Zr particles act as preferential heterogeneous sites for the precipitation of fine Zr—Al phases in the melt which are then dispersed into the melt. The precipitation and growth of Zr – Al phases would lead to the significant reduction in the solute Zr content observed in the alloy. These observations would explain the coarse grain size (1.55 mm) observed in the bottom region of the as-cast Mg—1Zr—AlBe alloy that contains 5.3 wt.% of particles (Figure 2B) where the growth restriction factor of the alloy is now very low and the distance between potent particles is also very large.


[image: Figure 4]
FIGURE 4. BSD images of (A) the as-cast Mg—1Zr alloy showing the presence of a blocky undissolved α-Zr particle and fine Zr particle segregation and (B) the Mg—1Zr—AlBe alloy showing faceted Zr—Al intermetallic particles. (C) BSD image of a Zr particle cluster in the Mg—1Zr—AlBe alloy surrounded by fine precipitates of Zr—Al intermetallic phases. EDS analysis shows that point 1 contains Al and Zr, whereas point 2 is rich in Zr.


The liquid treatment, UST-L, produces excellent refinement when the alloy contains more potent substrates and solute (Atamanenko et al., 2010; Wang et al., 2017c; Nagasivamuni et al., 2019a). The solidification treatment UST-S, on the other hand, can produce refinement in pure metals (Wang et al., 2017d; Nagasivamuni et al., 2018) and dilute alloys (Wang et al., 2014, 2016a, 2017b; Srivastava et al., 2017) without potent substrates. The mechanism of refinement in both cases is briefly explained elsewhere (Nagasivamuni et al., 2018, 2019a,b). UST-L produces a better dispersion of particles than the as-cast condition, however, the activation of nucleation depends on the amount of solute (ZrS) in the alloy. During UST-S, nucleation is favored by forced acoustic convection and low temperature gradients (Wang et al., 2017b; Nagasivamuni et al., 2018, 2019a,b). It is interesting to note that in either case, the presence of solute plays an important role in facilitating nucleation and the survival of grains which can be understood by comparison with the Mg—1Zr alloy (Figure 1J). Due to the poisoning of the α-Zr particles and the low amount of Zr solute, the extent of grain refinement is less than that of the Mg—1Zr alloy. Nevertheless, UST demonstrates the potential to refine the grains in the alloy containing low additions of Al and Be and could be beneficial for the development of ignition resistant and grain refined Mg alloys.



CONCLUSIONS

This research reveals that the grain coarsening effect of the Al—Be master alloy added to a Mg—Zr alloy mainly arises from the interaction of Al and Zr resulting in the formation of Al—Zr intermetallic phases and a reduction in the amount of Zr solute rather than an effect of Be. Together, the reduction in potency of α-Zr particles as nucleants and the amount of Zr solute due to reaction with Al cause grain coarsening. The significantly lower concentration of Be in the cast and UST processed alloy (<0.001 and 0.002%, respectively) supports the results of other research that Be has diffused to the surface of the melt forming oxides. Even at very low Zr solute contents and with impotent Zr nucleant particles, UST-S produces a greater reduction in grain size than produced by UST-L, demonstrating the potential to develop ignition proof, grain refined Mg castings with Be addition.
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Friction stir welding (FSW) is a solid-state joining technique, which can avoid surface distortion and grain coarsening, and is very suitable for the joining of magnesium (Mg) alloys. However, a pronounced and inhomogeneous deformation texture was usually formed in the stir zone (SZ) of Mg welds. This has significant effect on the joint strength and fracture behavior of FSW Mg joints. In this review, microstructure and texture evolutions in weld zone (WZ) are analyzed based on the electron backscatter diffraction (EBSD) data. Schmid factor (SF) changes for slip and extension twinning were observed and discussed. The localized plastic deformation and fracture mechanisms of Mg welds are analyzed. In addition, some methods for improving the joint strength of FSW Mg welds are tested. Finally, the research direction of FSW Mg alloys in the future is determined.

Keywords: friction stir welding, magnesium alloy, texture, localized deformation, fracture


INTRODUCTION

Mg alloys continue to receive significant interests in automotive and aerospace industries due to their obvious advantages of low density and high specific strength (Barnett et al., 2004; Suhuddin et al., 2009; Yang et al., 2010; Kainer, 2016; Dieringa, 2017). To widen their application, it is important to consider the advanced joining technology of Mg alloys (Lee et al., 2003; Xunhong and Kuaishe, 2006; Xie et al., 2007). Unfortunately, conventional fusion welding faces many challenges such as porosity, crack, intolerable distortions, emission of non-toxic fumes and evaporative loss of alloying elements (Commin et al., 2009; Cam, 2011). As a solid-state joining technique, friction stir welding (FSW) can avoid solidification problems associated with conventional fusion welding and has great potential in welding light metals such as Mg alloys (Woo et al., 2006; Lee et al., 2007; Afrin et al., 2008; Argade et al., 2012; Chen et al., 2013; He et al., 2014; Sidhar et al., 2016).

FSW was invented at the Welding Institute (TWI) of the United Kingdom in 1991, and it was initially applied to aluminum alloys (Thomas et al., 1991, 2003). During FSW, a non-consumable rotating probe is inserted into the abutting edges of the workpieces and traversed along the line of the joint (see Figure 1). The localized heating softens the materials around the probe. The combination of tool rotation and translation leads to movement of materials from the front to the back of the probe. Severe plastic deformation and friction heat in this process lead to dynamic recrystallization in weld zone (WZ), causing significant grain refinement (Freeney and Mishra, 2010; Xin et al., 2013b; Ni et al., 2014). Based on the basic principles of FSW, friction stir processing (FSP) technique was developed by Mishra et al. (1999) and Mishra and Mahoney (2001) mainly for the purpose of microstructure modification (Berbon et al., 2001; Bhargava et al., 2009; Cui et al., 2009; Yuan et al., 2011, 2013; Mansoor and Ghosh, 2012; Jain et al., 2013; Nene et al., 2018). Mohan et al. (2013) found that the average grain size of the FSP AZ91 alloy was 0.5 μm, which exhibits high strain rate superplasticity. The elongation of 1,251% was achieved at a strain rate of 1 × 10−2 s−1 and temperature of 330°C.


[image: Figure 1]
FIGURE 1. Schematic illustration of the FSW process.


Previous studies confirmed that various series of Mg alloys, such as AZ (Mg-Al-Zn) (Afrin et al., 2007, 2008), AM (Mg-Al-Mn) (Cavaliere and De Marco, 2007), and ZK (Mg-Zn-Zr) (Mironov et al., 2007; Xie et al., 2008) have been successfully joined by FSW. However, a pronounced and inhomogeneous texture with (0001) plane roughly parallel to the probe surface was generally formed in stir zone (SZ) (Park et al., 2003a,b; Woo et al., 2008; Xin et al., 2012). As well-known that Mg alloys have strong mechanical anisotropy due to the limited number of slip systems and the large difference of critical resolved shear stress (CRSS) among the various slip and twinning systems (Song et al., 2019). Therefore, the presence of strong local texture in SZ would cause severe non-uniform plastic deformation during transverse tensile tests on the Mg joint (Ma, 2008; Xin et al., 2013a; Liu et al., 2014). This significantly deteriorates the joint strength. In addition, it was found that fracture consistently initiates in the transition region between thermal-mechanical affected zone (TMAZ) and SZ-side on advancing side (Lim et al., 2005; Yang et al., 2010; Dorbane et al., 2016).

As seen from the above descriptions, WZ is the weak place for FSW Mg alloys. In-depth understandings on its mechanical property and deformation behavior are necessary for the wide application of Mg joints. In this paper, the localized plastic deformation and fracture mechanisms of Mg welds with typical micro-texture development are discussed. In addition, some methods for improving the joint performance are tested. Finally, the research direction on FSW Mg alloys is determined.



PROPERTIES AND DEFORMATION MECHANISMS OF FSW MG JOINT


Texture and Joint Strength

Figure 2 demonstrates the evolution of complicated microtexture in the WZ of an FSP Mg alloy (Xin et al., 2010). The base material (BM) has an initial basal texture with the c-axis of most grains parallel to normal direction (ND). A localized strong basal texture is formed in SZ and it tends to tilt from transverse direction (TD) to processing direction (PD) with the position moving from SZ-side to SZ-center. This is mainly related to the shear stress generated by the rotation of the cylindrical probe surface (Park et al., 2003a). Moreover, the <0001> direction tends to tilt to ND at upper and bottom sections of SZ. The formation of <0001>//ND texture in the upper and bottom sections is attributable to the stirring effect of the tool shoulder and the probe tip, respectively. The texture in TMAZ was also affected by the stir probe, which is more diffuse compared to that in BM, and the <0001> direction was tilted toward TD. The <0001> texture in heat affected zone (HAZ) is similar to that in BM, but more diffuse. The <0001> direction in crown zone (CZ) slightly deviates from ND due to the stress from the tool shoulder.


[image: Figure 2]
FIGURE 2. Overall cross-sectional macrostructure of the FSP AZ31 Mg alloy and the {0002} pole figures in various regions of the joint (Xin et al., 2010) (Copyright © 2010, Trans Tech Publications Ltd.).


The complicated texture distribution in Mg welds has strong influences on joint performance (Xin et al., 2013a; Liu et al., 2014; Moraes et al., 2017). As shown in Figure 3, the yield strength (YS) and ultimate tensile strength (UTS) of an FSP AZ31 alloy are much lower along TD than that of the as-received plate (Xin et al., 2012). Moreover, the elongation of the former is obviously decreased. The mechanical properties of several kinds of FSW Mg alloys [AZ31 (Yang et al., 2010; Xin et al., 2014; Ugender, 2018), AZ61 (Park et al., 2003b; Singh et al., 2018), ZK60 (Xie et al., 2008), ZM21 (Harikrishna et al., 2010), and Mg-Zn-Y-Zr (Xie et al., 2007)] were further summarized, as shown in Figure 4. It is seen that the YS and UTS of FSW Mg alloys are generally lower than that of BM. Therefore, it is desirable to understand the effects of textural variation in Mg welds on joint strength and the underlying plastic deformation mechanism.


[image: Figure 3]
FIGURE 3. Stress-strain curves of the transverse tensile specimen cut from the BM and the FSP AZ31 Mg alloy (Xin et al., 2012) (Copyright © 2012, Springer Nature).



[image: Figure 4]
FIGURE 4. Summary of the mechanical properties of FSW Mg alloys: (A) YS and (B) UTS.




Inhomogeneous Deformation of Joint

It is seen from Figure 5A that the Mg alloy joint has suffered severe non-uniform macroscopic plastic deformation (Xin et al., 2012). To estimate the inhomogeneity of plastic deformation, the thickness and width reductions in the different regions were measured and are presented in Figure 5B. It reveals that SZ-side experienced the largest deformation, while SZ-center and HAZ experienced the least deformation. Consequently, necking was observed in SZ-side. Xin et al. (2012) calculated the Schmid factor (SF) maps for an FSP AZ31 plate based on EBSD data, as shown in Figure 5C. It is seen that SZ-side has the largest mean SF (~0.40) for basal slip, while SZ-center has the lowest (~0.14). Considering basal slip is the most easily activated deformation mode for Mg alloy at room temperature (RT), the SF analysis indicates that SZ-side is the softest and SZ-center is the hardest during transverse tensile tests. This is consistent with the observed inhomogeneous deformation for Mg joints as shown in Figure 5B. The grains in SZ-center, TMAZ, and HAZ are oriented favorable for prismatic slip and c+a slip. However, these slip modes have high CRSS, and hence are difficult to activate at RT. Thus, the profuse activation of basal slip should be an important factor for necking in SZ-side.


[image: Figure 5]
FIGURE 5. (A) Macrograph of the Mg weld after transverse tensile test; (B) measured with width and thickness at different sub-regions of the FSP AZ31 Mg alloy after tensile fracture. The original width and thickness of tensile samples were 5 and 3 mm, respectively; (C) SF maps of the various regions of the Mg weld (Xin et al., 2012) (Copyright © 2012, Springer Nature).


It is known that {10–12} extension twinning is also an important deformation mode for Mg alloys because of its low CRSS (Barnett, 2007; Lin et al., 2016). Besides, twinning activity is highly dependent on grain orientations with respect to the loading direction. As shown in Figure 6A, few extension twin boundaries were observed in SZ-center and there is no obvious peak around 86° in the misorientation angle distribution. On the contrary, considerable twin boundaries are identified in SZ-side (Figure 6B) and the corresponding misorientation angle distribution indicates that there is a strong peak around 86°. This implies that the profuse activation of extension twinning is also responsible for the necking occurred in SZ-side. Theoretical calculation, however, indicates that the strain accommodated by extension twinning is very limited (Barnett, 2007). On the other hand, basal slip can continuously accommodate the applied plastic strain. Therefore, it is considered that the strain localization occurred in SZ is mainly attributed to basal slip. In addition, the profuse activation of basal slip and extension twinning in SZ-side is an important reason for the lower YS and UTS of the joint compared to BM.


[image: Figure 6]
FIGURE 6. EBSD orientation maps of the (A) SZ-center and (B) SZ-side after ~5% strain along TD and the corresponding misorientation angle distributions (Xin et al., 2012) (Copyright © 2012, Springer Nature).


Many studies found that an “embossed” phenomenon appears in SZ-center during the transverse tensile tests on FSW Mg joints (Xin et al., 2013a; Liu et al., 2014). Prangnell and Heason (2005) and Yang et al. (2014b) attributed this to the different sheared material layers between the two sides of the specimen. However, Xin et al. (2013a) believed that the activation of basal slip in SZ-side was a major factor for the formation of this “embossed phenomenon.” The reasons for this behavior are complicated and further studies are certainly required.

It is difficult to observe the material flow in SZ during the actual welding process. Numerical simulation can help overcome this problem (Yu et al., 2012; Baffari et al., 2018; Iqbal et al., 2019). For example, the material flow and temperature field (Nandan et al., 2006) near the probe surface have been predicted and the mechanical response (Chiumenti et al., 2013) have been analyzed during FSW process. Kim et al. (2017) simulated the texture evolution in SZ of AZ31 Mg alloys during FSW process using a visco-plastic self-consistent (VPSC) polycrystal model. Ren et al. (2019) developed a crystal plasticity finite element model (CPFEM) to simulate the localized deformation of an FSW AZ31 Mg joint during bending. They confirmed that the strongly localized texture in conjunction with the different activities of slip and twinning in each sub-region cause the severe strain heterogeneity in welding direction (WD). Moreover, the localized deformation of FSW Mg alloys during transverse tensile test have been analyzed by digital image correlation (DIC) technique (Mironov et al., 2017) and surface depth measurement (Liu et al., 2014). In their study, a random ink pattern was applied on sample surface and the movement of the ink pattern during test was recorded by a high speed digital camera. Then, the in-plane Lagrangian strains can be obtained by the DIC technique.



Fracture Mechanisms

The fracture behavior of FSW/FSP Mg alloys is a hot topic of current research. Extensive studies indicate that fracture consistently initiates in the transition region between SZ and TMAZ on advancing side (AS) (Lim et al., 2005; Fu et al., 2012). It was found that fracture initiated in SZ where the grains were oriented favorable for basal slip (Park et al., 2003b; Woo et al., 2006). Some researchers further revealed that extension twinning activated at SZ-side can accelerate fracture (Xin et al., 2012). Some other researchers attributed fracture initiation to the incompatible plastic deformation at TMAZ/SZ interface where texture sharply changed (Xin et al., 2010, 2012; Yang et al., 2010; Shang et al., 2017a).

As seen from the above reports, the transition zone is a weak place. Therefore, it is necessary to have an in-depth understanding on the deformation behavior of this region. Figure 7 shows the SF maps for extension twinning and basal slip based on the EBSD data in transition region on AS (Xin et al., 2013a). The SF maps were obtained by an in-house program developed by Xin. For each orientation, six twin variants were considered and the maximum SF was taken to color the maps. If the strain generated by the twin is opposite in direction to that of the imposed strain, the SF was assigned zero. Figure 7A reveals that a narrow region (~100 μm) in SZ-side, close to SZ/TMAZ interface has the highest SF for extension twinning. A relatively wide region in SZ-side, slightly away from the SZ/TMAZ interface shows the highest SF for basal slip (Figure 7B). Based on the SF maps, SZ-side was divided into two micro-regions (Xin et al., 2013a). One is the Easy to Activate Extension Twinning (EAET) region and the other is the Easy to Activate Basal Slip (EABS) region. In addition, the SF for extension twinning in TMAZ is lower than that in EAET, showing a boundary in the transition region. {0001} pole figures of various micro-regions are presented in Figure 7C, indicating that the c-axis is nearly parallel to TD in EAET region, while it is inclined ~40° toward TD in EABS region. The <0001> direction was tilted ~25° clockwise to ND in TMAZ. This sharp texture change in each micro-region might cause deformation incompatibility and initiate fracture (Xin et al., 2010).


[image: Figure 7]
FIGURE 7. SF maps of deformation mechanisms for tension along TD at the transition region between TMAZ and SZ-side on AS (Xin et al., 2013a): (A) extension twinning, (B) basal slip; (C) {0001} pole figures at the transition zone (Copyright © 2013, ELSEVIER S.A.).


Recently, Liu et al. (2016a) reported that a triple junction region existed among TMAZ, CZ and SZ in AS, but it was not evident in RS. Drastic texture changes were found among the triple regions. They concluded that the significant SF differences among the different parts are the evidences for deformation incompatibility. This accelerated fracture in the triple junction region in AS. However, some researchers found that fracture also initiates in RS during transverse tensile test on FSW AZ31 Mg alloys (Liu et al., 2015). They attributed this rare situation to the easier activation of basal slip in RS than AS, which caused more severe strain localization in RS. In addition, Mironov et al. (2017) studied the tensile behaviors of FSW AZ31 alloys along TD using EBSD and DIC technique, and found that failure initiates at the weld root and originates from {10–11}–{10–12} double twinning.




WAYS TO IMPROVE THE JOINT STRENGTH

The complex texture distribution in FSW Mg joints largely deteriorates the joint strength and hinders their widespread application (Lim et al., 2005). Therefore, great efforts have been devoted to improve the joint performance. It was found that welding parameters such as weld speed and rotation rate can control heat input and modify grain size and texture of an FSW joint (Commin et al., 2009; Padmanaban et al., 2010; Yang et al., 2010, 2013; Liu et al., 2011; Chowdhury et al., 2013; Hütsch et al., 2014; Pan et al., 2016; Rao et al., 2016; Alireza Askariani et al., 2017; Richmire et al., 2018). So, it is possible to improve the joint strength by varying welding parameters. Shang et al. (2017b) indicated that the non-uniform deformation of FSW AZ31 Mg joints can be suppressed by modifying the texture distribution through increasing the tool rotation rate, which then improved the tensile strength and ductility. Xu et al. (2018) joined AZ31 plates by FSW with an extremely low welding speed and rotation rate. They found that the strong texture is randomized in the whole WZ and the strength of FSW Mg joints was enhanced without ductility loss.

Xin et al. (2016) joined AZ31 plates by FSW with two types of welding parameters, and these were referred to as FSW-H joint (rotation rate of 1,600 rpm and welding speed of 600 mm/min) and FSW-L joint (rotation rate of 800 rpm and welding speed of 90 mm/min), respectively. They found that welding parameters largely affected the texture distribution in SZ (Figures 8A,B). The c-axis is nearly parallel to the WD-TD plane in FSW-H joint, while it was rotated away from the WD-TD plane in FSW-L joint. Moreover, high welding speed and rotation rate increased the size of SZ and decreased the size of CZ. The SF distributions for basal slip (Figure 8C) and extension twinning (Figure 8D) were calculated as a function of (0001) pole orientation. The tensile stress along TD was assumed for the calculation. It shows that for FSW-H joint, the grains in SZ-side are favorable for extension twinning and the grains in the region close to SZ-side are favorable for basal slip. While for FSW-L joint, the grains in both areas are more favorable for basal slip. As a consequence, the activation ability of basal slip and extension twinning was changed, which therefore influence the joint strength, inhomogeneous plastic deformation and fracture behaviors. The stress-strain curves of the as-received plate and AZ31 Mg alloy joints are displayed in Figure 9. It shows that the YS is almost the same for the two kinds of Mg joints, lower than that for BM. However, the elongation and UTS of the FSW-H joint increased compared to that of FSW-L joint.


[image: Figure 8]
FIGURE 8. {0001} pole figures for different regions in the SZ of (A) FSW-H joint and (B) FSW-L joint (Xin et al., 2016); (0001) pole figures showing the calculated SF for (C) basal slip and (D) extension twinning. The region close to SZ-side and SZ-side in FSW-H and FSW-L joints are superimposed on the pole figures and indicated by □, ◦, ▵, and, ▿ respectively (Copyright © 2016, ELSEVIER BV).



[image: Figure 9]
FIGURE 9. Stress-strain curves of the as-received plate and FSW AZ31 Mg alloys (Xin et al., 2016) (Copyright © 2016, ELSEVIER BV).


Because of the strong anisotropic mechanical properties of Mg alloys, texture control post-weld deformation could be another effective way to improve the joint strength of FSW/FSP Mg alloys. Lee et al. (2007) reported that a post compressive strain of ~6% could largely raise the YS of an FSP Mg plate, which was attributed mainly to texture strengthening. Rolling (Figure 10A) (Xin et al., 2013b), tension (Figure 10B) (Xin et al., 2014) and compression (Figures 10C,D) (Liu et al., 2016b) have been applied on FSW AZ31 Mg alloys to improve their joint strength. For brevity, only post-weld rolling is discussed in the following.


[image: Figure 10]
FIGURE 10. Schematic illustration of the post-weld deformation of FSW AZ31 Mg alloys: (A) rolling, (B) tension along TD, (C) compression along ND, (D) compression along WD.


The change of crystallographic orientations in FSW AZ31 Mg plate during post-weld rolling is illustrated in Figure 11A. It is clear that drastic grain reorientation was induced by extension twinning especially in EABS and EAET regions after rolling. The twinned grains have a texture with the c-axis nearly parallel to ND, i.e., the applied stress direction. Figures 8C,D indicate that this c-axis//ND texture is hard for the activation of basal slip and extension twinning during tension along TD. So from texture strengthening point of view, post-rolling will greatly increase the transverse tensile strength of SZ-side. The stress-strain curves along TD before and after post-rolling are presented in Figure 11B. As expected, all of the specimens with subsequent rolling exhibit much larger tensile stress compared with the FSW-undeformed specimen.


[image: Figure 11]
FIGURE 11. (A) Schematic illustration of the changes of crystallographic orientation after subsequent rolling process for FSW AZ31 Mg alloy; (B) stress-strain curves of the transverse tensile tests (Xin et al., 2013b) (Copyright © 2013, ELSEVIER S.A.).


Recently, Shang et al. (2019) found that the strength of FSW AZ31 Mg joints can be significantly improved by an additional pass of FSP. The YS of the joint was enhanced from 96 MPa (original FSW joint) to 122 MPa and the tensile strength increased to be roughly equal to that of BM with no reduction of elongation. The shape of the welding tool also influences the joint strength (Mishra and Ma, 2005). Yang et al. (2010) indicates that the tensile strength of FSW AZ31 Mg joints tended to increase with increasing the shoulder diameter and the elongation was significantly improved. Chen et al. (2013) joined an AZ31B Mg alloy by a double-sided FSW technique, and found that the elongation of the joint increased from 18 to 28% with similar tensile strength as the original FSW. They attributed this improved ductility to the relatively random crystallographic texture in the double-sided FSW joint. Furthermore, some researchers found that the joint strength of FSW Mg alloys can be improved by subsequent aging treatment (Yang et al., 2014a).



SUMMARY AND OUTLOOK

As a solid-state process, FSW can avoid solidification problems and therefore has great potential in welding of Mg alloys. However, strong texture is usually formed in Mg joints, which results in localized plastic deformation, and significantly deteriorates the mechanical properties of welds. This paper discussed the inhomogeneous deformation and fracture mechanisms of FSW/FSP Mg joints with typical texture distributions. In addition, some methods to improve the joint performance of FSW Mg alloys are tested.

The traditional experimental approaches are insufficient for the study of the deformation mechanism of Mg joints such as the “embossed phenomenon” in SZ-center and fracture localization. CPFEM coupled with twin reorientation, fracture criterion and grain size effect would be an effective mean for studying non-uniform plastic strain and fracture behaviors of FSW Mg joint in the future. Exploring simple and efficient methods to modify the textures in WZ, thereby improving the joint performance is also an interesting research direction.
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In 0.5 wt.% NaCl aqueous solution, Mg-10Gd alloy shows promising corrosion resistance. The microstructure of this alloy was modified via heat treatments to understand the effect of accompanying microstructural changes on the corrosion resistance. It was found that corrosion performance depends both on the amount and the distribution of the cathodic intermetallic phases. The T4 heat treatment (24 h at 540°C) caused the Gd to distribute uniformly in the matrix, which had positive effect on corrosion resistance showing a delay in the time required for the first observation of localized corrosion. The T4 heat treated specimens, specimens aged at 200°C and 300°C, showed relatively uniform degradation and thus these heat treatments are not detrimental in terms of corrosion resistance. In contrast, heat treatment at 400°C seems to increase the formation of small cuboidal particles rich in Gd, most likely to be GdH2 particles, in the matrix, resulting in a detrimental effect on the corrosion behavior.

Keywords: Mg corrosion, rare earth – Gd, Mg5Gd phase, Gd enrichment, EIS


INTRODUCTION

To date several methodologies have been used to enhance the corrosion performance of Mg based materials. The most common strategies include microstructure control, reduction of impurity levels (Fe, Cu, and Ni), addition of alloying elements, and surface modifications. The majority of alloying additions have limited solid solubility in Mg and therefore either intermetallic phases form beyond the equilibrium solubility limits or due to non-equilibrium solidification processes associated with casting (Habashi, 2008). Magnesium alloys are very susceptible to localized corrosion in chloride solutions due to their inhomogeneous microstructure (Ben-Hamu et al., 2007). The existence of intermetallic phases have a pronounced influence on the corrosion behavior of Mg alloys mainly attributed to electrochemical potential differences with the matrix (Song and Atrens, 1999; Song and Atrens, 2003). Generally, these phases are nobler (i.e., have a higher redox potential) than the Mg matrix (Ambat et al., 2000) and influence the overall corrosion behavior depending on their potential relative to Mg matrix and their efficiency as cathodic sites (Silva Campos, 2016).

The alloying additions in commercial Mg alloys that influence corrosion can be categorized as:


(a) Benign or beneficial; e.g., Al, Be, Mn, rare earth (RE) elements, Si, Zn and Zr.

(b) Moderately deleterious e.g., Ag.

(c) Severely deleterious e.g., Ni, Co, Fe and Cu (Rokhlin, 2003).



In fact, generally Mg alloys could be classified into two main groups: (1) those containing Al as the primary alloying element. To increase the tensile yield strength and the castability of Mg alloys by forming the intermetallic phase Mg17Al12 (Victoria-Hernandez et al., 2013); and (2) those free of Al and containing small additions of Zr for the purpose of grain refinement (Hu et al., 2014), besides forming intermetallics with Fe and Ni in the melt (Emley, 1966). Additions of Zn are also important as Al in the magnesium alloys to increase strengthening and castability (Meza-García, 2010). In terms of corrosion, Zn increases the tolerance limits and reduces the effect of impurities on corrosion once the tolerance limit has been exceeded (Hillis, 1998). Moreover, Si is added by design to the Mg-Al-Si alloys to promote the formation of Mg2Si, which enhance strength in the alloy and is relatively harmless to the corrosion of Mg (Carlson and Jones, 1993). Likewise, additions up to 2% Ag lead to grain refining due to formation of precipitates, increase hardness and reduce corrosion resistance in as-extruded Mg-Al-Ag alloys. In binary Mg-Ag alloys, it is mandatory to applied T4 and T6 heat treatments to maintain the general corrosion at a satisfactory level (Tie et al., 2014).

Nevertheless, additions of Ni, Fe and Cu are detrimental to corrosion resistance of Mg alloys, due to their low solid-solubility limits and their more positive potentials, which lead to formation of active/efficient cathodic sites for hydrogen evolution, thereby forming galvanic cells and enhance the corrosion rate of magnesium alloys (Hanawalt et al., 1942; NACE, 1974; Habashi, 2008). The tolerance limit of these elements depends on the alloy composition, for pure magnesium, the tolerable limits for Cu, Fe and Ni are 0.1%, 0.005, and 0.0005 wt.%, respectively. While for example, AZ91 alloy has tolerance limits of 20 ppm Fe, 12 ppm Ni and 900 ppm Cu (Hanawalt et al., 1942). In addition, these elements can be considered also as impurities if they arise from various sources; the iron from the melting crucibles and tools, copper comes from impure aluminim, while nickel is coming from the used stainless steel crucibles or traces may be contained in the used magnesium (Emley, 1966). However, additions of Mn could improve corrosion resistance of Mg alloys by reducing the effect of the impurities (Makar and Kruger, 1990, 1993; Froats et al., 1987).

It has been reported that RE additions have significant positive effects on the corrosion resistance of Mg alloys (Unsworth, 1989; Morales et al., 2003; Rosalbino et al., 2006; Takenaka et al., 2007; Birbilis et al., 2009; Hort et al., 2010; Liu et al., 2010; Nayyeri and Khomamizadeh, 2011; Silva Campos et al., 2011; Sudholz et al., 2011; Shi et al., 2013; Silva Campos, 2016). The RE elements improve the tendency of Mg to passivate and decrease the micro-galvanic effect coming from other intermetallic phases (Reichek et al., 1985; Unsworth, 1989; Zucchi et al., 2005; Liu et al., 2009).

For instance, the addition of Gd to AM50 and AZ91D alloys modified the intermetallic phases by forming Al2Gd and Al-Mn-Gd intermetallic phases thus reducing the amount of Mg17Al12 phase (Arrabal et al., 2012a, b). As a result, the corrosion rates of these alloys decreased with additions of 0.7 and 1.0 wt.% Gd by 85% and 93%, respectively (Arrabal et al., 2012b). This is mainly due to the decreased cathodic reaction kinetics caused by the suppression of micro-galvanic corrosion between primary and secondary phases (Arrabal et al., 2012b). In another study of AZ91 based alloys in humid environments, Gd reduced the effect of micro-galvanic couples and consequently the corrosion rate (Arrabal et al., 2012a). Arrabal et al. (2011) reported the beneficial effect of Gd additions on the high temperature oxidation behavior of AZ91D alloy due to formation of Al2Gd and Al-Mn-Gd phases, which reduced the amount of Mg17Al12. This lead to corrosion rates lower than 72–81% compared with Gd free AZ91D. This was associated to the improved surface passivity and suppression of micro-galvanic couples (Mohedano et al., 2014).

Shi et al. (2013) reported that the corrosion resistance observed in the as-cast and the heat treated Mg-5Gd alloy is comparable to other RE additions such as Ce, La, Nd and Y. This was attributed to the accelerated micro galvanic corrosion caused by Gd present in the intermetallic phases. Kainer et al. (2009) investigated binary Mg-Gd alloys, in the as-cast, T4 and T6 conditions and reported that T6 heat treated Mg-10Gd had the lowest corrosion rate in 1 wt.% NaCl due to a fine distribution of nano-sized Mg-Gd precipitates. The reduction in the solid solubility of Gd with reduced temperature makes Mg–Gd system suitable for heat treatments to adjust the mechanical properties in accordance with the requirements of the property profile of an specific application (Silva Campos, 2016).

However, the effect of heat treatments on the corrosion mechanism and kinetics on Mg-10Gd has not been fully investigated. Thus, the aim of this work is to modify the microstructure of Mg-10Gd alloy by heat treatments and evaluate their effect on the corrosion behavior using different corrosion test and electrochemical techniques to understand the mechanisms that control the corrosion behavior.



EXPERIMENTAL


Casting and Heat Treatments

Pure Mg and Gd were molten in an electrical resistance furnace under a protective gas mixture of Ar and 3% SF6. The melt was stirred for 10 min and cast into a cylindrical steel mold of 18 mm diameter and 150 mm length. The actual chemical composition of the Mg-10Gd alloy analyzed with inductively coupled plasma mass spectrometry (ICP-MS) was found to be 10.28% Gd, 0.0026% Fe, 0.0008% Ni, and 0.0040% Cu and the balance Mg (compositions in wt.%). The as-cast Mg-10Gd was solution treated at 540°C for 24 h and quenched into water held at room temperature. Solution heat treated samples were immediately aged at 200°C, 300°C and 400°C for 24 h and then quenched in cold water (∼ 8°C).



Elemental Analysis

Approx. 1 g of Mg-10Gd alloy were digested in a mixture of 30 mL Milli-Q water and 10 mL of subboiled concentrated HNO3 (65 wt.%, trace metal grade). For trace metal analysis the digests were diluted 1:100 with Milli-Q water. The determination of Gd, Fe, Ni and Cu was performed using an inductively coupled plasma tandem mass spectrometer (ICP-MS/MS) (Agilent 8800, Agilent Technologies, Tokyo, Japan). For quantification an external calibration, prepared from custom-made multi-elemental standards was used.



Microstructure Characterization

Samples for the microstructure analysis were embedded in epoxy resin (Demotec 30) and then ground with 800, 1200 and 2500 grit SiC paper using water. Then the samples were polished with 0.05 μm colloidal silica OPSTM (Struers) suspension and soapy deionized water and rinsed with ethanol and dried with hot air.


X-Ray Diffraction (XRD)

The X-ray diffraction (XRD) analysis was conducted using a Siemens D5000 X-ray Powder Diffractometer with Cu Kα radiation operating at 40 kV and 40 mA. The diffraction peaks were recorded for 2θ between 10° and 90° with a step size of 0.010 and a dwell time of 7 s and a rotation speed of 30 rpm.



Scanning Electron Microscopy (SEM)

The microstructures were observed with a Zeiss Ultra 55 scanning electron microscope equipped with energy-dispersive X-ray spectrometer (EDX) at an accelerating voltage of 20 kV. A Cambridge Stereoscan 200 SEM with an acceleration voltage between 5–10 kV was used to examine the surface appearance of the specimens before and after corrosion experiments.



Transmission Electron Microscopy (TEM)

The precipitate microstructures were examined using a Phillips CM200 transmission electron microscope operating at 200 kV. The samples for TEM analysis were prepared by punching 3 mm disks from specimens that were ∼ 200 μm in thickness and then electropolished in a Fischione twin jet electropolishing unit using a solution of 1.5% perchloric acid in methanol at ∼−45°C, 50 V, and ∼0.8–1.2 mA to perforation.



Corrosion Evaluation

The electrochemical measurements were performed using a three electrode cell containing 330 ml of electrolyte. In this cell the sample was the working electrode (WE) with an exposed area of ∼0.5 cm2, while reference (RE) and auxiliary (AE) electrodes were Ag/AgCl, and Pt mesh, respectively. An aerated and stirred solution of 0.5 wt.% NaCl was used as the electrolyte and the cell was connected to a Gill AC potentiostat from ACM Instruments. The experiments were conducted at 21.5 ± 0.5°C. This set up was used for open circuit potential (OCP), potentiodynamic polarization measurements and electrochemical impedance spectroscopy (EIS). Repeatability was tested by measuring at least three specimens.


Open Circuit Potential (OCP)

The open circuit potential (OCP) measurements were recorded for 30 min, directly after immersion into the electrolyte.



Potentiodynamic Polarization Measurements

The potentiodynamic polarization measurements were conducted from −150 mV vs. the open circuit potential using a scan rate of 12 mV/min and a current density limit of 0.1 mA/cm2. The corrosion current densities were obtained with ACM Analysis software by selecting the linear part of the cathodic curve that commenced about ≈50 mV in respect to the corrosion potential (Ecorr). Subsequently the current density (icorr) was estimated from the value where the fit intercepted the vertical through the respective Ecorr (Gandel et al., 2010).



Electrochemical Impedance Spectroscopy (EIS)

Electrochemical impedance spectroscopy (EIS) measurements were performed for immersion times up to three days in the frequency range between 104 Hz and 10–2 Hz with an amplitude of ±10 mV rms. These impedance measurements were performed after different exposure periods of 1, 3, 6, 10, 16, 24, 36, 48, 60, and 72 h. The impedance spectra were fitted using Zview software.



Hydrogen Evolution and Weight Loss

Hydrogen evolution tests were conducted in 0.5 wt.% NaCl solution using samples with dimensions of 15 mm diameter × 4 mm thickness in standard eudiometer set-ups with a total volume of 400 ml. Details of the procedure can be found in the literature (Hort et al., 2010). The samples were removed when the hydrogen has replaced the total volume of 400 ml water out the column. For the weight loss evaluations, the weight of the specimens before and after the corrosion test was cross-checked. The specimens were cleaned for 30 min in chromic acid solution (180 g/l) at room temperature then washed with ethanol and finally dried in hot air to remove the corrosion products. The corrosion rates were calculated from measurement of weight loss using the equation described in (Hort et al., 2010).



Drop Test

In order to observe the initiation and progress of corrosion process drop tests were conducted by placing drops of 0.5 wt.% NaCl solution on a polished surface of the samples for different exposure times (10 min, 30 min, 1, 3, and 5 h). After exposure, the samples were cleaned and the corrosion products removed as described above. The morphology of specimens was observed with SEM before and after the tests.



RESULTS


Microstructure

The XRD diffraction peaks did not reveal any characteristic peaks related to Mg5Gd phase for solution treated, heat treated at 200°C and 400°C samples (Silva Campos, 2016). This is due to a lower volume fraction of the intermetallic phases and the overlapping X-ray Absorption Edges of Gd and Cu, which is described in Hort et al. (2010). However, Mg5Gd peaks could be identified for samples heat treated at 300°C (Figure 1). The typical microstructures of the specimen after various process conditions are illustrated in Figure 2. Figure 2a shows the as-cast microstructure which contain Mg dendrites (a), Mg5Gd intermetallic particles (b) and Gd segregation near the inter dendritic regions (c). The EDX spectra shows that the ratio between Mg and Gd is about 5.7 and it is likely to be Mg5Gd (see Figure 2b). After solution heat treatment, Figure 2c, the dendritic microstructure disappears and few smaller intermetallic particles remain. Based on the morphology of the particles, these particles are likely to be GdH2 phases, based on the SEM-EDS analysis (not shown here) the concentration of Gd in these particles is between 60 to 85 wt.%. Similar phases were reported in previous studies (Peng et al., 2011; Huang et al., 2013, 2016), without forming other Gd containing phases (Apps et al., 2003a, b). After heat treatment at 200°C and 400°C SEM micrographs show similar intermetallic phases to those observed in the solution treated alloy, see Figures 2d,g. The SEM micrograph did not show any solid state precipitates in the sample aged at 200°C (Figure 2c). The TEM analysis show the presence of a very fine distribution of prismatic plate precipitates forming on {10[image: image]0}Mg planes in sample aged at 200°C for 24 h and as illustrated in Figure 3A. These precipitates were approximately 25 ± 1.5 nm in length and only few atomic layers in thickness. Examination of the diffraction patterns and information from the previous research work by Nishijima and Hiraga (2007), and Vostrý et al. (1999) are used to identify these precipitates as β′ (c base centered orthorhombic structuredβ) phase (Gao et al., 2006). The alloy aged at 300°C for 24 h contained a coarse distribution of precipitates (1.12 ± 0.55 μm), see Figures 2e,f which could be identified as Mg5Gd phase (Figure 3B; Silva Campos, 2016). The alloy aged at 400°C did not show any solid state precipitates (Figure 2g) but contained what was identified as GdH2 particles (Figure 3C).
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FIGURE 1. X-ray diffraction patterns of as-cast, solution treated and heat treated at 200°C, 300°C, and 400°C conditions of Mg-10Gd alloy (Silva Campos, 2016).
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FIGURE 2. SEM micrographs of Mg-10Gd alloy: (a) as-cast microstructure, letters a, b, c, corresponds to α-matrix, Mg5Gd intermetallic phases and Gd enrichment zones, respectively, (b) typical EDS analysis of the “b” particles (c) solution treated microstructure, after 24 h at 540°C, heat treatments for 24 h (d) at 200°C, (e) at 300°C, (f) higher magnifications showing the precipitates of Mg5Gd phase and (g) at 400°C.
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FIGURE 3. TEM microstructures typical of Mg-10Gd alloy heat treated for 24 h at: (A) 200°C, (B) 300°C, and (C) 400°C. The electron beam direction is approximately parallel to [0001]Mg direction.


The heat treatment results are consistent with the observations of Vostrý et al. (1999), where they reported a decomposition of α-Mg supersaturated solid solution in Mg-9.33 wt.% Gd from a metastable β″(D019) phase to stable β′(Mg5Gd f.c.c) phase using isochronal annealing from 20 to 500°C. Apps et al. (2003a, b) suggest that decomposition of Mg supersaturated solid solution Mg (SSSS) follows the sequence: β″ → β′ → β1 → β, although the compositions of the β″ and β′ phases are not fully characterized due to the small size of these precipitates and their close proximity to each other. However β1 and β phases have a stoichiometry of the Mg5RE for the Mg–7%Gd–2.25%Nd–0.6%Zr (GN72) alloy. Furthermore, they observed the presence of Mg5Gd phase as a stable intermetallic in the binary Mg–Gd system. The Mg5RE phase is dependent on formation temperature.



Corrosion Evaluation


Open Circuit Potential (OCP)

The heat treatments do not only influence the microstructure of the Mg-10Gd alloy but also their electrochemical properties. Figure 4 shows the OCP curves for the Mg-10Gd alloy before and after the heat treatments. All heat treated samples showed more negative potential compared to the as-cast condition. After 500 s only the OCP of the as-cast sample reaches a plateau and for all the other conditions, the potential continues to drift to more positive potential values. This might be a result of different growth of a protective surface film (Li et al., 2011) or possibly the heat treated samples require longer immersion periods than 30 min to stabilize their OCP. After 30 min immersion, the as-cast sample showed the most positive OCP of −1574 mV. The solution treated sample reached an OCP of around −1754 mV, heat treated at 200°C, 300°C, and 400°C samples shifted to OCP values of −1790 mV, −1708 mV, and −1717 mV, respectively. The comparison of the OCP of as-cast specimens with heat treated specimens decreased in the following order: as-cast > heat treated at 300°C > heat treated at 400°C > solution treated > heat treated at 200°C (Silva Campos, 2016). The heat treatments have a direct influence on the initial OCP and the way that corrosion product layers are forming during the first stage of the corrosion process.
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FIGURE 4. Open circuit potentials of Mg-10Gd alloy in as-cast, solution treated, heat treated at 200°C, 300°C, and 400°C conditions in 0.5 wt.% NaCl solution for 30 min.




Potentiodynamic Polarization Measurements

Figure 5 shows the potentiodynamic polarization curves for all the studied conditions. It shows that the values of corrosion potential (Ecorr) of the Mg-10Gd alloys after heat treatments became more negative than the corrosion potential of the as-cast Mg-10Gd alloy as observed during the OCP measurements. However, only slight differences in the current density values (icorr) were observed (Supplementary Table SA). As mention before the corrosion rates are still correlate with the volume fraction of Mg5Gd, Gd enriched zones and in some extend with the GdH2 phases in as-cast condition. Nevertheless, there is evidence of GdH2 formation especially during heat treatments, a higher volume fraction was found in the solution treated and heat treated at 400°C conditions. Both solution treated specimens and heat treated at 400°C specimens revealed the relatively higher current densities (0.10 ± 0.02 and 0.095 ± 0.05 mA/cm2, respectively) compared with 0.085 ± 0.01 mA/cm2 for heat treated at 200°C and 0.083 ± 0.009 mA/cm2 for heat treated at 300°C samples. Furthermore, the homogenization of Gd distribution appears to be not beneficial for the overall corrosion rate although pitting seems to be retarded. Although differences were small, but in the short term (around 20 to 60 min exposure, the heat-treatments could not significantly improve corrosion resistance. Since the current density of as-cast Mg-10Gd alloy was lowest (0.04 ± 0.004 mA/cm2), compared with those obtained after heat treatments (Silva Campos, 2016).
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FIGURE 5. Potentiodynamic polarization measurements of as-cast, solution treated, heat treated at 200°C, 300°C, and 400°C of Mg-10Gd alloy in 0.5 wt.% NaCl solution after 30 min OCP at room temperature.




Electrochemical Impedance Spectroscopy (EIS)

Figure 6 depicts the Bode and Nyquist plots for all studied materials at selected exposure times according to the heat treatment, in order to avoid any overlapping in the spectra. The impedance spectra for all specimens showed two well defined time constants. The time constant at medium frequencies (≈101 Hz) is related to dense oxides/hydroxides corrosion product layers formed on the alloys surface and the second time constant at low frequencies (≈10–2 Hz) is attributed to the electrochemical activities at the interface metal/electrolyte. The equivalent circuits used for fitting the EIS spectra of the all materials are shown in Figure 7 where, Rs represents the resistance of the solution. The resistance ROxi and capacitance COxi are correlated with the oxides/hydroxides layer formed on the metal surface. The defects that formed in the oxide layers generate pathways that allow the diffusion of corrosive species to the Mg surface. Thus, the second time constant appears in the low frequency region. This is the initiation of the corrosion process and it is attributed to the existence of the double-layer capacitance at the metal/electrolyte interface, Cdl and the corresponding charge transfer resistance, RCt (Figure 7A). When the specimen starts to corrode actively, the charge transfer resistance gets very low, leading to almost complete disappearance of the respective time constant and spectra can be fitted using a simple Randles model (Figure 7B; Silva Campos, 2016). All simulated parameters from EIS spectra are listed in Table 1.
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FIGURE 6. Electrochemical impedance spectra of Mg-10Gd alloys: as-cast (A–C), solution treated (D–F) and heat treated at 200°C (G–I), 300°C (J–L) and 400°C (M–O). Where the blue arrow indicates the displacement of the time constant from high frequencies to middle frequencies.
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FIGURE 7. (A,B) Equivalent electrical circuits used to simulate EIS spectra for as-cast, solution treated and heat treatments at 200°C, 300°C and 400°C conditions of Mg-10Gd alloy during different immersion time. Where, Rs is the resistance of the solution, ROxi and COxi are the resistance and capacitance of the oxide film, respectively. RCt represents the charge transfer resistance and Cdl is attributed to the double-layer capacitance (Silva Campos, 2016).



TABLE 1. Circuit parameters for as-cast condition, solution treated and heat treatments at 200°C, 300°C, and 400°C of Mg10Gd alloy.

[image: Table 1]For as-cast condition after 1 h immersion one time constant remained visible related to oxide layer formation, while the second time constant is less visible due to a high dissolution activity (Figures 6A–C). Furthermore after 6 h immersion the high frequencies constant (≈102 Hz) was shifted toward middle frequencies values (≈101 Hz), indicating that the surface film was less protective on the alloy surface. For solution treated sample two well defined time constants were observed during the first 10 h of immersion (Figures 6D–F). The film improved its barrier properties and thus the resistance was increased. After 24 h, the protective layer began to fail due to localized corrosion, which was related to a slight shift of the first time constant as observed in the as-cast condition. Heat treated at 200°C sample showed two time constants during full immersion period. The impedance modulus at low frequencies increased with the exposure time indicating increase of barrier properties of corrosion products on the surface (Figures 6G–I). Similar behavior was observed for the heat treated at 300°C sample. Moreover at this condition Mg-10Gd alloy showed the highest impedance modulus above 2000 Ω⋅cm2 at 0.01 Hz. The heat treatment at 300°C promotes formation of an oxide layer more stable and thicker with increased immersion times (Figures 6J–L). However, the sample heat treated at 400°C depicted strong degradation of the oxide layer already after 1 h immersion, revealing a rapid breakdown of the corrosion products layer and the corrosion process was dominated by local active areas without protective film (see Figures 6M–O).

To compare the results, the total resistance (RT) is displayed in Figure 8, as the sum of ROxi and RCt. The starting resistance values were all similar which is consistent with the polarization results. Remarkable differences are developing only with longer immersion times. Compared to the as-cast condition all heat treated specimens exhibited a better corrosion behavior. The solution treated and heat treated at 400°C specimen contained larger amounts of the GdH2 precipitates and showed less stable passive film indicated by earlier film breakdown and active local corrosion spreading with time over the whole surface. The as-cast condition had large Mg5Gd precipitates and no uniform solid solution distribution of Gd in the Mg matrix. Obviously, this is detrimental for a uniform film formation. A homogenized Gd distribution in the matrix and uniformly distributed small Mg5Gd precipitates are supporting obviously the passive film formation (heat treatments at 200°C and 300°C).
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FIGURE 8. Average evolution of total resistance (RT) values obtained after fitting EIS spectra of as-cast, solution treated and heat treatments at 200°C, 300°C and 400°C conditions of Mg-10Gd versus immersion time in 0.5 wt.% NaCl solution.




Hydrogen Evolution and Weight Loss

Figure 9 shows the corrosion rates determined by hydrogen evolution and weight loss measurements for samples of the as-cast and the heat treated Mg-10Gd alloy. The values calculated from hydrogen evolution measurements were comparable with those obtained from mass loss results. Similar corrosion rates of about 5 mm/y were observed for the samples of Mg-10Gd alloy in the as-cast, heat treated at 200°C and 300°C conditions. While the corrosion rate in the solution treated sample increased to almost twice the rate of the as-cast alloy. The sample heat treated at 400°C showed a corrosion rate of 31.04 and 25.11 mm/year from hydrogen evolution and mass loss measurements, respectively. This is five to six times greater than the as-cast corrosion rate. Thus, the corrosion rate of the Mg-10Gd alloy is affected not only by the amount of Mg5Gd/GdH2 phases present but also their distribution. The Mg5Gd phase is found in as-cast sample and dissolves during the solid solution treatment. However, during subsequent T6 heat treatments precipitates of either Mg5Gd or other metastable phases form in solid state with the largest particle size observed at 300°C. The corrosion rates are lower for the samples in as-cast condition and heat treated at 200°C and 300°C (Silva Campos, 2016). These results are similar to the findings of Kainer et al. (2009), where they reported that the T6 condition resulted in the lowest corrosion rate due the presence of nano-sized precipitates.
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FIGURE 9. Hydrogen evolution and weight loss of as-cast, solution treated and heat treated at 200°C, 300°C, and 400°C conditions of Mg-10Gd alloy.




Drop Test

In this section, the results are divided into two groups, the first consisting of as-cast Mg-10Gd and the second after the all heat treatments to observe where the corrosion processes start and how they progress over time.


As-cast Mg-10Gd

Figure 10 shows the corrosion process of as-cast Mg-10Gd after different exposure times in 0.5 wt.% NaCl solution. Same selected areas before exposure were add for comparison (Figures 10a,c,e,g). After 10 min of exposure the sample shows slight attack in the α-Mg enriched with Gd areas (green arrows) and already visible attack around the secondary cubic phase (blue dotted circle), Figure 10b, which became stronger after 30 min of exposure. Cavities were generated at the base of the cubic GdH2 and Mg5Gd precipitates (blue dotted circles Figure 10d). Both phases are found close together so at the beginning of the corrosion process it is hard to define which one is more detrimental. However, some Mg5Gd particles remained and the cubic phase disappeared most likely by undermining. From one-hour exposure, the matrix presented small pits (yellow dotted line in Figure 10f). The degradation in the matrix, Mg5Gd phases and Gd enriched zones continued after 5 h exposure, in some areas severe localized corrosion was also observed (Figure 11).
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FIGURE 10. Corrosion monitoring using drop test of as-cast Mg-10Gd alloy (a,c,e,g) before exposure and (b,d,f,h) after different exposure times in 0.5 wt. % NaCl solution. Yellow arrows/dotted areas depict the corrosion attack on the α-Mg matrix, blue arrows/dotted circles indicate corrosion process on the Mg5Gd/GdH2 phases and the green arrows show the corrosion degradation on the Gd enrichment areas.
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FIGURE 11. SEM micrograph of severe localized corrosion of as-cast Mg-10Gd alloy after 5 h exposure in 0.5 wt.% NaCl solution.


The cubic phase (GdH2) plays an important role in the corrosion of the as-cast alloy. GdH2 phase causes significantly high corrosion attack, but it is not clear if this phase is removed due to the fast dissolution of the surrounding matrix or by subsequent chromic acid cleaning. However, the larger size of the region under corrosion attack compared with the original particle size is a good indicator of the severity of the galvanic attack. The Mg5Gd phase seems to be less detrimental compared with GdH2 phase at least during the early stages of corrosion, but it still causes dissolution of the surrounding Gd-rich α-Mg (Silva Campos, 2016).



Mg-10Gd after heat treatments

In this section longer immersion periods of 30, 60 min and 3 h were used as shorter exposure periods did not reveal any visible corrosion. Figure 12 shows the corrosion process of the solution treated samples and T6 heat treated at 200°C, 300°C and 400°C samples. In the solution treated samples (Figures 12a–d) the attack began in the α-Mg matrix surrounding GdH2 particles after 60 min exposure (see orange arrows, Figure 12c). After 3 h exposure, Figure 12d, only minor changes in size and number were visible. The sample heat treated at 200°C (Figures 12e,f) showed similar attack as in the solution treated sample but it has a more widespread localized attack after exposure for 60 min (see yellow arrows Figures 12g,h). However, in the sample heat treated at 300°C (Figures 12i,j) the size of Mg5Gd precipitates was the highest and there was no visible corrosion attack for up to 1 h exposure (Figure 12k). After three hours, localized attack occurred in a comparable amount to the other conditions (Figure 12l). However, the treatment did not prevent the advance of severe localized corrosion in other areas of the specimen (Figure 13). While in heat treated at 400°C sample (Figures 12m–p), the first corrosion signal was also observed after 60 min of exposure (Figure 12o) and after 3 h immersion corrosion spread in areas close to the GdH2 precipitates (orange dotted circles) generating more degradation in the matrix, Figure 12p.
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FIGURE 12. Corrosion monitoring using drop test of solution treated (a–d) and heat treated at 200°C (e–h), 300°C (i–l) and 400°C (m–p) of Mg-10Gd alloy after 30, 60 min and 3 h time exposure in 0.5 wt.% NaCl solution. Yellow arrows depict the corrosion attack on the α- Mg matrix, orange arrows/dotted circles indicate corrosion process on the GdH2 phases.
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FIGURE 13. SEM micrograph of severe localized corrosion of heat treated Mg-10Gd at 300°C after 3 h exposure in 0.5 wt.% NaCl solution.


The homogenization of Gd distribution in the matrix has positive effect in increasing the time required for the first observation of localized corrosion. For the solution treated, heat treated at 200°C and 300°C samples, the corrosion is relatively uniform and not detrimental for the overall corrosion resistance.

In contrast, heat treatment at 400°C seems to increase the amount of GdH2 precipitates in the matrix and their presence influence the localized attack with a detrimental effect on the corrosion behavior. Localized corrosion now occurs close to the agglomeration of the bright white cubic GdH2 precipitates (Silva Campos, 2016).



DISCUSSION

In the current work, the Mg5Gd phase has been shown to cause only minor negative effects on corrosion behavior when distributed in the following conditions:

(i) in as-cast condition with some Gd enriched zones surrounding the larger Mg5Gd precipitates, reducing the local damage due to galvanic couples, (ii) if most of the Gd is in solid solution in the matrix and there is only a moderate amount of GdH2 phase, and (iii) when the volume fraction of Mg5Gd phase is larger but this phase is uniformly distributed and precipitates are small (aged at 200 and 300°C).

The most critical phases are not Mg5Gd, but the small cubic shaped particles rich in Gd which are most likely to be GdH2. The mechanism of initiation and progress of the micro-galvanic corrosion of the as-cast, T4 and T6 heat treated Mg-10Gd alloys as observed in the current investigation is presented in Figure 14 (Silva Campos, 2016). According to this mechanism, once the specimen is exposed to the solution, two corrosion morphologies occur depending on the Gd distribution.
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FIGURE 14. Mechanism of micro-galvanic corrosion proposed for Mg-10Gd alloy: (A) formation of Gd and Mg hydroxides on the surface in as-cast condition, (B) degradation of the Mg matrix adjacent to Mg5Gd phases, (C) higher dissolution of Mg matrix, exposing the Mg5Gd/GdH2 phases subsequently starts the dissolution of Mg5Gd phase due to reducing contact area, (D) detachment and dissolution of Mg5Gd/GdH2 phases, and (E) localized micro-galvanic corrosion at preferential areas for samples heat treated.


Firstly, formation of a Gd(OH)3 layer, since Gd has a more negative electrode potential compared to Mg (Pourbaix, 1974; Bala et al., 1993). Secondly Mg(OH)2 layer forms on the surface in as-cast condition due to degradation of Gd enriched areas and some α-Mg matrix, as result of metal dissolution (Pourbaix, 1974; Song et al., 1997a, b; Song and Atrens, 1999; Kainer et al., 2010), according to the reactions (1–6), Figure 14A. These layers are normally not continuous due to the presence of the intermetallic (Mg5Gd/GdH2) phases (Song and Atrens, 2003). EDX analysis of the corrosion products layer confirmed the presence of the oxide layer, which was mainly formed by MgO/Mg(OH)2 and Gd2O3/Gd(OH)3Gd, together with some carbonates. The carbonate can form from atmospheric CO2 dissolved in the aqueous electrolyte (Figure 15; Silva Campos, 2016). The noble intermetallic Mg5Gd/GdH2 phases are driving this process because they are the places where the cathodic partial reaction takes place, as there is no stable passive film on the intermetallics Figure 14B. The micro-galvanic activity continues as long as there is contact between the intermetallic Mg5Gd/GdH2 phases as cathodes and matrix as anode. If contact is lost in the latter stages the Mg5Gd/GdH2 phases are not cathodically protected anymore and starts to corrode as the phase is less stable than the matrix in NaCl solutions (Silva Campos et al., 2013). However, it is not necessary that contact is fully lost to start degradation. It is enough when the reduced contact does not allow sufficient current flow anymore to fully protect the Mg5Gd/GdH2 (Figures 14C,D).
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FIGURE 15. Surface morphology of pure as-cast Mg-10Gd and EDX analysis of the oxide layer after exposure in 0.5% NaCl solution.
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When the specimens do not contain Gd enriched zones (heat treated samples), galvanic corrosion begins with hydrogen evolution (5) on the cathodic GdH2 phase, while the dissolution of Mg (4) develops at the adjacent matrix areas Figures 14E I,II. A minor contribution to the corrosion process is added due to the presence of Mg5Gd phase only in the heat treated at 200°C and 300°C conditions. In some cases a strong dissolution of adjacent matrix areas favors the intermetallic phase detachment (Figure 14E III), but also dissolution which is possible for the GdH2 phase because of own poor stability if it is not cathodically protected anymore as also shown for Mg5Gd phases (Figure 14D). Similar corrosion mechanism was proposed by Coy et al. (2010) using scanning Kelvin probe force microscopy (SKPFM) for ZE41 and WE43 alloys. They found a preferential attack of the matrix adjacent to the T-phase, after some time, Zr-rich interactions zones, including regions and intermetallic phases become the next favorable sites for corrosion in ZE41 alloy. For WE43 alloy using SKPFM evaluations a relatively higher Volta potential difference between the Mg matrix and Zr-rich precipitates was observed, which promotes localized galvanic attack at the adjacent areas to the cathodic micro-constituent phases. In that way the severity of the galvanic attack is related to the effectiveness of each micro-constituent as cathode (Coy et al., 2010).

In the present study, focused on Mg-10Gd modified by different heat treatments, the initiation and progress of the corrosion process was only monitoring by SEM and it was revealed that the galvanic corrosion mainly depends on the amount and distribution of the cathodic phases. In summary, a low amount of cathodic phases (GdH2 and impurities) without Gd enrichment zones are detrimental for corrosion resistance (in solution treated condition, Figure 14E), while the combination of large amount of Mg5Gd uniformly distributed and Gd enrichment zones enhance the corrosion behavior of this alloy. There is no negative influence of the grain boundaries as proposed in Coy et al. (2010) if Gd is presented. Altogether the situation is relatively complex with more noble but less chemically stable intermetallic phase in the Mg matrix and depending on the situation not only matrix dissolution and particle undermining/detachment can be observed but also dissolution of the intermetallics if not enough protecting current can be provided by the dissolving matrix. Latter is strongly influenced by the microstructure of the specimens.

It is important to notice that fine precipitates causes a more uniform attack and they have less negative effects on passive film formation. The EIS spectra corroborate the presence of an oxide layer at high frequencies. For as-cast specimen, this protective layer was only stable up to the first 60 min of immersion. The protective layer showed relatively better stability and protection after all heat treatments, but only at 200°C and 300°C, stable films can develop during immersion in chloride solutions. However, the layer formed after heat treatment at 200°C showed a COxi of around 3–4 × 10–5 Ω-1cm–2sn and in the sample aged at 300°C it was 8–9 × 10–6 Ω–1cm–2sn. Thus, the thin protective film is thicker on the 300°C specimen, which correlates also with the overall higher resistance values. The resistance may increase not only due to increased thickness but also the layer can be more protective with the time (denser, less porous). The same is true for the heat treated at 200°C specimens, but the layer remains less protective. For solution treated and heat treated at 400°C specimens, the film is not stable. It partially dissolves or breakdown occurs and the resistance is much lower compared to the other aged specimens. This behavior also confirms the tendency observed in the hydrogen evolution and weight loss measurements. Thus, the long-term corrosion behavior is governed by the passive film formation during immersion and breakdown (Silva Campos, 2016).



CONCLUSION

The higher solid solution solubility of Gd in α-Mg matrix allows tailoring the corrosion resistance of Mg-10Gd alloy. The relatively good corrosion behavior in as-cast condition is due to formation of Gd enrichment zones, which reduce the local damage due to galvanic corrosion between the Mg5Gd phase other noble phases (e.g., GdH2) and α-Mg matrix.

Among the different heat treatments, the alloy shows a better corrosion resistance when the intermetallic phases are fine and/or uniformly distributed within the specimens. Galvanic corrosion depends on the amount and the distribution of the cathodic phases, small amount of larger Mg5Gd precipitates without Gd enrichment zones is detrimental for corrosion resistance, while the combination of large amount of fine Mg5Gd precipitates uniformly distributed in a Gd enriched matrix enhance the corrosion behavior of this alloy.

The preferential attack of the matrix adjacent to small intermetallic particles promote a uniform surface without potential differences as soon as they are detached from the matrix. Alternatively, they can be covered more easily by a growing protective film. The hydroxide films have low conductivity thus they are inhibiting the water reduction reaction on the particles by reducing the exchange current.

Protective film formation is more uniform on the heat treated alloy; because the microstructure is more uniform and the larger amount of alloying elements in solid solution are ready for oxide/hydroxide formation.
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In order to facilitate the understanding of the current research efforts and directions, this article first introduces the anomalous/problematic features of magnesium (Mg) and presents the recent approach of stacking fault energy (SFE)–based alloying element selection to lessen or eliminate this problem. Stacking fault energy computations via ab initio techniques necessitate an understanding of the free electron density distribution around atoms in a solid solution. Therefore, the assessment of the role of atoms by also considering the possibility of short range order (SRO) formation rather than a random solid solution has been revisited. Two possible types of SRO have been indicated. The relevant electronic interactions between the host Mg and the alloying element atoms are more clearly incorporated in a generally less known model by Miedema based on atomic-level thermodynamics rather than in Hume–Rothery rules. This more successful approach has also been addressed here. An evaluation founded on these premises, introducing the relatively more recent Mg alloy systems, has been given in terms of their achievements toward healing the problematic features of Mg alloys. The spectrum of alloy systems discussed ranges from doping of Mg to dilute alloy systems and to some rich alloy systems that offer remarkable properties. Among the first category, an unorthodox addition, doping with oxygen, and its implications, has been presented. The dilute alloy systems and their compositional design based on SRO and SFE together with their potentials have been reviewed. Among the rich alloy compositions, the most interesting precipitate systems, that is, the ones involving order and intermetallic formations, long-period stacking order phases, and quasi-crystals, have been discussed. Among all the alloying elements, one that deserves particular attention, calcium, with its implications such as being economical, offering environmentally friendly Mg metallurgy, and remedial effects on the shortcomings of engineering properties, and a closely related issue of calcium oxide (CaO) addition have been scrutinized. This article also makes an attempt to point out the future directions throughout the text, whenever possible.

Keywords: magnesium alloys, doping of magnesium, dilute alloys, short range order, LPSO phases, rare earth alloys, RE-free magnesium alloys


INTRODUCTION

Several complementary reviews to the one presented here can be found in the literature. A very detailed and fascinating history of magnesium (Mg) production and its use have been presented by Witte (2015). Elegant reviews by Nie (2012) and Pekguleryuz (2013), covering the spectrum of Mg alloys up to the beginning of this decade, and the thought-provoking strong criticism by Abaspour and Cáceres (2015) on the conventional interpretation of solid solutions of Mg as random solutions are strongly recommended to the readers.

As Witte (2015) mentioned, the earliest use of Mg was for applications, such as ignition and photography flashes. Interestingly, its application as biomaterial also reaches as far back as 1878. Then, we see a large-scale use of Mg alloys in aviation prior to and during World War II for purely military purposes. During those years, only in the United States the production capacity would make up about a quarter of today's world production capacity of 950,000 tons (Albright et al., 2002; Pekguleryuz et al., 2002). The earlier association of the term “electron” with Mg alloys was said to be perhaps due to its bright white light when burning or as a tribute to the ancient alchemical term electrum (Witte, 2015). Although, this term actually originated from the geologically occurring gold and silver (Ag) alloys that were used for coinage by the inventors of money, the Lydians of the Aegean coast of Anatolia.

The review presented here does not claim to cover all aspects of alloy development efforts on Mg. For example, we will not attempt to include the consequences of alloying additions that are related to various processing methods so that the text remains within the permitted limits.

Expectations in alloying studies on Mg go beyond achieving superior engineering properties. Although such properties, if achieved, are certainly welcome, expansion of the use of Mg alloys necessitates at least lessening or, even better, remedying the anomalies/problematic attributes of Mg and its earlier commercial alloys. Without stating these issues on Mg, it would be difficult to appreciate the core aim of the efforts and the directions in the studies focusing on Mg alloys. Therefore, with the aim of serving a broader spectrum of readers, we will first introduce the problematic characteristics of Mg.

This article will next attempt to explain the current approach to recuperate those problematic properties of Mg through changing the stacking fault energy (SFE) of different planes of the hexagonal crystal. The very concept of SFE involves the changes in the free electron density distribution around atoms in solid. Thus, it also becomes necessary to evaluate how the solute atoms behave in changing this distribution in the Mg lattice. Therefore, we will, on the one hand, scrutinize the most recent approach in alloy development, that is, controlling the SFE via alloying element additions, and on the other hand, revisit a generally less known scheme of Miedema that assesses the atomic-level thermodynamic interactions in terms of electron exchange between different atoms of binary solid solutions using the electron gas model of atom. Based on the effects of alloying elements from these perspectives, the possibility of two different types of short range order (SRO) will be proposed here. We will then embark on reviewing some of the most outstanding Mg alloy systems. Although the atomic-level concepts of SFE or Miedema's model are introduced through binary systems, our review will extend beyond the binary systems into alloys that form long-period stacking order (LPSO) phases or quasi-crystals. This is so, mainly because these alloy systems appear to be the most successful ones in terms of their properties, and those concepts cannot be ignored for them. However, it should be emphasized that our purpose is neither to take on the task of implementation of those atomic-level concepts to multicomponent alloys, nor to present all the experimental alloy systems given in the literature in a comparative manner. Needless to say, some remedial contributions to change the problematic properties of Mg can be and have been sought through various processing routes as well. However, we will not shift the attention out of the fundamental solution, that is, alloying.



REVISITING THE FUNDAMENTAL CHARACTERISTICS OF MAGNESIUM

Magnesium is the lightest structural metal. Magnesium and its earlier commercial alloys (e.g., AZ or AM series) have more than few shortcomings that generally manifest themselves together in some combinations. Some of these properties are simply inferior properties as compared to those of aluminum alloys and steels. In this respect, it suffices to recall the low elastic modulus, yield strength, and deformation capacity; sluggish and poor aging response; and inferior creep and corrosion resistance. These constitute engineering properties that may be tackled with, at least to some degree, and with a penalty of reduced final weight saving in application, through part design. Yet, some other properties may be seen as anomalies that require in-depth understanding before seeking remedies through alloying. Those may be briefly named as the tensile/compression asymmetry, pseudoelastic behavior, deformation texture, and inefficiency of recrystallization in removing it, and peculiarities in fatigue behavior.

The slip and twinning systems in Mg are shown in Figure 1. Perhaps the first anomaly of Mg may be pointed out as its incompatibility with von Misses criterion due to lack of five independent slip systems. Magnesium circumvents this criterion due to twinning that operates concomitantly with the basal slip at room temperature and thus shows, although limited, some plastic deformation capacity. The other slip planes of Mg, that is, prismatic and pyramidal planes, operate sequentially, becoming active over 225°C.


[image: Figure 1]
FIGURE 1. Slip and twinning planes in magnesium crystal.


Concomitant activation of twinning with slip brings about an anomaly of Mg single crystal. Magnesium displays yield strength asymmetry in compression and tensile modes (a critical assessment given in Barnett et al., 2006), the tensile yield strength being much higher than that in compression. Both the room temperature twinning and the yield asymmetry are related to the polar nature of twinning and the critical resolved shear stress (CRSS) values of different twinning planes (Agnew, 2012). It should be noted that the terminology used for the two twinning modes may be somewhat misleading. The tensile (extension) twinning simply is the one that extends an Mg single crystal along its c-axis, while compression twinning shortens. The low CRSS value of what is known as extension (tensile) twinning and the CRSS difference between the two twinning modes and their different Schmid factors (m) (Nan et al., 2012; Kim and Park, 2018) are telling why the former predominates (CRSS ratio for basal <a> slip, {10[image: image]2} extension twinning, prismatic <a> and pyramidal <c+a> slip: 1:0.7:2:15) (Barnett et al., 2006). The yield asymmetry of a single crystal, when coupled with texture, reveals itself once again in polycrystalline material, begetting an anisotropic material.

Twinning may appear to be a way to divide an existing α-Mg grain into several portions and create strengthening as in grain refinement. However, twinning cannot be activated in Mg when the grain size is well below 1μ (Wu et al., 2011; Zhu Y. T. et al., 2012). An additional consequence is that extensive basal slip followed by compression twinning can lead to strain softening as shown in experiments conducted on Mg micropillars (Yu et al., 2012). This is simply because the angular deviation created by compression twinning brings the basal planes, which has the highest Schmid factor, into a favorable orientation for further slip. Thus, twinning is also closely related to the crystallographic texture in deformed structures (Nie et al., 2013).

Twinning asserts itself once again and leads to pseudoelasticity. Upon reversing the stress direction, although not through an infinite number of cycles, detwinning creates what appears to be an elastic, that is, pseudoelastic, behavior. Because, at each cycle, the twinning is accompanied by slip in the same material, not all twins detwin together (Yu et al., 2011). Moreover, twinning is polarized (Christian and Mahajan, 1995), and twinning dislocations cannot behave in a military fashion with exact numbers during every reversal of the stress; thus, the pseudoelastic behavior peters out after some cycles (Wu et al., 2008; Brown et al., 2009; Yu et al., 2015).

Anomalies of Mg further extend into its fatigue behavior and complicated by twinning and detwinning (Yu et al., 2011), necessitating the interpretation of the stress- and strain-controlled fatigue tests separately (Sumitomo et al., 2003; Hasegawa et al., 2007; Mann et al., 2007). Because below a threshold grain size twinning ceases, such interpretations on fatigue should also consider the effect of grain size as well as the initial texture of the materials (Huppmann et al., 2011).

Deformation texture becomes particularly emphasized in Mg with a large contribution from its easy twinning. This leads to yet another anomaly in Mg. While texture can be lessened greatly or removed in other systems, once texture is created in Mg and many of its alloys, it becomes persistent even after the conventional remedial treatment of recrystallization. Cell formation during recovery stage does not happen, and consequently, newly forming “recrystallized” grains originate from the already textured parents, thus rendering the texture-removing function of recrystallization process futile. This feature is closely related to lack of dislocation populations on non-basal planes as well as to lower SFE of the basal plane, indicating that the remedial measure is also related to the SFE levels of different planes in Mg.

Critical resolved shear stress values for basal and prismatic planes of Mg show very different reduction rates with temperature, and non-monotonic changes for prismatic planes with temperature and alloy concentration in some systems, as well as anomalous changes with temperature in case of second-order pyramidal planes, have been reported (Akhtar and Teghtsoonian, 1969; Obara et al., 1973; Hosford, 1993; Christian and Mahajan, 1995; Balogh et al., 2009; Cipoletti et al., 2011). If we look at the room temperature values, CRSS ranges from 5 MPa for basal slip, 10 MPa for extension twinning (2.4 MPa in a report by Yu et al., 2011), 20 MPa for prismatic slip, 40 MPa for pyramidal slip, and 70–80 MPa (at 150°C) for compression twinning (Chapuis and Driver, 2011). Therefore, it should be remembered that, at the early stages of deformation, the tensile twins, because of lower CRSS value, are more likely to be observed rather than the compression twins. For details of twinning contribution to the total deformation, the reader should refer to the literature (Yoo, 1981; Brown et al., 2005).

Many studies relate the changes in CRSS values and/or in c/a ratio brought in by alloying additions. Indeed, via alloying, CRSS values can change through electronic effects (Masoumi et al., 2011), as well as by geometrically changing the c/a ratio of Mg crystal (Yoo, 1981; Yoo and Lee, 1991; Chen and Boyle, 2009; Wang et al., 2009). The changes in CRSS for different planes may not happen to the same extent (Kim et al., 2015) and depend on the changes incurred due to the alloying elements. Nor the changes in c/a ratio can simply be predetermined based on the atomic size differences of the constituent elements.

In a theoretical geometrical evaluation, c/a ratio undoubtedly alters the CRSS values of different slip planes as it changes the corresponding Schmid factors. Since the pioneering studies by Raynor (1959), it has come to be said that reduction in c/a ratio promotes non-basal slip activity in Mg. c/a ratio has been related to texture development as well (Styczynski et al., 2004). However, c/a ratio does not seem to be a factor fundamental enough to explain all the observed alloying effects in mechanical behavior in a consistent and a coherent manner. c/a ratio of Mg has been found to decrease for its extended solid solutions prepared via rapid solidification techniques for systems other than the binary Mg–gadolinium (Gd), Mg–yttrium (Y), and Mg–aluminum (Al) alloys (Hehmann et al., 1990). While modulus can change depending of c/a ratio, Chen and Boyle (2009) showed that the strength was not related to the modulus changes in Mg–X [X: Y, Al, zinc (Zn)]. Likewise, explanations on the ease of activation of different twinning modes based on c/a ratio changes in hexagonal close packed (HCP) metals, in general, are highly complex and sometimes even contradictory, creating a need to resort to the involvement of other additional mechanisms such as the ease of atomic shuffling or the ability of twin boundaries to act as sinks for dislocations (Yoo, 1981; Yoo and Lee, 1991; Wang et al., 2009). It is worth remembering that hcp titanium with a lower c/a ratio (c/aMg: 1.624 and c/aTi :1.58) has CRSS values lower for basal and higher for prismatic slip as compared to Mg (Raynor, 1959).

On the other hand, ab initio calculations do not treat CRSS values as a simple outcome of crystal geometry. The alloying effects go beyond changing the c/a ratio as the dislocation core structure and therefore its mobility and ability to dissociate and, in turn, to cross-slip drastically change with different solute atoms (Yasi et al., 2010; Ando et al., 2013; Liu and Li, 2015). For example, changes in c/a ratio can be attributed to atomic size changes, especially of Mg atoms, depending on the solute type. Ab initio computations by Chen and Boyle (2009) showed that a and c parameters and c/a reduce slightly in Mg–Zn, in which atomic volume of Mg and possibly of Zn also appeared to be reduced (as will be discussed further), whereas Y slightly increased the lattice volume by changing a and c, without changing the c/a ratio.

The sequential activities, based on different CRSS values and/or temperature, of different slip planes of Mg point out that some of these slip/twinning modes are “softer,” whereas the others can be described as “hard.” It then becomes obvious that the strategy to strengthen Mg or to increase its deformation capacity and even to lessen the propensity to generate deformation texture, as well as the ease of its removal through recrystallization, hinges on establishing the effects of alloying elements and their necessary quantities. If the differences in CRSS values are lessened, it would effectively mean either the “harder” modes becoming “softer” or vice versa. Another way of looking at “hard” and “soft” modes can be based on dislocation characteristics. For example, if thermal cross-slip is facilitated via increasing the SFE of the basal plane, and/or by lowering the SFE of nonbasal planes, a reduced anisotropy in deformation can be achieved (Moitra et al., 2014). If the prismatic and pyramidal slip systems, which do not contribute to deformation at room temperature, are activated, the former provides two and the latter five additional slip systems (Avedesian and Baker, 1999).

The relatively more recent efforts in resorting to the ab initio techniques together with the experimental studies focusing on dilute alloys stem from this perspective. The success of first-principles techniques (density functional theory, embedded atom model, molecular dynamics) in predicting the influences of alloying elements on dislocation behavior, and consequently on the overall mechanical behavior, lies in the fact that they allow consideration of a fundamental property, that is, free electron density distributions and the resulting bond strength and SFE changes.

In order to benefit more from the vast amount of literature involving ab initio techniques regarding the alloying, the reader should be well-versed on SFE and its influences on materials behavior. Therefore, it seems appropriate to remind ourselves the following:



CONCEPTS OF STACKING FAULTS AND STACKING FAULT ENERGY

It is well-known that, when stacking close packed layers of atoms to constitute an face centered cubic (FCC) or an HCP model, the difference arises by the positioning of only the third layer, thus …ABCABCABC… stacking gives FCC, whereas …ABABAB… stacking gives HCP. Thus, a mistake in these orders can convert one of these two crystals into the other locally. Such out-of-step stacking can be due to an extra atomic layer [named as “extrinsic stacking fault” (SF)] or, for example, because of condensation of vacancies, a missing layer (“intrinsic SF”). One can define a stacking disorder (SF) perpendicular to any crystal plane and in different directions in it, but for example, in prismatic plane of Mg, a stable SF cannot form as energetically prohibited (Uesugi et al., 2009).

If we make definitions based on the basal plane of Mg, the types of intrinsic SFs are two types, that is, the “growth type” and “deformation” types. The former is a missing layer with shear above it by 1/3[10[image: image]0] (…ABABCBCB…– I1 stacking), and the latter involving only shear by 1/3[10[image: image]0] (…ABABCACACA…–I2 stacking). Because SF involves a change in bond angles, a third type is also possible corresponding to stacking across a twin boundary (…ABABCBABABA…–T stacking) (Weinert, 1997). The order of increase in the energies of I1, I2 and extrinsic SF manifests itself in the same order in terms of the number of influenced planes neighboring the SF plane (Wang et al., 2012; Wang W. Y. et al., 2014). While I2 SFE is directly representing an energy barrier to slip, attempt has been made also to correlate the seemingly unrelated I1 SFE to deformation processes as will be discussed later.

Stacking fault energy, at the fundamental level, depends on the free electron density distribution, a property that changes inevitably with each alloying element, as their contribution to free electron density and/or the lattice distortion they introduce differs. Although a change in the stacking order does not change the coordination number of the atoms at and across the fault plane, at least the bond angles change. Hence, the fault plane, that is, SF, is a more energetic location compared to the planes located in the usual stacking order, in addition to being a plane where free electron density distribution in any direction from one atom to any of the neighboring atoms has also changed. An SF and its energy, as we will focus on later, not only stem from its atomic stacking configuration but also is fundamentally related to the atomic-level thermodynamics.

An SF is by definition bound by two partial dislocations, constituting a two-dimensional defect lying in between. The energy of a dislocation, being the sum of two terms, that is, the missing bond plus the strain energy due to the bent planes immediately neighboring the dislocation, also changes with SFE. Thus, dislocations on planes where SFE is low become more energetic, as the dislocation core size increases with decreasing SFE. Consequently, the ease of dissociation of a dislocation becomes closely related to SFE, getting more difficult as SFE increases, and vice versa. Hence, the prerequisite for creation of an SF is a low-enough SFE allowing dissociation of a full dislocation, relating the size of the SF area between the partials inversely to SFE.

These concepts, namely, the size of SF area and dislocation core size, change all of the mechanical responses of metals through changing the dislocation behavior. Stacking fault energy is related to the ease of birth, glide, cross-slip, and climb of dislocations. The sequential activation of the slip planes of Mg also manifests itself in the computed SFE values [SFEbasal < 50 mJ/m2; SFEprismatic = 354 mJ/m2; SFEpyramidal = 452 mJ/m2 (Wen et al., 2009)]. These figures imply that cross-slip and climb for pyramidal slip operate more readily than those for other slip systems because of higher SFE levels (Li et al., 2013). Moreover, the initial glide of dislocations (Zhao et al., 2006), formation of twins, and movement of their boundaries (Bernstein and Tadmor, 2004; Van Swygenhoven et al., 2004) are all facilitated with lower SFEs, while climb gets slower, cross-slip restricted, and steady-state creep rate reduced (Li and Kong, 1989; Guo et al., 2006). It should also be noted that with larger core sizes, because of larger strain fields of dislocations, in a system of low SFE, while facilitating the movement of an individual dislocation, strain hardening becomes quicker, that is, dislocation movement rapidly becomes more difficult due to the larger core size of dislocations when their populations increase during deformation.

Thus, one would understand that SFE would also change whenever other players/factors are introduced. For example, if the fault plane (SF) involves foreign atoms, if near other crystal defects, when extrinsic factors such as temperature and strain are in play, we may expect SFE to change by some degree. However, all these are not to say that SFE is such an ambiguous parameter that can be ignored. On the contrary, one should remember that SFE is a relative term that can be used in a comparative way when different metals, alloys of a particular metal-base, or different planes of the same crystal are considered. Although there also exists a definition as generalized SFE (GSFE, γ surface), each crystallographic plane has, in essence, its own specific SFE value. Generalized SFEs should ideally be calculated by considering the lattice plane neighboring the SF on both sides, that is, the relaxation of the lattice perpendicular to the SF (Vitek, 1968; Yin et al., 2017). The extent of this relaxation is different when considering the SFE of different planes. Furthermore, GSFE values computed by assuming a random solid solution may contain a source of error [e.g., if SRO exists]. Thus, it becomes more useful to compare the individual SFE values of planes that are operative in slip or twinning. It should be emphasized that, in a low-symmetry system such as HCP Mg, SFE of individual crystal planes becomes more distinctive and must be considered specifically. On the other hand, GSFE values are more suitable for interpretations based on Peierls–Nabarro forces (Moitra et al., 2014).

The implications of SFE can be better interpreted through “energy change with respect to the unfaulted atomic stacking” vs. “displacement along a fault vector” plots based on ab initio calculations. These plots show an increase followed by a decrease over the full movement of the fault vector as shown schematically in Figure 2. More complex three-dimensional representations of lattice response to displacements, namely, GSFE surfaces (γ surface), are also available in the literature (Wen et al., 2009; Yasi et al., 2010; Zhang et al., 2013). In such a plot if a single curve appears, the maximum (γUSF-unstable SF) (Figure 2A) represents the energy barrier for dislocation dissociation and implies that formation of SF is not possible. If the curve shows two maxima, the first one still shows the energy barrier for the formation of an SF, and the trough [γSF, also termed as γIS (intrinsic SF)] shows the energy of a stable SF. The second maximum in this case (Figure 2B) corresponds to the energy barrier for the formation of a twin. The minima in such plots, although very difficult, can be experimentally determined, while the maxima can be calculated only via ab initio techniques, which are also demanding tasks by any measure. The height of the peaks, that is, ratio of stable and unstable SFE levels (γSF/γUSF) would indicate ease of slip, while twinning tendency diminishes as the ratio of the maxima of the two peaks (γUT/γUSF) increases (Wang et al., 2011; Muzyk et al., 2012). Therefore, in order to reveal whether the birth of dislocations, dissociation into partials, or twinning is facilitated due to a particular alloying element, an evaluation of the changes in the ratios of γSF /γUSF and γUT/γUSF on specific crystallographic planes becomes critical. For example, Wen et al. (2009) showed that the unstable SFE for the prismatic plane {10[image: image]10} is one order of magnitude higher than the (0001) basal plane, which effectively points out that creation of <c+a> dislocations is difficult on prismatic planes. It was also shown that the γUSF for the second-order prismatic plane {11[image: image]0} is one order of magnitude higher than the first-order prismatic plane {10[image: image]0}.


[image: Figure 2]
FIGURE 2. Typical computed GSFE curves. (A) the maximum (γUSF, unstable SF) represents the energy barrier for dislocation dissociation and implies that formation of SF is not possible; (B) if two maxima exist, the first one still shows the energy barrier for the formation of a stacking fault, which means dissociation of dislocation is possible, and the trough (γSF, also termed as γIS, -intrinsic SF-) shows the energy of a stable SF. The second maximum in this case corresponds to the energy barrier for the formation of a twin.


As can be understood, developing alloys has reached to the point where assessment and adjustment of dislocation characteristics, and even phase stability in some other systems (e.g., new generation steels), in relation to SFE became imperative. In this regard, ab initio techniques have an exciting power in predicting the SFE changes for specific crystal planes and, in turn, all related changes for an alloy. It is obvious that ductility or strengthening considerations for Mg, in other words, adjusting the relative activities of “soft” and “hard” modes through alloying, has to involve the changes created in SFE(γ) and dislocation core properties as demonstrated in the literature (Yasi et al., 2010; Sandlöbes et al., 2011, 2012; Liu et al., 2017; Buey et al., 2018).



EFFECTS OF INDIVIDUAL ALLOYING ELEMENTS


Thermodynamic Ab initio Approach and Ab initio SFE Calculations

Because of the inherently low strength and ductility of Mg, solid solution strengthening may be regarded as the most important issue before considering the usefulness of all other strengthening mechanisms (Abaspour and Cáceres, 2015) as alloying element selection will influence all other strengthening mechanisms. Overwhelming majority of the literature is on substitutional alloying element additions, ranging in coverage from dilute systems to precipitate forming compositions. One example of much less explored area is Mg alloys containing interstitial elements, in which an interesting example now exists and will be discussed later. It is also interesting to note that those studies mostly consider the solid solutions as random solid solutions. The articles based on ab initio techniques, on the other hand, report the influence of alloying elements in solid solutions from the view of changing SFE values. The ab initio calculations, being highly important and informative, they are not exactly explaining interactions between the host and solute atoms based on atomic-level thermodynamics openly and clearly.

Therefore, we will make an attempt, by referring to the relevant literature, to point out that most of the solute elements do not form random solid solutions due to electronegativity differences, but instead they create what may be termed as electronic effects at the atomic level and consequently create SRO with strikingly different results. Thus, it can be argued that any calculation disregarding this concept and assuming random solid solutions would deviate, to some extent, from the reality.

The ultimate aim is to understand the behavior of each element and then expand this understanding toward designing multicomponent alloy systems. The fundamental approach attempting to explain the effects of individual elements in solid solutions has to be based on atomic-level thermodynamics. The theories on interatomic bond formations date back to Pauling (1960). Later, the geometrical method proposed by Miedema (1973a,b); Miedema et al. (1975) and Buey et al. (2018) following the work by Waber et al. (1963) showed better predictions for solubility or intermetallic formations.

These prediction methods were employing atomic-level thermodynamic parameters, for example, an electronegativity (equivalent to chemical potential) vs. atomic radius diagram (Waber et al., 1963), and chemical potential difference vs. electron density difference at the atomic Wigner–Seitz cell boundaries (Miedema, 1973a,c). As we will further discuss, the coordinates in these plots, for a host element of concern, indicate a specific area in the plot for a binary alloy, with great statistical correction over many binary systems, whether a solid solution and/or intermetallic compound is possible, and hence the term geometrical method is used.

On the other hand, the more recent approach in line with that of Miedema's, that is, ab initio techniques, so far based on relatively simple atomistic models and performed for 0 °K, has already proven invaluable in revealing the effects of alloying elements as a reference state. Some of such studies present the free electron density distributions (contour maps) around a foreign atom (Chen and Boyle, 2009; Wu et al., 2016) and also reveal the density of states (DOS) for electron orbitals involved in electron exchange (Chen and Boyle, 2009) and calculate the consequent SFE changes created (Sandlöbes et al., 2012, 2014; Zhang et al., 2013; Pei et al., 2015; Wu et al., 2016; Dong et al., 2018), including the influence of van der Waals forces (Ding et al., 2016) on SFEs in Mg. Moreover, some recent studies applied the same approach to dislocation–foreign atom (Yasi et al., 2010, 2011; Tsuru and Chrzan, 2015; Buey et al., 2018) or dislocation–dislocation (Fan et al., 2017) interactions with very interesting results.

It seems reasonable to say that the researchers have now a far better understanding on the effects of individual alloying elements as a result of ab initio approaches. The knowledge thus accumulated may be heralding the computer-based alloy design in some not-so-distant future. In conjunction with these efforts, experimental alloy systems started to emerge offering solutions to the shortcomings of Mg. The so-far accumulated knowledge, as Pei et al. (2015) named it, is already close to use a “theory-guided rapid alloy prototyping” approach.



Assessment of Solubility or Compound Formation

Thermodynamic assessment of solid solution hardening can be made more critically based on Miedema's model (Miedema, 1973a,b,c; Miedema et al., 1975) rather than on Hume–Rothery rules, as the former not only treats the electronegativity in physically less ambiguous way, but also takes the free electron density distribution around the atomic cells into account when calculating heat of formation. This treatment of free electron density distribution of the model also constitutes a central issue in the recent SFE calculations via ab initio techniques.

According to Miedema's model, when a solute atom is added (M-X binary), the system tries to smooth out free electron density distribution in the lattice at the atomic scale in addition to an electron charge transfer. The effect of the solute in these two terms is related to the electronegativity difference with the host and to the number of its valence electrons, that is, the chemical misfit. Moreover, in solid systems, additional energy terms are involved, that is, the misfit strains due to the size differences as well as the shear modulus misfit, thus making the assessment of solid state changes more complicated. Consequently, the bond energy, and in turn, SFE of a crystal plane, is also effected due to the presence of a solute. Computational techniques for solid state have been involving these concepts in calculating SFE values at atomic level with greater precision.

In the mathematical expression of Miedema, the formation enthalpy was expressed as follows:
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where f (c) is a function of concentration; P and Q are assumed to be constants; e is electronic charge; Δϕ* is the difference in chemical potential for electrons (equivalently the difference in electronegativity or difference between the work functions); and ΔnWS is the difference in the density of electrons at the boundary of the two atomic cells (i.e., Wigner–Seitz cells, which are subject to changes while atoms are changing positions from one equilibrium state to another, a point closely related to SFE; it should also be noted that Wigner–Seitz cell concept cannot be understood if one still assumes a spherical hard ball model for atoms).

The mathematical expression of the Miedema model was later modified in an empirical way for the atomic size factor (Zhang and Liu, 2002, 2005; Sun et al., 2011) and also extended to ternary systems as well (Dai et al., 2007). There may be more examples of its modifications in the literature beyond the knowledge of the author of this section.

Discrepancies in the geometrical predictions of the model when considering the case between transition and non-transition elements were attributed to a negative extra energy term R (explained to be due to hybridization of d and p orbital electrons). Unless a divalent non-transition metal is mixed with a strongly electronegative element, R was assumed to be negligible, that is, R = 0, for example, Mg, and a transition metal (Miedema, 1973a).

The heat of formation (ΔH) determines the nature of the binary mixture. Thus, it also dictates the general constitution of the binary phase diagram, indicating whether a random solid solution (ΔH = 0), a system with limited solubilities without any formations of intermetallics (+ΔH), or a system involving intermetallics (and small solubility), prevails (–ΔH) (Miedema, 1973a,b,c). Let us remember that strongly electronegative metals are those with greater tendency to form negative ions, and the weakly electronegative ones are those with a greater propensity to form positive ions. It follows that as the difference in electronegativity between the constituent elements in a binary alloy increases, a greater tendency to form intermetallic compounds is observed, with an accompanying larger heat release, that is, more negative heat of formation. In such a case, formation of a solid solution is also suppressed. This assessment would also reflect itself in the phase diagram of the mixture, in which more than a single eutectic can be expected if formation of intermetallics is probable. As pointed out by Miedema (1973a), based on an earlier work of Brewr (1967); in the extreme case when the two metals have strong affinity to each other, the mixture, as in the case of Hf and Pt, can be explosive. Albeit, as emphasized by Miedema, the very concept of electronegativity is difficult to establish for metals.

As Equation (1) shows, the two intrinsic terms, namely, the electronegativities of the constituent elements (which is shown to be linearly related to the work function in the original Miedema model) and their contributions to the free electron density of the mixture, determine the enthalpy of formation. The term Δϕ*, created through charge transfer between the two constituent elements, makes a negative contribution to the formation enthalpy of the mixture, thus reducing the total free energy of the system. The term ΔnWS, involves rearrangement of electron density distribution at the atomic cell boundaries (Wigner–Seitz) with the need to smooth it out. This phenomenon requires a complementary change in the Wigner–Seitz atomic cell sizes of both of the elements, therefore constituting a positive contribution term, that is, making the atoms of both elements more energetic as compared to their pure state. The most problematic issue then becomes the complication arising when also taking the size (radius) of the constituent atoms into consideration especially for systems involving the transition metals due to their compressibility levels. Possibility of the two terms, Δϕ* and ΔnWS being interdependent, was thought to be negligible and therefore ignored in the original model (Miedema, 1973a,c).

Thus, the arrived geometrical scheme is a plot of the Δϕ* vs. ΔnWS, grouping the binary systems generally into two, with a linear line having the slope of P/Q. Nearly all the binary systems in transition metals that have a negative enthalpy are located above this line, constituting intermetallic forming binaries, and those with positive enthalpy values remaining below the border line, representing those that cannot form compounds and show low mutual solubility. This geometrical scheme was further elaborated in the same article, taking into account the fact that such a border line can be drawn for a specific element (Mg being the one in the original article) twice by crossing each other, because the absolute values of |Δϕ*| and |ΔnWS| (Equation 1) would mathematically necessitate it. By doing so, Miedema's scheme now presents four sectors in the ϕ* vs. nWS diagram, with the upper and lower sectors belonging to binary systems of Mg–X that would show negative enthalpy, and the left and right sectors to those with positive values. Thus, by indicating the position of any element with its own values of ϕ* vs. nWS, a crossover can be generated, which geometrically reveals a crucial information, that is, upper and lower sectors involving those elements that would form intermetallics with the reference element. The graph for Mg has been given as a conceptual plot in Figure 3; for quantitative information on each element in this figure, the reader should refer to Miedema (1973a) and Abaspour and Cáceres (2015).
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FIGURE 3. A conceptual illustration of Φ* (eV) the chemical potential for electrons (equivalently, electronegativity, or the work function) vs. nWS (d.u., density unit) electron density at atomic cell (Wigner-Seitz) boundary (d.u., density units). The upper (north) and lower (south) sectors indicate the elements that can form intermetallics with Mg, and the left and right sectors involves the elements that do not (data adopted from the refs.: Miedema, 1973a; Abaspour and Cáceres, 2015).




Assessment of Solute Element Additions Based on Miedema's Scheme

The electronegativity differences between the solute and the solvent must have consequences at the atomic level and in terms of electron density distributions. Therefore, most binary systems should show some degree of resistance to form B–B bonds in a system of A–B, which may appear to be a simple solid solution on the respective phase diagram (i.e., considering the limited solubility regions at terminal sections of a phase diagram). This phenomenon was described as SRO in the early work by Cahn and Davies (1960), in which they also referred to the preceding studies of Houska and Averbach (1959) and Suzuki (1962). Short range order was also reported in earlier studies on binary Mg alloys, namely, in Mg–tin (Sn) (Henes and Gerold, 1962; van der Planken and Deruyttere, 1969), in Mg–(6.4 at%) Er and local order in Mg-(2.9 at.%) Gd (Gencheva et al., 1981), and in Mg–Zn (Akhtar and Teghtsoonian, 1969). Since then, a number of relatively recent studies on lean binary Mg alloys also focused on SRO (Blake and Cáceres, 2008; Abaspour and Caceres, 2013; Abaspour and Cáceres, 2015, 2016; Abaspour, 2014; Yang et al., 2014; Zhang et al., 2014). According to Abaspour and Caceres (2013), SRO was also claimed in previous studies (Henes and Gerold, 1962; Safranova et al., 1977) based on small-angle x-ray scattering. However, without refuting their claims, it should be borne in mind that Suzuki segregation (Suzuki, 1962) can also create similar x-ray scattering results. Many of the counter arguments on the effects of SRO were dismissed by Abaspour and Cáceres (2015). However, one that involves segregation of the solutes to dislocations does not seem to be easily dismissible. Serrated flow observed by these authors also testifies to this possibility, without going to the extreme example (Abaspour and Cáceres, 2015) of a Cottrell atmosphere.

Short range order can be viewed as a case where B–B bonds are not allowed in a binary A–B system. The phenomenon of temperature-independent flow stress in some Mg–X alloys, that is, “athermal component of solid solution strengthening,” has been attributed to SRO (Akhtar and Teghtsoonian, 1969; Abaspour and Cáceres, 2015, 2016; Abaspour et al., 2016). In essence, the phenomenon is an extra strengthening mechanism that cannot be explained based on simple solid solution strengthening (van der Planken and Deruyttere, 1969). Therefore, the physical meaning of SRO requires in-depth analysis in terms of inter atomic effects. As the term implies, SRO is limited to each A–B–A (letters representing atoms, not atomic layers) sequence in an α-Mg grain and effectively constitutes stronger obstacles to dislocation motion as compared to a case where the solute atom is just a substitution in a random solid solution. Whether the interaction of such solute atoms in SRO with dislocations can be considered as a short-range or long-range interaction is debatable as it also depends on the concentration of the solute. However, such types of obstacles would be expected to be more resistant to relatively high temperatures unlike the short-range interactions of dislocations, that is, as for the dislocation–dislocation interactions, which can be overcome readily with temperature effects. Consequently, presence of SRO can become especially useful for Mg to overcome its shortcomings such as low strength and elasticity modulus and poor creep resistance. The contribution of SRO to strength with high resistance to changes in temperature was demonstrated via compression and stress relaxation tests conducted at various temperatures (Abaspour and Caceres, 2013; Abaspour, 2014; Abaspour et al., 2016) and via creep experiments (Abaspour and Cáceres, 2015).

The following experimental observations were reported by Abaspour et al. for Mg–X [X: Y, Gd, Ca, Zn, Sn, antimony (Sb), and Al] binary systems: an initial linear strengthening at constant temperature tests; for some alloys, an increasing strength at higher temperatures and little or no stress relaxations. Studies by Abaspour (2014) and Abaspour and Cáceres (2014, 2016) showed that temperature dependence of the strength of some Mg–X [X: Al, Zn, Sn, Y, Gd, neodymium (Nd)] alloys displayed an athermal regime at low strain levels up to some different temperature range and to varying levels. The same workers further claimed that there was even a strength increase within a temperature range in the case of Mg–X (X: Y, Gd, Nd) (see Figures 2, 3 in Abaspour and Cáceres, 2016). These observations, which cannot be explained based on an ordinary solid solution, were all attributed to SRO in those alloys (Abaspour and Cáceres, 2016; Abaspour et al., 2016). The potential of these alloying elements to develop SRO in Mg was given, based on Miedema's model, in the following order (Abaspour and Caceres, 2013; Abaspour and Cáceres, 2016; Abaspour et al., 2016):

Y, Gd > Nd, calcium (Ca) > Zn, Ag, Sn > Al > Sb, strontium (Sr)… (Abaspour and Caceres, 2013; Abaspour and Cáceres, 2016)

This ranking given by Abaspour and Cáceres contradicts the implications of ab initio calculations of diffusion coefficients for the same binary systems:

DMg−Ca > DMg−Zn > DMg−Sn > DMg−Al … (Ganeshan et al., 2011)

The apparent contradiction may be due to the assumption of “random solid solutions” employed by Ganeshan et al. (2011). However, the bond strength calculations by Chen and Boyle (2009) also contradict the experimental values given by Abaspour and Cáceres (2015) for Mg–Zn. It seems that the interpretation of SRO may not be straightforward in every case and requires more detailed insight using the available ab initio calculations.



Assessment of Interatomic Bonding in Solid Solutions of Mg—Two Types of SRO

Abaspour and Cáceres (2015) disagreed with the approach to explain the solid solution strengthening incurred by Y and Gd elements (the athermal strengthening effect) in Mg–X systems via a valence mechanism as proposed by Chen and Boyle (2009). However, their objection seems unwarranted. An ab initio study by Chen and Boyle (2009) on binary systems, namely, Mg–Al, Mg–Zn, and Mg–Y, and on Mg–Li (Jin et al., 2011), showed that the interatomic bonding possessed different characteristics depending on the planes and directions in pure Mg, as well as in these lean binary alloys.

Interestingly, pure Mg was found to have, although very weak, directionality in bonds within the basal plane and perpendicular to it, the latter being stronger. The DOS (local DOS) calculations of pure Mg is consistent with several other reports (Wang et al., 2007; Peng et al., 2008; Kumari and Verma, 2018). It was shown that such directionalities were also displayed in Mg–Y (Chen and Boyle, 2009) and Mg–Al (Chen and Boyle, 2009; Ganeshan et al., 2011; Jin et al., 2011) systems, the latter being weaker than the former but both being stronger than those in pure Mg to varying degrees (Chen and Boyle, 2009). It should be stated that Mg acts weakly electronegative in Mg–Y (Stanford et al., 2015) and forming hybridized bonds with Y. Likewise, although Mg behaves electropositively in Mg–Al system, the bonding is again only weakly hybridized as the DOS calculations for Al in Mg–Al showed a reduction only for its highest energy levels (Ganeshan et al., 2011).

Mg–Zn system, on the other hand, did not show directionality as also indicated in some studies (Ganeshan et al., 2011; Garg et al., 2018). Similar cases in Mg–Li (Jin et al., 2011) and in Mg–Ca (Ganeshan et al., 2011), that is, a general depletion around the solute atoms and a general homogenization in their electron densities for all energy levels, were computed for Mg–Li and Mg–Ca, where the electronegativity differences are opposite to that in Mg–Zn, that is, Mg acting electronegatively and Li and Ca acting electropositively. Moreover, Zn slightly reduced a and c parameters and c/a ratio, whereas Y, while slightly increasing the lattice volume by changing a and c did not alter c/a ratio. The former case effectively meant a reduction in atomic volume of Mg (and possibly for that of the solute atoms as discerned from their DOS calculations), and the latter, an increase (Chen and Boyle, 2009; Stanford et al., 2015).

The studies by Chen and Boyle (2009) and by Jin et al. (2011) further showed via computational methods that the bond strength in a solid solution dominated by the shared electrons (computed as bond order–BO–). When naming the bond types, they referred to the earlier definition by Bader (1990), who suggested that all bonding interactions fall into the following categories, as has been confirmed by the recent ab initio computations: (i) the shared-electron interaction, creating covalent (localized electron sharing) and metallic bonds (dilocalized electron sharing), and (ii) the closed shell interaction, leading to ionic as well as weak bonds.

An increasing BO was interpreted to mean an increasing strength through the series Mg–Zn, Mg–Al, and Mg–Y (Chen and Boyle, 2009). In Mg–Zn system, there appeared to be no covalent bond formation specific to the presence of Zn [likewise in Mg–Li (Jin et al., 2011)] as the electron localized function (ELF) maps (also known as charge density contour maps) indicated. Furthermore, DOS calculations pointed out that all electron densities (more in p orbital than that in s) around Mg atoms neighboring Zn reduced, in addition to the removal of the mild covalency within the basal plane of Mg (existed in pure Mg) around the Zn atom. However, the mild again covalency between Mg atoms in z direction remained unchanged. The DOS calculations for Zn in Mg–Zn (Ganeshan et al., 2011), Sn in Mg–Sn, and Li in Mg–Li also showed an overall reduction and homogenization for all energy states of the solute atoms, further indicating a possible size reduction in the atomic sizes of the solutes as well. Therefore, the atomic size reduction both for Mg and the solute atoms may be interpreted as the birth of an extra strain field around the Mg atoms surrounding each solute in these binary systems. This strain field would require consideration in addition to the one that would normally exist due to the size difference of Mg and solute atoms. This reduction in the atomic size of Mg was also pointed out by Chen and Boyle (2009). However, Chen and Boyle discerned this atomic size reduction indirectly and on the basis of crystal parameter changes, without relating to their own DOS calculations, which effectively showed the electron contribution from all orbitals of Mg in Mg–Zn. The proposed extra lattice straining due to large electronegativity difference between Mg and the solute atoms was also foreseen for the system of Mg–Sn in another study (van der Planken and Deruyttere, 1969), constituting another example of SRO without covalency (hybridization).

Regarding the Mg–Y system, Chen and Boyle (2009) showed that no significant DOS change occurred in s and d orbitals of Mg, whereas its p orbital showed some increase, which was interpreted as hybridization between Mg and Y atoms, involving p and d orbitals, respectively (the calculated DOS of d orbital of Y in Mg–Y being strikingly dominant), as well as stronger directionality in the bond structure. They further confirmed through Cauchy pressure evaluation that in one direction the value was negative, also indicating directionality in the bond strength.

The proposed two SRO mechanisms also comply with the expected SFE changes in two different cases. Zn should increase I1SFE due to reduced average atomic size (Pei et al., 2015), while Y showing an opposite trend, and indeed reported to be so (Sandlöbes et al., 2014). It may further be expected that the influence of hybridized bonds would not be uniform on the SEFs of different crystal planes, whereas the non-hybridized type would create more uniform changes, that is, either increase or decrease to similar extents. A critical evaluation of SFEs for elements representing two different SRO types showed that the expectation is largely fulfilled (Moitra et al., 2014; Shang et al., 2014; Zhang et al., 2014a; Dong et al., 2018). It seems that the implications of atomic size changes in terms of changes in a, c, and c/a ratio are also worth considering.

In one case, based on the DOS reductions in all orbitals of Mg and the consequent change in its atomic size, as in Mg–Zn and Mg–Sn, it may be interpreted that Mg behaved as a strong donor (more electropositive) as compared to the case of Mg in Mg–Y. Thus, in this SRO case, if the electronegativity difference is large enough between Mg and solute atoms, the charge transfer is stronger, leading to homogenization and an accompanying reduction in all DOS levels. Hence, the consequence is a reduction in atomic sizes, without resorting to hybridization. Such Wigner–Seitz atomic cell size changes were said to be large in Miedema's model (1973c). This can be envisaged to lead to an extra strain field (in addition to the atomic size difference of the solute) involving both the Mg and the solute atoms whenever they are neighbors and consequently additional strengthening as compared to the one expected from a random solid solution, whereas if hybridization of electron orbitals takes place, this extra strain field is absent or negligible. In this case, the SRO and accompanying strengthening are only due to the increased bond strength (covalency) between Mg and solute element.

Thus, it may be concluded that the strengthening mechanism of individual elements may depend on the way the electrons are shared. In both non-hybridized and hybridized cases, SRO forms. However, the degree of effectiveness in increasing strength differs, being stronger if hybridization exists. This view should also be taken to emphasize the importance of the purity of the alloys prepared for experimental comparisons (van der Planken and Deruyttere, 1969). In the case of Mg–Y, that is, hybridization, while increased covalency increases strength, the alloy may be expected to become more brittle according to the criteria (brittleness: RG/B > 0.5) by Pugh (1954). However, Chen and Boyle (2009) showed that the strengthening effects in case of Al, Zn, and Y did not seem to be related to the changes in bulk moduli, and therefore despite the modulus-based criteria of Pugh, brittleness did not prevail in Mg–Y (RG/B > 0.605).

To the best knowledge of the author, DOS calculations and ELF maps are unfortunately not available in the literature for all Mg–X binary systems to firmly conclude the presence or absence of covalency. The atomic size change is a complex phenomenon as it may be necessary to consider more than the immediate neighbors of the solute atom, in addition to the original atomic radii and concentrations. The DOS calculations and constructions of ELF maps seem indispensable for each binary system for a more complete understanding.

The phenomenon of SRO elegantly indicates the possibility for an approach to design alloy systems in a subtle and economical way. For example, α-Mg solid solutions containing only 1% addition of Y, rare earth (elements) (RE), or Ca were shown to be competitive in flow behavior with the traditional alloys, such as QE22 and ZE41, and be better than AE42 and AS21 (Abaspour and Cáceres, 2016). Abaspour and Cáceres, with reference to the studies by Zhang et al. (2014), pointed out the importance of SRO and, in turn, the selection of the alloying element, especially for cast structures showing inherent coring. The overall strength levels of such cast parts were said to dependent on the strength level of the weakest regions of what was described as percolated structures that were made up of weak solid solution regions (interiors of the cored grains) and interconnected strong grain boundary intermetallics.

When accounting for their observations, Abaspour and Cáceres (2015) disputed any role of the mechanisms, such as pinning of edge dislocations with mobile solute atoms, atomic size effect on the diffusivity, or dynamic precipitation of thermally stable precipitates. However, there exist atomic resolution imaging studies, explaining the temperature resistance of the strength on the basis of solute segregation (said to be driven by the need to reduce the twin boundary strain energy minimization) to mechanical twin boundaries in Mg–Gd, Mg–Gd–Zn (Nie et al., 2019), Mg–Y (Somekawa et al., 2017), Mg–Ca, and Mg–Zn (Somekawa et al., 2014) systems. Such solute segregations themselves were shown to be ordered along the twin boundaries and to have occurred in short annealing times. If one treats the coherent twin boundary planes as SFs, a justifiable likeness as only the bond angles change across the plane, then this segregation may be regarded as Suzuki segregation. There has been suggestions in the literature to use this type of segregation as an alloy design criterion based on ab initio calculations (Zhang et al., 2014b).

Whether this order accompanying segregation to the twin boundaries can be described as a local SRO is a subject for discussion. However, the very existence of the alloying element segregation along the twin boundaries effectively means that they diffused from the nearby matrix regions to these boundaries. Whereas, the original claim (Abaspour and Cáceres, 2015) was that SRO-forming solutes were stable to the extent that temperature changes had little effect, if at all, on their mobility. Hence was the athermal nature of the strengthening effect of SRO. However, this way of questioning is not meant to dismiss the reality of SRO. Examinations of regions away from the twin boundaries in the same α-Mg grains were not given in those reports that presented segregation to twin boundaries. Seeking the presence of SRO away from such twin boundaries would reveal if this segregation and resulting stabilization of the twins were solely responsible for the observed strengthening or were an additional contribution to an already existing SRO effect.

The explanations based on SRO alone in Mg alloys can also be strengthened via conducting some advanced imaging techniques. In such a study on Mg–Zn and Mg–Y systems (Stanford et al., 2015), the alloys were defined as random solid solutions based on tomographic atom probe maps. However, those alloys had very rich solute concentrations, and even then, the majority of solute atoms were a few atomic distance apart rather than presenting a readily noticeable solute–solute neighboring. Moreover, despite the larger atomic size of Y and much richer concentrations of Mg–Y, perhaps due to the extra strain field created by Zn in Mg–Zn, the average nearest neighbor distance between Zn–Zn was almost double compared to that of Y–Y. It is fair to say that further elaborate imaging studies would contribute to our understanding greatly.



SFE-Based Assessment on the Effects of Alloying Elements in Mg–X Systems

First, it should be recalled that SFE for a given crystal plane is strongly influenced by the interatomic electron density distribution and therefore influenced by all atomic scale parameters. It is not a priori that all the SFE values of different planes in a system will follow the suit of change in the SFE of a particular plane under the influence of a particular solute (Yin et al., 2017). As to the GSFE calculations, an important assumption in the currently employed ab initio techniques is that a random solid solution is assumed (Equation 4 in Yin et al., 2017). Considering the small size of the atomic models used in calculations, whether this makes a great difference or not is debatable but not unlikely. In this respect, individual SFE calculations may be considered more reliable than those for GSFE.

Several studies on SFE calculations are particularly comprehensive in terms of the number of alloying elements considered (Moitra et al., 2014; Shang et al., 2014; Yuasa et al., 2015; Dong et al., 2018). Pei et al. (2015), in an attempt to devise a practical guide to alloying, plotted qualitative relationships between the I1SFE in Mg–X and the relative atomic volume, atomic number, I1SFE of the solute, bulk modulus, and electronegativity of the solute for 18 elements. Similar reports can also be found in the literature (Wen et al., 2009).

Among the SF types, I1SFE has been said, although not unanimously, to be indicative of the deformation capacity of the Mg–X systems based on computations as well as observations on Mg–Y (Sandlöbes et al., 2011, 2014; Agnew et al., 2015). Although, I1SFE does not reveal an energy barrier to slip, its formation is regarded as a source for generation of nonbasal, <c+a>, dislocations, providing a step for slip at room temperature. Therefore, if I1SFE is low I1-type SFs form, the proposed mechanism is assumed to work and explain the ductility imparted by Y (and REs for that matter). A strong criticism to this proposal came from Yin et al. (2017), indicating that necessary number of I1 type cannot be generated by slip, and a large population of I1 SF prior to deformation is necessary to render the mechanism feasible. An alternative mechanism was also put forward by Kim et al. (2015) who, by using molecular dynamics simulation, suggested different level of changes in CRSS values associated with Peierls potentials for pyramidal plane and a very complex movement of leading and trailing partials in a comparative study on Mg–Y and Mg–Al.

According to the findings of Yin et al. (2017), Zn was the least effective element in reducing both basal and pyramidal I1 and I2 SFEs (no effect on basal types), and Al moderately reduced the basal SFEs while not changing the pyramidal types; Y created the most effective reductions as compared to Al and Zn. These findings, when considered together with the previously mentioned results by Chen and Boyle (2009), may be indicating that SFE reduction becomes more effective as the ranking of interatomic bond between the solute and Mg goes from lack of covalency, that is, Mg–Zn, to weak covalency, that is, Mg–Al, and finally to strong covalency (hybridized bonds) as in Mg–Y.

As to the computed GSFE values, the reports for a wide range of alloying elements for binary Mg alloys are unfortunately not free from contradictions, for some elements even giving opposite trends as can be seen by comparing the values given in Wang et al. (2013), Moitra et al. (2014), Shang et al. (2014), Wang W. Y. et al. (2014), Zhang et al. (2014), Yuasa et al. (2015) and Dong et al. (2018). Having summarized the effects of individual alloying elements in Mg–X systems based on the existing literature that relies on atomic scale thermodynamics, or on first-principles calculations revealing SFE values, we will now attempt to indicate the relationship between the atomic number, size, and ΔΦ*, ΔnWS, and SFE in the periodic table. While Miedema's model considers all the elements in a single plot collectively, we will consider the elements along individual periods of the table.

In order to understand the general trend in the periodic table, several relevant plots have been given in Figures 4–6. The well-known electronegativity change by atomic number has been given in Figure 4 as a reminder that there is an overall trend of increase within each period. The intensity of increase appears to reduce as the period number increases. On the other hand, the plots of atomic number (Figure 5A) or size (Figures 5B,C) vs. nWS or Φ* showed clear modulations, each “inverted parabola” belonging to a period. An inverted parabolic increase in the plots of I1SFE (SFE values from Wang W. Y. et al., 2014; Dong et al., 2018) vs. atomic number (Figure 6A) or size (Figure 6B) for each period also exists. Figure 7 shows the changes in in Φ* (Figure 7A) and in nWS (Figure 7A) vs. I1SFE (Φ* and nWS values are from Miedema (1973a), Abaspour and Cáceres (2015), Buey et al. (2018); SFE values from Wang T. et al., 2014 and Dong et al., 2018). Although a graphical illustration has not been given here, it was found that I2SFE also showed a similar relationship with Φ* and nWS, whereas GSFE did not show any specific trend (perhaps due to insufficient data). The increase in SFE as the Φ* increased may be interpreted due to an increasing binding force between the solvent and solute atoms. On the other hand, the increase in SFE vs. nWS plots may be attributed to a relatively more polarized electron density distribution at Wigner–Seitz atomic cell boundaries.
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FIGURE 4. The relationship between the Pauling scale electronegativity values with atomic numbers (data set from: https://en.wikipedia.org/wiki/Electronegativities_of_the_elements_(data_page) with reference to: L. Pauling, The Chemical Bond, Cornell University Press, Ithaca, New York, 1967).
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FIGURE 5. The plots of (A) atomic number vs. nWS and Φ* (for clarity, the element names are only given for one data set, Φ*); (B) atomic size vs. Φ*; and (C) atomic size vs. nWS. Note that the modulations correspond to individual periods in the periodic table (nWS and Φ* values are from Miedema, 1973a; Abaspour and Cáceres, 2015).
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FIGURE 6. The plots of I1SFE vs. (A) atomic number, and (B) size showing modulations (SFE values from Wang T. et al., 2014; Dong et al., 2018).
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FIGURE 7. The relationship between the computed values of I1SFE with (A) Φ*; and (B) nWS. (Φ* and nWS values are from Miedema, 1973a,b; Abaspour and Cáceres, 2015; SFE values from Wang T. et al., 2014 and Dong et al., 2018).


The parallelism between nWS and Φ* against the atomic number and radii further testifies Miedema's original hypothesis regarding the interdependency of the two terms. The linear relationship between the nWS and Φ* was already known due to Miedema. These trends also indicate the relationship between the I1SFE and the values of nWS and Φ* as atomic scale thermodynamic parameters. Pei et al. (2015) have shown, for presumably a single period (elements were not stated), that I1SFE in Mg–X increased as the electronegativity of the solute increased.

The inflection points in Figure 6 as well as in Figure 7 correspond to about the middle position in each period, that is, about the midrange in transition metals. This intriguing feature requires further evaluation. If compared with Miedema's plot (Figure 3), it can readily be noticed that all the elements of the upper (north) sector are located in the second half, namely, the decreasing part, in the Φ*, nWS, I1SFE vs. atomic number plots, and reverse their side in plots vs. atomic size, whereas the elements located in the lower (south) sector of the Miedema plot reside on the reverse half of the same plot in each case. By taking into account the findings of ab initio studies (DOS calculations and the contour maps), it may be deduced that the elements that are likely to form the non-hybridized type SRO with Mg and those that form hybridized type SRO reside on the opposite sides in these “inverted parabolic” plots for each period. As such, it appears to be logical to suggest that the question of what type of SRO forms can be answered depending on the position of the candidate solute element on any of these plots involving the nWS, Φ* or I1SFE. It may be suggested that if the size difference is relatively smaller and electronegativity is larger, the tendency to form non-hybridized bond type is greater, and vice versa.

Based on the interpretation of these plots, the possibility of using a currently available measurement technique, that is, Kelvin probe force microscopy (KPFM), may be suggested when assessing the SFE changes especially in studies involving multicomponent alloys (Φ* was said to change linearly with Φ, the work function, of the constituent atoms) and that the electronegativity and chemical potential for electrons in an atomic cell were equivalent (Miedema, 1973c; Abaspour and Cáceres, 2015). Ab initio computations are rather difficult (Pei et al., 2015) and currently not capable of computing SFE in models involving several different solute atoms [few studies considered two solute atoms together (Kimizuka and Ogata, 2013)]. Kelvin probe force microscopy, because it measures work function (Φ), that is, the equivalent (Miedema, 1973c) of Φ* in Equation (1), may be useful in understanding the SFE changes indirectly as compared to some reference materials, be it pure Mg and/or a binary alloy of known SFE. Because SFE changes are invaluable in selecting alloying elements, this practical measurement technique may prove useful in designing multicomponent alloy systems.

Relationship between electron work function (EWF) and material properties, such as strength and elastic modulus for metals and alloys, was demonstrated (Halas, 2006; Hua and Li, 2011; Lu et al., 2018). Liu and Li (2015), via ab initio calculations, showed that both I1 and I2 SFEs increased with EWF and that alloying Mg with the elements having lower EWF compared to Mg would impart strengthening as well as ductility and with the other elements, while increasing strength, and lower ductility.

It is thus reasonable to suggest that an understanding of alloying effects has already been established in relation to EWF, which can be measured via KPFM. Admittedly, this knowledge basis currently stems from the ab initio calculations rather than KPFM as a practical method. One impediment when employing KPFM may be the inevitable surface oxide on samples. However, if relative values are to be considered rather than seeking absolute values, KPFM readings may be promising for comparison purposes between different systems.




DOPING MAGNESIUM WITH OXYGEN

As a counterintuitive alloying approach, intentional addition of oxygen into Mg has been arguably the most interesting attempt in the history of Mg alloys. Doping Mg with oxygen results in many interesting properties and may also be taken to indicate the potential of dilute systems involving interstitial atoms.

A recent study (Kang et al., 2016) showed that dilute concentrations of oxygen, as an interstitial element, yielded highly surprising remedial effects on the problematic properties of Mg, namely, an increased strength and deformation capacity, removal of the yield asymmetry, and even improved corrosion resistance. It has been postulated that, as a non-metallic addition, oxygen would form interatomic bonds that may be strongly ionic/covalent in character and increase strength (Kang et al., 2016).

Kang et al. (2016) succeeded in mono atomic oxygen addition to Mg by employing the dissociation tendency of nanosized TiO2 over 400°C when in molten Mg and detected ~0.3% at. oxygen at a depth of 15–18 μ in solidified state after removing the surface oxide layer. Their first report covered pure Mg, Mg–Al, and Mg–Zn systems with oxygen additions. Among them, Mg–Zn–O system showed additional extraordinary features, such as more than 50% elongation to failure without apparent twinning, a yield drop phenomenon akin to simple low carbon steels, and, strikingly, non-basal slip in submicron-sized grains. Thermal conductivities of all oxygen containing alloys were also shown to have increased.

Two of their following studies on Mg−9Al-O alloy also reported a higher oxygen content in β-phase (~3.86% at. in Mg17Al12) than in α-Mg (~0.79%), leading to increased d-spacings in both phases and consequently a better match (Kang et al., 2017, 2018) and stability at the β/α interface, disappearance of the β/α eutectic, and refinement of β-phase. Presence of oxygen brought about benefits in the mechanical properties as compared to Mg−9Al, namely, 30% improved yield strength, 41% increased UTS, doubled elongation to failure, ~10% increase in elastic modulus, and fracture toughness. Albeit, their claim regarding the formation of so-called “reticular” phase during annealing treatments (Kang et al., 2018), due to lack of verification via an irrefutable method, needs substantiation. This reticular phase may turn out to be nothing more than an oxide phase.

To our best knowledge, there exist no studies yet as to the changes incurred in SFE by dissolved oxygen atoms in Mg matrix or an evaluation with actual figures of formation enthalpy of such a solid solution, although based on the evaluations by Pei et al. (2015), due to the very high electronegativity value of oxygen, a large increase at least in I1 SFE value of Mg–O can be expected. This foreseen increase would conform to the plot given by Pei et al. (2015) that shows an increase at least in I1 SFE with average atomic size reduction in Mg–X (Mg–O system should have a decrease in average atomic size according to Figure 3 in Pei et al. (2015). The experimental observation as to lack of twinning (Kang et al., 2016) seems to support these expectations.

Furthermore, because of the large electronegativity difference between Mg and oxygen, a dilute system of Mg–O is highly likely to form SRO. Based on the discussions earlier, directionality in bonding around oxygen atoms would not be expected. It may also be thought that, through binding, more of the available free electrons of Mg that would otherwise contribute to the corrosion potential may also be the reason for the observed (Kang et al., 2016) improvement of the corrosion resistance in Mg–O system. Such interpretations may render all the beneficial effects of this dilute binary alloy system understandable, but a demonstrated explanation through ab initio techniques could prove highly useful.

The potential beneficial effects of dissolved oxygen deserve exploration at fundamental level and in different alloy systems, be it Mg or other metals. In essence, the effect of oxygen in solid solution has long manifested its potential also in other well-known metallic systems. CP (commercial purity) titanium serves as an engineering material owing its strength level to oxygen in solid solution at ppm levels. Yet another commercially available example is oxygen-free copper, a material that would otherwise be hard and brittle. Even just these two materials clearly point out that addition of oxygen in trace amounts has the potential to create striking changes in metals including Mg. Perhaps the down side to the idea is the inherent difficulty in producing bulk quantities of materials containing controlled and dilute amounts of oxygen. Coupled with this difficulty, the highly problematic issue of finding an economical monoatomic oxygen source may continue to stand on the way to utilization of this approach. Formerly, addition of nitrogen into Mg was also attempted (Kaya et al., 2003). Despite the disappearance of the eutectic morphology in the microstructure as in oxygen addition, the attempt was probably a failure in terms of supplying monoatomic nitrogen into the molten metal due to employment of simple gas purging.



ULTRASTRONG MAGNESIUM ALLOYS

Because comparable to the high-strength steels, the strength levels achieved in some Mg alloys deserve the definition of “ultra.” For example, owing to nanocrystalline structures containing LPSO phases, yield strength level as high as 600 MPa was reported in rapidly solidified powder metallurgy products (Inoue et al., 2001; Kawamura et al., 2001). More complex but again Y- and RE-containing, a composition [Mg−1.8 Gd−1.8 Y−0.7 Zn−0.2 zirconium (Zr) at.%] also showed a high yield strength of 473 MPa in aged condition (Homma et al., 2009).

A hot-rolled Mg−8.5 Gd−2.3 Y−1.8 Ag−0.4 Zr (wt%) with a yield strength of ~575 MPa (Wang et al., 2010; Jian et al., 2013) and Mg−8.2 Gd−3.8 Y−1.0 Zn−0.4 Zr alloy with a proof stress of 426 MPa (Xu et al., 2012) and an earlier example of alloy extrusions in the Mg–Al–Zn–Si–RE system with yield strength levels of >500 MPa (Chang et al., 1986, 1987) can also be considered in the ranks of the ultra-strength alloys, albeit these high strength levels were not accompanied by high deformation capacities, which were typically <10%.

One study, among those that reported ultrastrong levels, is particularly interesting because of its implications toward developing high-strength Mg alloys. The achieved strength level (σy ~575 MPa, UTS ~600 MPa, and 5.2% uniform elongation) was attributed to finely spaced SFs by Jian et al. (2013). As such, because the alloys contain abundant SFs to start with, this alloy system may also serve as a test case to show if I1-type SFs really play an important part in increasing deformation capacity as suggested in Sandlöbes et al. (2011), Sandlöbes et al. (2014), and Agnew et al. (2015). In this alloy, presence of such nanospaced SFs was proposed as an effective means to increase strength without losing the modest level of ductility even after multipass rolling. It appears that the achieved properties simply depend on the adjustment of SFE. The same study also suggested an interesting deformation mechanism, supporting the findings of an earlier work (Liao et al., 2004). The deformation was said to have changed mode and became SF-mediated instead of slip-dominated after reaching a total deformation range of 30–50% reduction as the SF widening started to operate (Jian et al., 2013). The foundation of this explanation is none other than Suzuki segregation.

The composition of this interesting alloy is akin to those that generate LPSO phases as discussed below. However, it is also worth noticing that despite the proliferation of SFs and presence of the main player elements in LPSO formation, perhaps due to the level of SFEs not being at a necessary critical range, the alloy composition with nanospaced SFs did not create LPSO phases. Considering the fact that the strength level of this structure is as high as those that contain LPSO phases leads to an intriguing question. Is the ultrastrength level achieved in composition with LPSO phases really due to these so-called strengthening particles or only a result of presence of multitude of SFs in the same structures? This view is admittedly simplifying the comparison; however, it appears that with or without LPSO phases, so long as the SFs proliferated the strength can reach to ultra levels.

A category of Mg alloys with outstanding strength levels is found within Mg–Zn–RE [or Mg–TM (transition metal)–RE] system involving LPSO phases. These may be viewed as the succession of those structures that involve nanospaced SFs without forming another phase as mentioned above. We will now embark on their discussion next.


Systems Containing LPSO Phases

The earliest observation on LPSO in Mg alloys may be ascribed to the report by Luo et al. (1994) on Mg–Zn–Zr–RE system. Many studies also refer to the report by Kawamura et al. (2001) as the precursor study on LPSO phases. Although neither the term LPSO was mentioned nor their morphology presented in that study, superior room and high temperature strengths, relatively good deformation capacity, and high strain rate superplasticity were reported for Mg–Zn–Y system. Later on, the alloys forming LPSO phases proliferated and generally expressed as Mg–TM (transition metal)–RE systems (Zhiping et al., 1994; Yokobayashi et al., 2011a,b; Kishida et al., 2012, 2013; Xu et al., 2016). Existing literature on alloys involving LPSO phases collectively reports high strength (Kawamura et al., 2001; Hagihara et al., 2010a,b) and improvement in deformation capacity, as well as in creep (Hu et al., 2016; Xu et al., 2016) and corrosion resistance as common characteristics, as compared to AZ31, WE43, ZK60, and ZX60 (Xu et al., 2016) alloys. These improved mechanical properties were generally achieved with small additions of Zn and RE, for example, 1 at.% Zn−2 at.% RE (Nie et al., 2005; Liu et al., 2008; Gao et al., 2009; Egusa and Abe, 2012).

Long-period stacking order precipitates that can exist at the grain boundaries, as well as intragranularly, are classified into two types, one that forms during solidification, and the other upon annealing (Kawamura and Yamasaki, 2007; Li et al., 2018; Sato et al., 2018). It should be noted that, alloy composition permitting, the entire grains are composed of lamella of LPSO together with bands of α-Mg, while LPSO precipitates along the grain boundaries can also be present. Thus, the material, due to formation of LPSO structures, carries many FCC layers in each grain (Kim et al., 2016). Building blocks of LPSO phases should be envisaged as SFs located between Shockley partial dislocations of α-Mg phase (Zhu et al., 2009, 2010a,b; Kim et al., 2016, 2017).

The classification of the crystal repetition of such layered structures goes back to the earlier work by Ramsdell (1947). In earlier classification of LPSO phases, the 10H (Matsuda et al., 2005; Abe et al., 2011; Hagihara et al., 2016), 18R (Kawamura et al., 2006), 14H (Itoi et al., 2004; Hagihara et al., 2010b; Abe et al., 2011; Egusa and Abe, 2012; Zhu Y. M. et al., 2012; Jin et al., 2013; Nie et al., 2014), and 24R (Abe et al., 2011) polytypes emerged, corresponding to 5, 6, 7, and 8 layers in structural blocks, each being a close-packed plane stacked in the direction of the c-axis of α-Mg crystal. Recently, an extended series have been expressed (Li et al., 2018) as 6H (now known as a building block of 18R) (Abe et al., 2002; Ping et al., 2002; Amiya et al., 2003), 10H, 14H, 15R (Mi and Jin, 2013), 18R, and 24R. Some metastable LPSO phases were also revealed by the work of Kim et al. (2016). In this notation, H stands for hexagonal, and R for rhombohedral symmetries of the Bravais systems, whereas the number refers to the number of repetitions of the structural blocks (SB) (Kim et al., 2016), each of which essentially may also be seen as having HCP stacking involving SFs. The 4 polytypes can essentially be described by a structural unit composed of AB stacking followed by a C fault layer. This fault layer is enriched in Zn and RE atoms (Egusa and Abe, 2012; Kim et al., 2017). Thus, the final ordered stacking, including the fault layer, makes up a local FCC, that is, ABCA stacking, and also shows chemical ordering perpendicular to the fault, that is, basal planes in α-Mg. As such, the workings of the system are reminiscent of Suzuki segregation and ordered segregation of the solute elements to twin boundaries as previously discussed.

The precise deciphering of the stacking sequences in 4 major types of LPSO phases in materials prepared via rapid solidification techniques has been given by Matsuda et al. (2005) and Egusa and Abe (2012) as follows: The 10H and 14H, both carrying mirror symmetry with respect to the basal plane, show stacking sequence of ABACBCBCAB and ACBCBABABABCBC, respectively. 18R and 24R, not carrying mirror symmetry with respect to the basal plane, have stacking sequence of ABABABCACACABCBCBC and ABABABABCACACACABCBCBCBC, respectively. It has been shown that 18R and 14H are stable at high and low temperatures, respectively, whereas 10H and 24R phases are not stable in every alloy system (Kim et al., 2018a). Furthermore, 14H and 18R are the most frequently observed ones (Lv et al., 2014), with the 18R showing a tendency to transform into 14H upon heat treatment or hot deformation (Oñorbe et al., 2012; Zhu Y. M. et al., 2012), as 14H appears to be energetically preferable one among the others (Kim et al., 2016). This transformation from 18R to 14H was reported to be accompanied by a decrease in SFE (Fan et al., 2011; Lv et al., 2014; Kim et al., 2016).

Long-period stacking order phases are further complicated by in-plane ordering in 14H and 18R types (Kishida et al., 2015; Kim et al., 2018b). This complication manifests itself with the presence of L12 type clusters, and the order is violated in one dimension, leading to the definition of order-disordered crystallographic structure in some Mg–TM-RE alloys (Yokobayashi et al., 2011a; Okamoto et al., 2014; Iwatake et al., 2015; Kishida et al., 2015, 2017). The in-plane order may be a long-range type as in Mg–Al–Gd system (Kimizuka et al., 2013; Tane et al., 2015; Kim et al., 2018b) or may be composition dependent as in Mg–Y–Zn system, being present more locally in relatively dilute alloys, and long-range type in richer Mg–Y–Zn alloys (Egusa and Abe, 2012). It has been suggested that LPSO formation is essentially governed by formation of Zn6RE8 clusters, with Mg atoms being substitutes for RE atoms (Egusa and Abe, 2012). This in-plane ordered clusters were reported to have an important effect in determining the elastic properties of the LPSO structure and, in turn, influence the properties of the alloy (Kimizuka et al., 2013; Tane et al., 2015; Kim et al., 2018b). Another important effect of LPSO phases is inhibition of the dynamic recrystallization toward maintaining small grain size. This has been attributed to the suppression of dislocation numbers due to creation of many SFs on the basal planes (Lv et al., 2014). 14H LPSO has been reported to be more effective in this regard as compared to 18R (Lv et al., 2014).

The formation and growth mechanism of LPSO structures were investigated incorporating ab initio calculations (Zhu Y. M. et al., 2012; Kim et al., 2016). Kim et al. (2017) suggested a coupled diffusional and displacive transformation mechanism involving formation of GP zones and their transformation to LPSO structures as opposed to the formerly proposed spinodal decomposition model (Iikubo et al., 2013; Narita et al., 2013). According to their model, a Zn/Y-enriched layer was defined as the precursor of LPSO structure in lean Mg–Y–Zn system and termed as GP zones. Indeed, the term fits well as these zones fulfill the criteria of being chemically ordered and coherent with the matrix. At the stage of GP zones, it was shown that no stacking alterations in the HCP arrangement of the basal planes of α-Mg took place (Kim et al., 2017). This primary step constituted the diffusional part of their suggested “coupled diffusional-displacive transformation” mechanism. In the following displacive step, LPSO structure is formed by generation and propagation of Shockley partials. Although in the original model the coherency strains were not mentioned explicitly, one can assume that the existence of such strains at precipitate–matrix interface, as in conventional GP zones, is inherent and facilitating the process. Formation of GP zones lowers the SFE paving the way for the formation of Shockley partials, at which stage the coherency stresses are substituted by the shear strains due to the partial dislocations (Kim et al., 2016). Different types of these GP zones were said to lead to different LPSO structures, in terms of both chemical and structural ordering, and to be composition dependent (Kim et al., 2017). Several other studies also reported GP zones in Mg alloys (Ping et al., 2003; Oh et al., 2005; Nishijima et al., 2007; Saito et al., 2010; Lee et al., 2011).




QUASI-CRYSTAL FORMING SYSTEMS

Formation of quasi-crystals in Mg alloys may be viewed as an extension of the assessment of the potential for intermetallics through Miedema's scheme.

Quasi-crystals were discovered by Shechtman et al. (1984) in a rapidly solidified Al–manganese alloy. This discovery in 1984 was later awarded with Nobel Prize in 2011. Since then, other systems also have been found to exhibit quasi-crystal formations.

Quasi-crystals are essentially topologically closely packed intermetallics, also known as Frank–Kasper phases. Thermodynamically stable (Abe et al., 2000) icosahedral (i-) (Kounis et al., 2000) and decagonal (d-) phases were obtained. However, they are different from the true topologically close pack structures as they do not comply with the space-filling Bravais lattices. Instead, they possess a long-range quasi-periodic order without the translational periodicity in three dimensions, showing forbidden rotational symmetry in diffraction, that is, 5-, 10-fold, and so on.

The first quasi-crystal forming Mg system, Mg–Zn–(Y, RE), was reported by Luo et al. (1993). It is now known that Mg–Zn–Al, Mg–Al–Cu/Ag/Au, Mg–Al– Zn–Cu, Mg–Al–Pd, and Mg–Cd–Yb alloy systems can form quasi-crystal phases (Yadav and Mukhopadhyay, 2018). Quasi-crystalline phases themselves have interestingly low frictional properties, high hardness and oxidation resistance, low thermal conductivity, and so on (Dubois, 2012).

It is interesting to note that once again Mg–TM–RE system, as for LPSO structures, is at the forefront in the case of quasi-crystal forming alloys. The icosahedral i-phase was obtained in Mg–Zn–Y system through normal casting conditions. Formation of quasi-crystalline phases in this system has been said to exhibit a relatively large compositional range, as well as casting process parameters (Zhang et al., 2008). Zhao and Wang (2016) reported quasi-crystalline formations with 22 kinds of different morphologies obtained through different cooling processes in Mg–Zn–Y system. High strength values up to 450 MPa were reported for this system (Bae et al., 2001).

An important outcome of their properties is that, because of their low interfacial energy, quasi-crystals are stable strengthening particles in Mg alloys (Bae et al., 2002). Therefore, we may expect to see an increasing trend in their use.



A COMPETITOR TO RARE EARTH ELEMENTS? CALCIUM CONTAINING ALLOYS

The effect of Ca in Mg is similar to REs according to Miedema's model. Benefit of Ca may be summarized as follows: reduces the tension/compression asymmetry, refines grain size (Jiang et al., 2015), increases creep resistance (Ninomiya et al., 1995; Terada et al., 2005; Amberger et al., 2009), and reduces stress relaxation (Abaspour et al., 2016) and deformation texture (Stanford, 2010; Wang T. et al., 2014). An important issue is that all these benefits of Ca addition work in AM and AZ series commercial alloys. By combined addition of Ca and Sr, some commercial alloys were also developed such as ACX or AXJ series (Suzuki et al., 2004, 2008; Luo et al., 2007; Zhu et al., 2015).

Reported ab initio calculations of GSFE due to Ca addition are again not in unison as expressed before. For example, according to the majority of the literature (Wang et al., 2013; Shang et al., 2014; Zhang et al., 2014; Yuasa et al., 2015; Dong et al., 2018), Ca decreased γUSF of Mg. Yet, in one study (Moitra et al., 2014), Ca increased the GSFEbasal of Mg (γUSF) in <11[image: image]0> slip indicating a strengthening effect equal to that of Gd, while Ce reducing it as RE elements. Whereas for another slip direction in basal plane, although lowering the SFE of pure Mg (γSF) and allowing for formation of an SF, Ca is more prohibitive as compared to Gd and Ce, for dislocation dissociation with much higher GSFEbasal in <10[image: image]0> slip. Reported trends were in better agreement on the effect of Ca in lowering the GSFEprismatic of Mg (γUSF) in the {10[image: image]0} <11[image: image]0> slip system, being almost equal to those of Gd and Ce, indicating facilitation of dislocation generation. As to the pyramidal slip, Zhang et al. (2014) reported a decrease in GSFE of {11[image: image]2} <11[image: image]3> due to Ca, Gd, and Y to varying degrees.

From the above given account based on GSFE values, Ca falls no short of RE elements. The solid solution effect of Ca may also be viewed from the perspective of SRO effects. Calcium with its low electronegativity difference with Mg is likely to form a type of SRO similar to that in Mg–Y(RE), that is, hybridized bonds. Such elements are evidently more potent in improving the strength (Abaspour et al., 2016).

When added to AZ series, it was said that Ca in the Mg17Al12 eutectic phase increased the melting temperature of this otherwise insufficient-for-creep-strength phase, enhancing the strength of the Mg–Al bond (Min, 2003). Depending on Al/Ca ratio, Ca addition also leads to formation of Laves phases, namely, Al2Ca, Mg2Ca, and (Mg, Al)2Ca (Chai et al., 2018; Zubair et al., 2019). Among the Mg17Al12-, Al2Ca-, Mg2Sn-, and Mg2Ca-type intermetallics, based on the calculated enthalpy of formation and binding energies, Al2Ca was found to be the most stable one (Wang et al., 2016).

RE elements are expensive, and therefore, it is desirable to find alloy compositions that can perform at least to the same level as those involving REs. Calcium is the best economic alloying element that can compete with the good-for-all-illnesses-of-Mg, the RE elements, as it seems to provide remedies for a number of shortcomings and anomalies of Mg alloys (Abaspour et al., 2016; Guan et al., 2019). Furthermore, it has been shown that Ca addition conferred arguably the most attractive property to Mg, that is, protection of the melt against atmospheric corrosion, eliminating the need for a protective gas cover (Kim, 2011) during secondary melting. In fact, calcium oxide (CaO) addition for this purpose, as an easier, and if not more, equally successful metallurgical option, may further compel researchers to examine the effects of Ca in a wider spectrum of Mg alloys as CaO would open the way to Ca entry into the melts. Therefore, as one of the highlights of the past two decades, we will also scrutinize the topic of CaO addition next.


CaO Addition to Mg—Improvements in Melt Protection and Corrosion of Mg Alloys

CaO addition may just be taken as one of the most important advancements over the past two decades regarding melt protection and imparting corrosion resistance to the conventional Mg alloys. It was shown that CaO addition by 0.3–0.7 wt%, without changing the basic microstructure except for grain refinement, singlehandedly conferred perhaps the most attractive property to Mg and to its conventional alloys in the AZ series, that is, protection of the melt against burning (Kim, 2011).

Figure 8 (Rafiei et al., 2018) shows the surface of a cast Mg without any protection during melting. Without CaO addition, a severe burning and oxidation would be imminent within a matter of seconds, now resulted in a surface with silvery metallic shine, as was observed in a number of AZ series alloys (Kim, 2011). This ecologically friendly metallurgical practice, as emphasized by the foremost proponent of this method, Kim (2011), further encompasses many other additional benefits, for example, metal cleanliness, grain refinement, and, consequently, improved mechanical properties and recyclability. The outcomes of CaO addition are expected to be particularly beneficial for the wrought Mg alloys, for which the processing route starts with billet or ingot castings (Kim et al., 2007).


[image: Figure 8]
FIGURE 8. Photomicrograph showing the effect of CaO addition on melt protection. Silvery surface shine of a cast Mg-0.4Al-1CaO (wt%) alloy piece solidified without protective gas (reproduced with permission from Rafiei et al., 2018; https://www.civilica.com/Paper-IMES12-IMES12_010.html).


Exploration of the possibility of using CaO addition can be traced back to the preceding work by Sakamoto et al. (1997), reporting that Ca in pure Mg was increasing the flammability resistance. However, handling Ca industrially is a difficult and expensive operation. Moreover, Ca addition as a means for melt protection, although successful, has been reported to alter both the material properties, as well as the processing parameters employed, whereas CaO was doing the same job equally well arguably without releasing substitutional Ca into the solid solution (Kim, 2011; Lee and Kim, 2011a). Other already foreseen difficulties in Ca addition were mentioned as decreased in metal fluidity, increased die sticking, and problems related to utilization of Ca-containing scrap (Kim, 2011; Lee and Kim, 2011b).

The initial addition of CaO to Mg melt is a rather slow process, during which melt protection using a protective gas cover would still be needed (Kim et al., 2007; Lee and Kim, 2011a,b). Once added, otherwise an insufficient N2 gas cover (Holtzer and Bobrowski, 2008) was claimed to do the job effectively in the secondary melting operations.

Initially, there was a contradiction, not on the outcomes of CaO addition but as to what happens to CaO in molten metal. First, CaO was supposed to be more stable than MgO according to Ellingham diagrams (Brain and Knacke, 1973). Second, in some reports, it was stated that CaO dispersed in pure Mg and AZ series alloys (Huang et al., 2004; Ha et al., 2008; Kondoh et al., 2011; Nam et al., 2012). It was also claimed that CaO was not to survive during solidification but to transform into Mg2Ca phase in pure Mg (Ha et al., 2006) and into Al2Ca, and/or (Mg,Al)2Ca, if added to AZ series (Kim, 2011; Lee and Kim, 2011b). The first issue was resolved by a thermodynamic analysis, showing the possibility of CaO dissociation against the formation of Mg2Ca Laves phase (Kondoh et al., 2011). The second issue, via a TEM study on AZ31 (Jeong et al., 2013), was also resolved, showing that survival of CaO particles could be attributed to the solidification rate and that the difference between Ca and CaO additions lies in the agglomeration tendency of the intermetallics in CaO-added cases. A following in situ study (Wiese et al., 2015) also confirmed CaO dissolution that even started in solid state and increased until melting.

CaO addition was also proven useful in increasing the ignition temperatures of pure Mg and AZ series alloys, lessening concerns about safe handling of machining chips (You et al., 2000; Lee and Kim, 2009a,b, 2011b; Kim, 2011), as well as paving the way for use in aviation applications. An earlier study also reported this improvement in Ca-added Mg. Although the ignition temperature decreases with increasing Al content with a corresponding decrease in melting temperatures for AZ alloys, it was shown that CaO addition in all AZ series, MRI153, MRI230, and AS21 alloys, led to increasing ignition temperatures. A noteworthy example was the remarkable figure of 1,177°C for AZ31 with 1.22 wt% CaO (Kim, 2011). In addition to the flammability findings, general corrosion resistance of Mg and AZ series alloys was also reported to have benefited greatly from the addition of CaO (You et al., 2000; Lee and Kim, 2009a,b; Kim, 2011). The conclusion arrived was that the Al content had an adverse effect, and the total amount of Ca-bearing phases was the determining figure for the ignition temperature (Lee and Kim, 2011b).

The oxide film forming on the CaO-added Mg and Mg alloys was said not to conform to the Pilling–Bedworth (Pilling and Bedworth, 1923) theory that requires no volumetric change between the unit metal and the oxide phase replacing it for formation of a protective oxide film. According to the Pilling–Bedworth theory, pure Mg forms an unprotective MgO as the related R value is less than unity, being only 0.83, whereas CaO has even a worse figure of 0.78. It appears that these figures, as they may not represent the case for a mixed oxide, are counterintuitive to explain the improvement in the case CaO addition. Although a dense oxide film formation (Lee and Kim, 2011b) was assumed to explain the protective effect of CaO addition, the nature of this phenomenon in terms of structure of the surface oxide requires further exploration.

It is fair to say that much work is still needed to understand whether such use of CaO is universally applicable for all, and especially for the potentially useful novel Mg alloys of the future, and in terms of suitability to different popular production methods. For example, a twin-roll-casting study (Li et al., 2010) showed that both Al and Ca contents deteriorated the surface quality of the product in AZ series alloys. The fact that Ca-containing complex intermetallics were found in CaO-added structures should also be taken to indicate this necessity for a more comprehensive research on alloys involving elements having the potential to form precipitates with Ca.




CONCLUSIONS AND SUGGESTIONS FOR FUTURE WORK

Stacking fault energy changes due to addition of solute atoms into a host system are not straightforward to understand. On the other hand, Miedema's model leads to a better understanding of the free electron density distribution and the consequent SFE changes presented by the ab initio calculations. The fundamental terms of the atomic-level thermodynamic expression given by Miedema, that is, nWS (density of electrons at the boundary of the two atomic cells, Wigner–Seitz cells) and Φ* (the difference in chemical potential for electrons or equivalently the difference in electronegativity, or difference between the work functions), have been shown to be related to SFE in binary systems.

The qualitative relationship of those terms in Miedema's model with SFE shows that the employment of work function measurements (e.g., Kelvin Probe Force Microscopy) is possible to, at least, qualitatively assess the influence of the extra alloying elements into an alloy system with reference to a pure or binary system. Thus, a qualitative assessment of the changes in SFE in multicomponent systems can be undertaken readily when experimentally developing new alloys. This point may be appreciated better when considering the fact that ab initio calculations in multicomponent systems are currently not feasible.

Furthermore, it seems reasonable to indicate the need to extend the atomic-level thermodynamic assessment according to Miedema's approach to multicomponent systems. This difficult task would then facilitate a more complete evaluation and allow predictions in terms of precipitate forming multicomponent alloy systems, especially in terms of those that form LPSO phases or quasi-crystals.

The concept of SRO indicates the possibility of designing dilute alloy systems with desirable engineering properties. This concept also indicates the possibility to alter the freezing range of alloys with dilute additions; that is, strong SRO may expand the freezing range, as a critical parameter for casting operations such as twin roll casting. There appears to be sufficient literature that warrants further studies to explore the types of SRO through first-principles calculations, which include DOS computations. Our evaluation of the existing literature has indicated that two types of SRO can be expected depending on whether hybridization occurs in electron sharing between neighboring atoms. Miedema's geometric scheme also shows such categorization for binary alloys of Mg in terms of upper (north) and lower (south) sectors in a plot of nWS vs. Φ*.

The case of dilute levels of oxygen in Mg, or in other metals, presents a particularly interesting example in this regard. Presence of trace amounts of oxygen in different Mg alloy systems deserves attention.

The highly useful addition of Ca/CaO needs to be examined in a broader perspective in terms of its melt protection and the probable concomitant precipitation effects, as well as influences on castability or other processing techniques.

It should be indicated that some Mg alloy systems, such as those involving LPSO phases or quasi-crystals, and those containing Ca or dilute amount of oxygen have been developed, which offer superior engineering properties and solutions to the relatively problematic features of Mg. A steady increase in the use of Mg alloys can therefore be expected.
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Novel magnesium-based materials are ideal candidates for use in future aviation vehicles because they are extremely light and can therefore significantly increase the range of these vehicles. They show very good castability, are easy to machine and can be shaped into profiles or forgings to be used as components for next generation aerial vehicle construction. In the case of a large number of identical components, high-pressure die casting of magnesium alloys is clearly superior to high-pressure die casting of aluminum alloys. This is due to the lower solubility of iron in magnesium and thus tool/casting life is significantly longer. In addition, the die filling times for magnesium high-pressure die casting are approximately 30% shorter. This is due to the lower density: aluminum alloys are approximately 50% heavier than magnesium alloys, which is a significant disadvantage for aluminum alloys especially in the aerospace industry. There are cost-effective novel die casting alloys, besides AZ91 or AM50/60 such as DieMag633 or MRI230D, which show very good specific strength at room and elevated temperatures. In the case of magnesium-based wrought alloys, the choice is smaller, a typical representative of these materials is AZ31, but some new alloys based on Mg-Zn-Ca are currently being developed which show improved formability. However, magnesium alloys are susceptible to environmental influences, which can be eliminated by suitable coatings. Novel corrosion protection concepts for classical aerial vehicles currently under development might suitable but may need adaption to the construction constraints or to vehicle dependent exposure scenarios. Within this mini-review a paradigm change due to utilization of new magnesium materials as drone construction material is briefly introduced and future fields of applications within next-generation aerial vehicles, manned or unmanned, are discussed. Possible research topics will be addressed.
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INTRODUCTION

Lightweight materials such as magnesium and its alloys are of great interest for the industrial sector. Potential applications can be found in the automobile industry and in civil engineering as structural components (Dieringa and Kainer, 2013), in batteries as anode material (Deng et al., 2018; Höche et al., 2018) and in medical engineering as biocompatible, resolvable implants (Kirkland, 2012; Luthringer et al., 2014). The aspects of applying magnesium based materials in vehicle concepts have been widely discussed (Dieringa et al., 2007; Dieringa and Kainer, 2009; Dieringa and Bohlen, 2016) with the result that functionalizations of magnesium alloys are feasible (Xianhua et al., 2016). Thus, it is reasonable to think about application of novel magnesium based materials to construct additional vehicle components e.g., for a quadcopter or other next generation aerial vehicles, if they meet technical and economic constraints.

Typically, drones are classified according to weight or flight range (Weibel and Hansman, 2004; Arjomandi et al., 2006; Brooke-Holland, 2012; Dalamagkidis, 2015). Of these weight or flight range classifications, improvements to ultra-light-weight drones is an ultimate goal to achieve. Presently drone materials are very often composites as sandwich panels applying fiberglass, graphite fiber or aramid based systems as skin and reinforcement materials, and foams mostly based on polymers as panel core materials (Fahlstrom and Gleason, 2012). Such systems are already established within aviation sector and just need to be applied. For example, the City-Airbus, the Lilium-Jet (Lilium, 2018) or Volocopter aiming to conquer the air taxi sector construct their vehicles with CFRP concepts. Generally lightweight vehicle constructions require a high strength to weight ratio with the ability to adapt shapes onto aero- and flight dynamical requirements. In this context, morphing materials are of great interest and might bring constructional aspects to the limit (Sun et al., 2016; Goh et al., 2017). Despite this trend there is a lot of space to use new magnesium alloys, such as DieMag633, MRI230D (Gavras et al., 2019; Tu et al., 2019), Mg-Zn-Ca based (Pan et al., 2016; You et al., 2017; Tu et al., 2019), magnesium based foams (Kucharczyk et al., 2017) or high strength AM60 + 1AlN nanocomposites (Dieringa et al., 2017; Malaki et al., 2019). Particularly with regards to manned aerial vehicles (MAV’s) or even air-taxis which might become very expensive and not environmental benign if they are conventionally designed. The application of magnesium in recent aerial vehicles is a first step. For example, the commercially available DJI Inspire 2 unmanned aerial vehicle (UAV), has an AZ91 housing. The DJI Mavic Air applies brackets based on AZ91. The Phantom 4 Pro V2.0 quadcopter applies a titanium magnesium hybrid structure to achieve maximal rigidity of the airframe for excellent maneuverability1. Obviously, based on this existing experience, there is a lot of potential in conceptional design approaches using magnesium materials. Possibilities going beyond this need to be further explored.



AERIAL VEHICLE COMPONENTS

Design of unmanned aerial vehicles and manned aerial vehicles follow the well-established construction criteria of aircraft industry. However, this does not mean that there is no space for innovation and novel thinking. Considering the price developments (Q4/2020 at 2.55–2.70 $/kg Source: Platts Metals Week) but also enhanced manufacturing capabilities Mg based components might replace vehicle components and attachments (e.g., camera housings) but also on structural level.

The structure of a typical UAV consists of basic subsystems. All those components typically do not mainly differ in their function from conventional aircraft concepts but might be adapted. The most important are listed:


- The fuselage including stringers, the skin (coated), longerons (longitudinal structural members reinforcing the skin), and some bulkheads can be made from many lightweight engineering materials.

This can be impregnated fabrics, standard AA2024 structures or many other composites (CFRP, GLARE, etc.). Components for the fuselage can be made of magnesium alloys. These are, for example, sheets for the outer skin made of AZ31 or aluminum-free ZE10. The latter shows excellent forming properties and a reduced texture. Frames and cross members can be made of AM60 by high-pressure die casting. Any further fairings (and filets) can still be made of Al alloys or respective foils.

- The wings including the spars (mono and multi), ribs, stiffeners, and the skin in 2, 3, or 4 rotor systems (sheathed and unsheathed) are structural parts as well and critical loads are transferred to the fuselage by a topological designed beam or truss structure. Materials in use must be light but also stiff and limit vibrations. However, using current lightweight materials such as CFRP leads to structures being more flexible than desired. Thus, additional effort is necessary to limit the deformations—one example for that are truss braced wings (see e.g., Scott et al., 2016). Instead, extruded profiles of wrought magnesium alloys could be used here for the load-bearing structures; they show yield strengths of up to 300 MPa. Cast components for wing and spar construction made of AZ91 or AM60 could be used as ultralight structural components here as well.

- The tails (horizontal and vertical) very often are made of carbon- or glass fiber materials applying resins, wax and hardeners with foam cores.

- The rotor blades are mostly made of composite materials involving impregnated fabrics. Especially for UAV’s which are used for civil applications in urban areas, an outer ring housing the rotor blades is necessary in order to prevent people and animals from accidental collisions and to reduce noise. This ring might be made of magnesium or magnesium alloys because this material may better withstand collisions with both the built environment and moving objects such as other UAV’s. Additionally, the damping properties of such Mg based systems are excellent.

- The engine/powertrain group consisting of for example pylons, inlet, supports, etc. does not follow the classical turbine design with Ti- or Ni based alloys. For UAV’s like quadcopters electrical engines depending on battery power are required, where it should be mentioned that battery mass is a problem. Casings or heads of piston engines are often made of cast aluminum but might be replaced by Mg based materials. Ti alloys or steels are other options if the situation (temperature, etc.) requires countermeasures. Magnesium alloys for higher temperatures are available, as well, although they are often more costly (AE-series, DieMag-series, AJ-series) (Gavras et al., 2019).

- The landing gear (and if required, its bay door) can also be part of the structure especially for MAV’s. It has to take up high loads and can already be made of carbon composites or simply AISI 300M steels.

- It should be noted that the dies for applying the forming processes mentioned above may also be made from ultra-high performance concrete (UHPC) (see e.g., Kleiner et al., 2008), which may lead to economic gains. This holds especially for low and medium contoured part shapes. For producing parts with small radii, the UHPC dies should be additionally confined or reinforced (see also Kleiner et al., 2008).





DRONE CONSTRUCTION MATERIAL REQUIREMENTS

Material selection especially for aerospace vehicles has been introduced by Arnold et al. (2012) based on Ashby (2010). The structure and its materials have to ensure the functionality of the drone. They have to keep the aerodynamics of the UAV and carry the occurring loads at any time. Thus, structural components are constructed following the lightweight design rules (e.g., high Youngs modulus/density ratio E/ρ, etc.; Arnold et al., 2012) as shown in Figure 1, whereas safe design in c) has special emphasis for manned vehicles. Here the most common material is aluminum, followed by composite materials, such as glass/epoxy and carbon fiber. Surprisingly, magnesium based materials such as magnesium based metal matrix nanocomposites (MMNC’s) are yet not in use despite their very good potential. Some of these Mg-MMNC’s show excellent properties caused by only small additions of ceramic nanoparticles. The great advantage of these materials is that the nanoparticles not only increase mechanical strength (by grain refinement or Orowan strengthening), but also increase ductility (Dieringa, 2011; Dieringa et al., 2017).
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FIGURE 1. Materials selection following Ashby for aerospace applications (based on Granta-design data). (A) Stiffness limited, (B) strength limited, and (C) safe design as proposed by standard structural design concepts, whereas the bottom-right diagram (D) shows the product of previous mechanical parameters vs. the product of non-physical properties like the material price, the carbon dioxide footprint and the reciprocal of recycling fraction.


The structural members are designed to carry the flight loads or to handle stress without failure. In designing the structure, the entirety of the wing and fuselage must be considered in relation to the physical characteristics of the material of which it is made. Every part of the structure is engineered to carry the load which is applied on it. The structural designer has to determine flight loads (including bird strikes) and other loads, calculate stresses, and design the structural elements such as to allow the UAV components to perform their aerodynamic functions and durability requirements efficiently. This goal will be considered simultaneously with the objective of the lowest structural weight.

The entire airframe and its components are joined by rivets, bolts, screws, and other fasteners. Welding, adhesives, and special bonding techniques are also employed. In order to enhance the delamination toughness of e.g., CFRP laminates, techniques such as z-pinning are investigated (cf. Mouritz, 2007). Additionally, composite materials with enhanced delamination toughness such as GLARE are of scientific interest (see Rittmeier et al., 2018). The most common design of UAV structure is semi- monocoque (single shell) which implies that the respective skin is stressed and thus needs to be reinforced.

Structural parts of UAV’s are subjected to: (1) tension, (2) compression, (3) torsion, (4) shear, and (5) bending. Typically, a single member of the structure is often subjected to a combination of the resulting stresses. It is worth mentioning that the UAV is subjected to time-harmonic loads (i.e., due to vibrations induced by the engine) and impact loads (e.g., during the landing phase, due to bird strikes or impacts such as the Hudson River landing in 2009). Additionally, fluttering as well as limit-cycle oscillations due to wind loads is a major issue. Hence, the design principles known from e.g., aeronautical applications or wind power plants are a good starting point when designing UAV’s. A major issue in designing lightweight-structures from composite materials is that these structures tend to delaminate. Although there are substantial contributions to prevent structural elements from delamination, this problem is not yet solved. Promising approaches to increase delamination toughness can be found in the literature (e.g., Mouritz, 2007; Rittmeier et al., 2018). However, by suggesting magnesium based construction materials for e.g., quadcopter drones, the authors believe that the potential problem of delamination can be circumvented. This advantage holds for the drone’s skin and bulkhead, which are also subjected to lateral loads. Structural members such as frames and longerons are mainly loaded longitudinally and consequently can be treated as rods in most cases (cf., Rothert and Gensichen, 1987). Using lightweight configurations made of composite materials mentioned above has another effect: the respective structures are getting more flexible. Thus, scientific effort is necessary in order to reduce the resulting deformations. For example, this led to the development of the so-called truss braced wing (see Scott et al., 2016). Again, the authors of the current contribution believe that the rigidity of structural members made of magnesium or magnesium alloys is sufficient to ensure moderate deformations and might improve acoustic emission profiles. Concerns about corrosion issues are not appropriate due to the existence of novel corrosion protection concepts (Lamaka et al., 2016; Dieringa et al., 2018) and the expected uncritical corrosive in-service exposure conditions.

Besides these mechanical and design aspects, the ecological footprint (Ehrenberger, 2020) and the social acceptance of the materials used in drone design is also of interest. Many contributions show the positive effect on fuel/energy consumption when using CFRP for MAV’s (see Timmis et al., 2015). The authors expect that similar conclusions hold for UAV’s and other lightweight materials such as magnesium or magnesium alloys. However, recycling of lightweight materials such as CFRP is challenging (Dong et al., 2018). In comparison, recycling of magnesium and magnesium alloys is quite well-understood. Additionally, magnesium and magnesium alloys can be separated easily from the other materials which is not the case for carbon in CFRP. Thus, from an ecological but also from an economical point of view the use of magnesium and magnesium alloys seems to be promising since the price and CO2 fingerprint are on the same level as aluminum. In a life cycle assessment study (Ehrenberger et al., 2013; Ehrenberger, 2020), it was shown that magnesium, which is primarily produced by electrolysis, has a better carbon footprint than aluminum from the production stage. Over the service life of a component, this advantage increases continuously due to its lower weight. In a comparison of aircraft components made of magnesium or aluminum, the slightly higher greenhouse gas emissions caused by the production of magnesium are compensated for after only a few flights by the fuel savings during flight.

The utilization of Mg based materials generally launches a fire risk discussion. A dedicated study on flammability of the material within aircraft fire tests (Marker, 2013) indicates that for example the behavior of the Mg alloy E21 does not significantly differ to aluminum alloys. Nowadays the SAE standard AS8049D paves the way toward utilization of novel Mg based materials (Czerwinski, 2014) at commercial cabin interiors.



THE MAGNESIUM BASED URBANE AVIATION VEHICLE—DESIGN

The use of magnesium in the aircraft industry has been an important topic since the beginning of aircraft construction. Even before the Second World War, a large number of magnesium parts were used in aircraft construction, including propellers and sheet metal for the outer skin (Reed, 1925; Beck, 1939; Hallion, 2017). During the Second World War, however, a great amount of magnesium was used to build aircrafts in Germany. Both the Messerschmidt Bf 110 and the Junkers Ju 88 used both die-cast and forged magnesium parts (small bell cranks, engine cowl flaps, large dive brake forgings) (DOW, 1941). The first all-magnesium aircraft was described in 1954 (American Aviation, 1955). The F-80C was characterized by a simpler construction of the wings, because considerably fewer components were needed, the number was reduced from 1,644 to only 508, which corresponds to a decrease of 69%. The lighter construction led to an increase of the maximum speed by 5 mph. After the war, the United States built the Convair B-36 bomber, an aircraft that was made of 10% magnesium (Jenkins, 2001) large parts of the outer skin and the control parts were made of magnesium alloys. In 1950 the Sikorsky S-56 Helicopter from Westland Aircraft Ltd., applied 115 kg magnesium. Furthermore, in the Sovjet Union in 1963 the TU-134 from Tupolev already had 1,325 parts made of Mg (Ostrowsky and Henn, 2007).

The operating flight loads limits on a UAV are usually presented in the form of a V-n diagram (airspeed and load variation diagram). Structural designers selecting Mg based materials will construct this diagram with the cooperation of the flight dynamics group. The diagram will determine the failure areas, and area of structural damage/failure. The UAV should not be flown out of the flight envelope, since it is not safe for the structures. The UAV structural design is out of scope of this mini-review. Detailed information can be found elsewhere (Megson, 2016).

Figure 2 shows the principles and an idea to design a hypothetical quadcopter mainly based on Mg-materials. The different requirements for the respective construction parts can be fulfilled by the materials in the boxes. They are:
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FIGURE 2. Possible Mg-based alloys/hybrid materials for application in aerial vehicle construction like a quadcopter. Exemplified sources for further information about the materials are a: Naghdi et al. (2016), b: Dieringa et al. (2004), c: Gavras et al. (2019), d: Dieringa et al. (2017).



• Rigid—such as MgZnCa wrought alloys with 306 MPa YS and 11% elongation (You et al., 2017).

• Vibration limiting—AM60 based nano composites with high ductility of 15.4% at RT (Dieringa et al., 2017).

• Creep resistant—such as novel DieMag alloys without rare-earth elements showing better creep resistance compared to commercial alloys and better high temperature yield strength than even aluminum alloy A380 (Gavras et al., 2019).

• High strength and thermally resistant—such as carbon fiber reinforced Mg MMCs up to 300°C (Dieringa et al., 2004).



Considering production and design aspects, it becomes obvious that besides efficient manufacturing- and surface technologies (computational based), topological design but also efficient joining technologies for Mg based parts are key enablers for this technology. It will require a concerted research effort and might also be a future market for additive manufactured parts made out of Magnesium.



CONCLUSION

Magnesium based materials can become an essential part of design concepts of UAV’s, especially if flight maneuvers require high rigidity and noise pollution become critical decision criteria. Also crash-worthiness is an aspect where magnesium has benefits. The authors are convinced that the economic advantages of using magnesium based materials in drone construction may be further increased if promising techniques such as e.g., performing sheet metal hydroforming by means of UHPC dies are applied. As compared to CFRP and related composite materials, magnesium based materials can be easier separated and recycled once the UAV’s reached the end of its service-life.

With respect to the title of this contribution and based on the precedent sections the authors thus are convinced that: Magnesium is—A drone construction material!
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EDS measurements
(norm. wt.%)

(wt.%)
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Al as rate limiting
element®
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#Addtion of Al—Be master alloy increases the Al concentration in the melt to 0.2 wt.9% max.
bAmount of Zr—Al phases are calculated by assuming that all dissolved Al is consumed to form the particular intermetallc phase.
“Free solute Zr left in the Mg—12r aloy calculated from the equiibrium solute content of 0.5 wt.%.

dCalculated from the total Zr (1.0 wt.%).

Amount of
Zr-Al phases
formed®

(wt.%)
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Amount of Zr
needed
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Free solute Zr
available®

(wt.%)

027

0.16
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Total Zr left
unaffected®
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As-cast
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0.049
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0.490
0410

Analyzed composition in wt.%

Zrr

0.053
5.350
0270
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0.660
0.990

*Percentage of solute in the respective alloy is calculated by (Zrs x 100)/0.5%.
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0.045
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0.004

0.008
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Fe
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<0.002
0.002

<0.002

0.002
0.002

Mn
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0.012

Ti
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0.003
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Be (ppm)
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Percentage
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rate (nm/s)
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Condition Time (h) Rg (2:cm?) Cp (2-7cm=2s") n; Rp (2:cm?) Cq (-Tcm=2s") n, Rg (2-cm?) Chi-squared Sum squared

As-cast 0 102.90 1.33E-05 0.84 297.00 4.04E-03 0.86 104.00 8.37E-04 0.12
1 100.00 1.48E-05 0.80 363.80 2.60E-03 0.38

3 112.30 3.26E-05 0.90 234.90 1.94E-03 0.28

6 114.10 4.24E-05 0.99 219.20 1.89E-03 0.28

10 119.00 5.51E-05 0.93 173.50 2.06E-03 0.30

16 110.00 4.16E-05 0.96 182.80 1.87E-03 0.28

24 114.50 3.49E-05 0.93 137.40 1.96E-03 0.28

36 117.50 3.65E-05 0.96 150.40 1.47E-03 0.21

Sol. treated 0 85.29 1.81E-05 0.82 244.00 4.47E-03 0.86 115.80 5.01E-04 0.07
1 88.73 1.78E-05 0.85 397.50 4.02E-03 0.78 287.50 4.33E-04 0.06

3 86.30 1.69E-05 0.85 456.70 5.04E-03 0.79 390.50 3.32E-04 0.05

6 90.21 1.62E-05 0.84 538.40 4.59E-03 0.81 418.40 4.83E-04 0.07

10 90.54 1.56E-05 0.85 640.10 5.05E-03 0.74 601.60 4.52E-04 0.06

16 89.12 1.43E-05 0.86 626.10 6.95E-03 0.81 359.30 7.04E-04 0.10

24 94.39 2.72E-05 0.88 490.60 3.29E-03 0.24

36 94.04 3.32E-05 0.84 593.70 2.14E-03 0.28

48 93.76 2.36E-05 0.82 693.10 6.08E-03 0.10

Heat treated at 200°C 0 88.81 3.05E-05 0.74 258.20 4.59E-03 1.00 68.02 3.95E-04 0.05
1 88.75 3.55E-05 0.76 443.30 6.20E-03 0.85 221.90 1.41E-04 0.02

3 96.06 4.02E-05 0.73 589.90 5.56E-03 0.85 346.90 1.41E-04 0.02

6 96.10 4.22E-05 0.73 702.40 4.78E-03 0.88 428.20 1.49E-04 0.02

10 99.68 4.27E-05 0.72 723.20 4.97E-08 0.85 479.40 2.77E-04 0.03

16 99.06 3.78E-05 0.74 751.80 4.72E-03 0.85 505.00 3.35E-03 0.48

24 97.23 3.756E-05 0.74 777.60 4.74E-03 0.82 570.70 3.47E-03 0.50

36 94.21 3.42E-05 0.76 828.30 4.40E-03 0.81 637.90 3.08E-03 0.44

48 101.80 3.36E-05 0.75 856.80 4.70E-03 0.77 713.00 3.33E-03 0.48

60 104.20 3.28E-05 0.75 802.50 4.72E-03 0.76 730.60 3.54E-03 0.51

72 101.90 3.24E-05 0.75 841.40 4.66E-03 0.77 768.50 3.59E-03 0.51

Heat treated at 300°C 0 109.20 1.16E-05 0.82 466.30 7.49E-04 0.10
1 113.20 9.33E-06 0.89 857.80 1.49E-03 0.84 594.80 1.17E-03 0.16

3 117.20 9.01E-06 0.90 871.20 1.96E-03 0.80 656.00 9.26E-04 0.13

6 117.30 8.88E—-06 0.90 959.90 2.02E-03 0.80 781.20 1.18E-03 017

10 121.80 8.67E-06 0.90 1053.00 2.05E-03 0.78 903.60 1.22E-03 0.17

16 114.90 8.31E-06 0.91 1023.00 1.83E-03 0.78 870.90 7.84E-04 0.11

24 113.20 8.39E-06 0.91 1058.00 1.71E-03 0.79 848.40 1.01E-03 0.14

36 116.60 8.25E—-06 0.91 1168.00 1.85E-03 0.77  1003.00 1.02E-03 0.15

48 119.70 8.11E-06 0.91 1225.00 1.97E-03 0.73  1126.00 7.50E-04 0.11

60 121.50 8.14E-06 0.91 1304.00 1.92E-03 0.73  1248.00 9.64E-04 0.14

72 119.60 8.24E-06 0.91 1311.00 1.76E-03 0.77  1141.00 9.49E-04 0.14

Heat treated at 400°C 0 100.70 2.28E-05 0.78 202.30 4.80E-03 0.86 85.98 1.51E-04 0.02
1 106.70 2.73E-05 0.78 357.70 5.35E-03 0.84 230.80 3.04E-04 0.04

3 104.30 2.85E-05 0.77 364.00 5.74E-03 0.88 193.60 2.88E-04 0.04

6 107.00 3.10E-05 0.75 330.70 6.53E-03 0.95

10 105.10 6.64E-05 0.87 191.90 1.14E-03 0.06

16 107.10 6.75E-05 0.87 168.20 1.45E-03 0.02

24 108.50 7.97E-05 0.83 166.20 8.73E-04 0.03

36 109.80 5.60E-05 0.78 136.60 1.04E-03 0.05
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Some significant values are highlighted.
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Peak force (MN) Force—middle Force—end
of profile (MN) of extrusion

(MN)
AZ31 (0.6 mm/s @ 300°C) 1.86 +0.01 1.15£0.06 0.90 £ 0.01
AZ31 (2.4 mm/s @ 300°C) 240 £0.03 1.28 £0.09 0.87 £0.01
ZX10 (0.6 mm/s @300°C) 257 £ 0.01 156+£007  1.20+001
ZX10 (2.4 mm/s @ 300°C) 258 +0.03 1.45+0.11 0.93+0.01
ZN10 (0.6 mm/s @ 350°C) 1.93 £ 0.01 1.39£0.07 1.06 £0.01

ZN10 (2.4 mm/s @ 350°C) 1.92 £ 0.02 1.29+0.08 0.90 £+ 0.01
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